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Abstract 

Magnesium (Mg) alloys with low concentrations of rare earth additions are known to exhibit strengths 

and ductility that are significantly higher than those obtained in traditional Mg alloys. However, the 

mechanisms that underlie these improvements are still open to debate. We assessed these 

mechanism(s) by carrying out in-depth analysis of the deformation behaviour in single crystals of pure 

Mg and a homogenized Mg–0.75 at.% Gd alloy oriented for twinning, pyramidal- and basal-slip. We 

observed a fivefold increase in basal CRSS, an eightfold increase in twinning CRSS and a fourfold 

decrease of the pyramidal/basal CRSS (P/B) ratio due to Gd addition. We also observed that while 

twinning and pyramidal slip activities were similar in the two material systems, basal slip was radically 

different.  Specifically, basal slip was planar in the alloy but wavy in pure Mg. Our work reveals that 

these observations are a consequence of Gd-rich short-range ordered (SRO) clusters in the alloy. We 

show that interactions between dislocations and the SRO clusters would lead to significant increases 

in strength and 〈𝑐 + 𝑎〉 slip activity, and consequently, ductility improvements in homogenized 

polycrystalline Mg-Gd alloys. 
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1 Introduction 

The utility of classical wrought Mg alloys, i.e. the AZ, ZK and AM series, in lightweight structural 

applications is limited by their comparatively poor room temperature ductility and low yield strength. 

The origin of the poor ductility has been partly traced to the strong plastic anisotropy of the hexagonal 

close packed (HCP) crystal structure of Mg [1]. Specifically, the low critical resolved shear stress 

(CRSS) of basal slip (~ 0.5 MPa) [2] together with the significantly high nonbasal/basal slip ratios ( 

60–100) [3-5] in HCP Mg promotes strong basal texture and consequently low ductility in these alloy 

systems. Conversely, various empirical [6-8] and computational efforts [9-11] indicate that 

low/medium concentrations of rare earth (RE) solutes in Mg weakens the deleterious basal Mg texture, 

and significantly enhances room temperature ductility and strength.  
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Different mechanistic models have been proposed to explain the enhanced ductility in Mg-RE based 

alloys. For instance, Wu et al. [12], argue that low concentrations of REs lower the activation energy 

barrier for the cross slip of pyramidal II dislocations to pyramidal I planes (∆𝐺𝑥𝑠), thereby 

circumventing the inimical pyramidal II-to-basal transition. The reduction of ∆𝐺𝑥𝑠 is thus accompanied 

by increased 〈𝑐 + 𝑎〉 activity, which provides the much needed 〈𝑐〉-axis deformation component that 

satisfies the von Mises criterion for homogeneous deformation in polycrystals, and consequently 

improved ductility [13]. However, experimental evidence provided later in this work does show 

remarkable similarity between 〈𝑐 + 𝑎〉 dislocations configurations in pure Mg and the Mg-RE alloy 

investigated herein; an indication that the lowering of the ∆𝐺𝑥𝑠 does not underlie the increased 〈𝑐 + 𝑎〉 

activity and correspondingly, the improved ductility associated with the Mg-RE based alloys. Other 

workers [14-16] suggest that the RE elements promote the reduction of the intrinsic stacking fault 

(ISF) energy, with the resulting stacking faults acting as heterogeneous nucleation sites for 

〈𝑐 + 𝑎〉 dislocations. However, Ahmad et al. [17] argues that the stresses required for the nucleation 

and existence of the prior ISF are not easily met and therefore unlike to occur. Yet another group of 

authors [18-20] propose that the large difference in atomic radius between RE and Mg atoms causes a 

strong solute drag effect, i.e. dynamic strain aging (DSA), which promotes texture weakening and 

enhances ductility in Mg-RE based alloys. However, it is highly unlikely that the enhanced room 

temperature ductility in Mg-REs is associated with DSA because experimental evidence only supports 

the occurrence of DSA in these alloy systems at elevated temperatures [18-21]. 

The foregoing discussion indicates that the mechanistic origin of the enhanced ductility in these alloy 

systems is still been debated. Additionally, whereas the solute strengthening potential of rare earth 

additions in Mg is well-established [22-24], the underlying mechanism(s) that govern strengthening in 

these materials systems are also yet to be fully established. For example, Miura et al.[22], who 

performed experiments on single crystals of Mg-REs argue that the atomic size mismatch theory for 

solid solution strengthening cannot sufficiently explain the strength observed in the alloy.  Other 

workers have also reached similar conclusions [10, 23]. Clearly, an understanding of these 

mechanisms is critical for the development of Mg alloys with improved ductility and strength. 

We observe though that investigations aimed at unravelling the mechanisms underlying the enhanced 

ductility have mostly focussed on the role of the REs in solid solutions. Yet recent microstructural 

characterization with aberration-corrected high-angle annular dark-field scanning transmission 

electron microscopy (HAADF-STEM) and various modelling efforts do confirm the existence of a 

wide variety of short-range ordered solute clusters, GP zones and precipitates in several Mg-RE based 

alloys [25-29]. Whereas these solute clusters and GP zones have been largely shown to occur during 
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the early stages of artificial aging, a few workers have reported the existence of a family of short-range 

ordered solute clusters in homogenized Mg-Gd alloys [25, 30]. Short range ordering (SRO) refers to 

the preferential local segregation of elements to specific sites within a lattice and over spatial 

dimensions that are in the order of a few interatomic distances.  SRO is known to cause significant 

strengthening in other metallic alloy systems because additional stress is required to destroy the order 

[31-35]. Accordingly, we expect that such solute clusters, if present, will have a strong influence on 

dislocation glide and/or twinning activities in Mg-Gd based alloys and by extension on their strength 

and ductility. It is therefore worthwhile to re-examine the influence of the REs with a view to 

determining whether such SRO clusters exist, establishing their structure and their effect on the 

mechanical response of these interesting alloy systems. 

In order to contribute to the discourse, we employed a Small Angle X-ray Scattering (SAXS) device 

to probe the microstructure of a homogenized Mg–0.75 at.% Gd alloy for the presence of solute 

clusters or GP zones. X-ray diffraction based methods record scattered intensities at small scattering 

angles thus making it an ideal tool for the characterization of nanoscale structural and morphological 

information of the scatterers, more especially when the concentrations are low. Similar measurements 

were also done in a 99.85 at.% pure Mg sample. Further characterization of the solute clusters was 

achieved with atomic-resolution High-Angle Annular Dark-Field Scanning Transmission Electron 

Microscopy (HAADF-STEM). We then carried out in-depth characterization of the dislocation–

obstacle behaviour in single crystals of both material systems oriented for twinning, basal-, and 

pyramidal-slip using a combination of microcompression testing and STEM measurements. Our 

observations provide new insights into the role of the REs in Mg alloy systems. 

2 Experimental procedures 

Both material systems, i.e. the 99.85 at.% pure Mg and the as-cast Mg–0.75 at.% Gd alloy, were heat 

treated at 450°C for 24 hours to promote homogenization and grain growth. The average grain size 

after the heat treatment was ~1 mm; this provided sufficient area for the subsequent fabrication of 

micropillars for microcompression testing.  

X-ray measurements of the homogenized samples were carried out in a Xenocs Xeuss 3.0 (SAXS) 

laboratory beamline. The samples were ground down to ~ 600 µm thickness in order to facilitate x-ray 

measurements in transmission. A microfocus tube with a molybdenum anode operating at 50 kV and 

1.0 mA served as x-ray source. The spot size on the sample was adjusted to 900 µm x 900 µm. The 

wavelength of 0.711 Å in combination with a sample thickness of 600 µm and a material consisting 

mainly of Mg results in a transmission between 65 and 70%. The SAXS device was equipped with a 
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DECTRIS PILATUS3 R 300K 2D x-ray detector with an increased efficiency for Mo x-ray radiation 

of ca. 70%. The chosen sample to detector distance was 200 mm and the total image size was 

1341x1210 pixels of 172 µm in size each assembled from 12 detector images at different lateral 

positions in order to cover the total size and eliminate the dead areas of the detector. The samples were 

mounted in a standard SAXS sample holder fixed with scotch tape. The SAXS signal of the scotch 

tape was measured separately with the same parameters and subtracted from the measured patterns.  

The high resolution HAADF-STEM measurements were done on a lamella excised from the alloy with 

a Ga+ focused ion beam and were performed in a Thermofischer-FEI Spectra 300 electron microscope, 

operated at 200 kV accelerating voltage. A scanning electron probe of 0.1 nA current and 27.5 mrad 

semi-convergence angle was focused to full-width-at-half-maximum (FWHM) of about 0.7 at the 

surface of the cross-section sample using spherical aberration correction. STEM images were recorded 

from less than 100 nm thin cross-section samples with an annular dark-field (ADF) detector collecting 

electrons scattered into the angular range between 63 mrad to 200 mrad. 

The samples used for the microcompression tests were prepared using standard metallography 

procedures. Afterwards, grains with index planes close to (0001), (101̅2), and (101̅0) planes, were 

identified in each of the material systems with electron backscatter diffraction (EBSD) method. These 

orientations were carefully chosen to ensure that 〈𝑐 + 𝑎〉 slip, 〈𝑎〉 basal slip and tensile twinning, 

respectively, primarily accommodated deformation. The angle, Φ, between the plane normal to these 

orientations and the c-axis, the corresponding Schmid factors, SF, and the expected slip/twin systems 

in these orientations are given in Table 1Error! Reference source not found..  

Table 1: Planes and Schmid factors (SF) of the tested orientations 

Mg-Gd Pure Mg 
Expected slip /Twin 

Φ (deg) SF Φ (deg) SF 

8 0.49 3 0.48 Pyramidal II 

52 0.45 54 0.45 Basal 

90 0.49 88 0.49 Tensile twin 

 

Annular micropillars with a mid-plane diameter of ~ 15µm were then fabricated in the selected 

orientations with a focused (Ga+) ion beam (FIB) operating in an FEI Nova 200 dualbeam FIB/SEM 

microscope. The large pillar sizes were chosen to minimize size effects, i.e. the smaller is stronger 

phenomenon, that is known to occur in many material systems, including Mg [4], during 
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microcompression studies of single crystals. All the micropillars had aspect ratios (height to mid-plane 

diameter) between 2:1 and 3:1 to prevent buckling. The microcompression tests, at least three for each 

orientation, were conducted at room temperature in displacement-controlled mode using a Hysitron TI 

980 Nanoindenter. All the microcompression tests were run to maximum strains between 7- 9% using 

a nominally constant strain rate of 5x10-5 s-1. An engineering stress–strain analysis of the load (𝑃)–

displacement (ℎ) measurements is applied herein, using the initial height and mid-diameter of the 

micropillars. Incipient plasticity is unfortunately a common feature in microcompression because of 

small misalignments between the micropillar surfaces and the flat punch indenter. This impedes the 

use of the conventional 0.2% strain offset criterion for the estimation of the yield strength. In view of 

this, we have adopted the approach for the estimation of yield strength from microcompression data 

prescribed by Kupka et. al [36]. Following their work, we define the yield strength as the stress at 

which the slope of the loading curve becomes less than 25% of the maximum loading stiffness 

(∆𝑃/∆ℎ). The maximum loading stiffness corresponds with the point of full contact between pillar 

and punch.  

Post mortem cross-sections used in the TEM examination were excised from the mid-section of the 

deformed pillars in both pure Mg and Mg-Gd with the FIB. Moreover, we excised cross sections from 

two orthogonal directions in the micropillars oriented for basal slip to facilitate a fuller virtualization 

of the dislocation structures. All the micrographs were taken in a Thermofisher-FEI Talos F200i 

microscope under various two-beam conditions in STEM mode. Besides, electron backscatter 

diffraction (EBSD) measurements were performed on the cross sections extracted from the 

micropillars oriented for twinning prior to final thinning for TEM measurement to establish the 

presence or absence of tensile twins.  

3 Results and analysis 

3.1 X-ray diffraction and HR-HAADF STEM measurements 

2D x-ray intensity maps of the homogenized pure Mg and Mg-Gd samples are presented in Figure 1(a) 

and (b), respectively. The lateral positions on the detector are already transformed into corresponding 

components of the scattering vector, Q, since the sample to detector distance and wavelength are 

known.  In case of such low detector distances, the approximation of the scattering vector lying in the 

detector plane becomes violated. The correction causes the distortions observed in the edges of these 

intensity maps.  The reduced 1D spectrum of the homogenized Mg-Gd sample, together with the 

reference peak positions of pure Mg, is shown in Figure 1(c). Close examination of the homogenized 

Mg-Gd alloy 2D map reveals the existence of diffuse intensity maxima that are characteristic of 

superlattice reflections that arise from ordered phases [37]. The symmetry of this pattern (which 
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extends even to higher orders) obviously originates from the crystal lattice of one dominant grain in 

the illuminated volume. The position of the maxima are highlighted in the map with red open circles 

for easy visualization. The absence of these local maxima in the intensity map of the pure Mg sample 

is a strong indication that they are produced by structures other than the Mg matrix. We note that the 

distribution of the maxima in the Mg-Gd sample closely match the Ni3Sn type superlattice reflections 

in the electron diffraction pattern arising from solute clusters in a Mg–5 at.% Gd alloy [38]. 

Furthermore, the approximate difference between the central spot and the scattered intensity maxima 

corresponds to orderings with periodicities of 2𝜋/𝑄 ≈ 0.364 𝑛𝑚, while the width of the intensity 

maxima corresponds to a domain size of ~1.6 nm, as determined by a rough application of the Scherrer 

equation on the reduced data of two opposing 30° sectors of the 2D picture. These values are in 

excellent agreement with those obtained for the ordered clusters observed in the Mg-5 at.% Gd [38], 

and in Mg-Nd and Mg-Y alloys [25, 26] with a the aid of aberration-corrected HAADF-STEM. Further 

analysis of the actual SAXS regime close to the primary beam did not yield any findings. Increasing 

the sample to detector distance and even changing the wavelength by using a Cu x-ray source in order 

to increase the resolution of the device did not reveal any significant signal in the small-angle regime. 

Obviously, the average electron density of the observed ordered domains despite their different 

composition does not provide sufficient contrast to the electron density of the Mg matrix. Nevertheless, 

the measurements clearly points to the existence of a SRO phase in the homogenized Mg-Gd alloy.  

Additional evidence for the existence of SRO clusters can be seen in the atomic resolution HAADF-

STEM micrograph presented in Figure 1(d). The image was taken with the electron beam parallel to 

[0001]Mg direction. The region within the blue box in the HR-HAADF-STEM image was further 

processed with the denoising/background-removal/super-resolution algorithm in the AtomSegNet 

App for atomic-resolution images developed by Lin et. al. [39] and is presented in Figure 1(e). Bright 

spots corresponding to Gd-rich atom columns parallel to the [0001]𝑀𝑔 direction can be clearly seen 

in the micrographs. Additionally, isolated SRO clusters comprising of a series of Gd-rich atom 

columns arranged in zigzag patterns and others consisting of two Gd rich atom columns situated at the 

opposite corners of a hexagon are easily identifiable in the micrographs. Examples of these isolated 

SRO clusters are highlighted with solid red and dashed red spheres, respectively, in the micrographs. 

The configuration of these SRO clusters exactly match those observed in other Mg-RE alloy [25, 26, 

38]. Moreover, the column separation distance between the oppositely situated Gd-rich atom columns 

is 0.37 𝑛𝑚, which is in excellent agreement with the periodicity of the order determined by the x-ray 

measurement above. This gives further credence to the main finding made by the x-ray measurements, 

namely, that SRO phases exist in homogenized Mg-Gd alloy. 
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Figure 1: 2D intensity maps of (a) pure Mg and (b) homogenized Mg-Gd. The positions of the 

maxima are highlighted with red circles. (c) Reduced x-ray data of two opposing 30° sectors for 

the alloy together with Mg reference positions [40] and an inset showing the analysis of the 

diffuse peak of the ordered domain.(d) HR HAADF-STEM image showing a range of isolated 

solute clusters (highlighted with red spheres) in the Mg-Gd alloy. The image was taken with the 

electron beam parallel to [0001]𝑀𝑔 direction. (e) is region within the blue box in (d) after post 

processing. A hexagonal ring that corresponds to the HCP unit cell is highlighted in the image. 
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3.2 Deformation behaviour in micropillars oriented for basal slip 

Representative engineering stress vs strain curves obtained from the basal slip favourable orientations 

are shown in Figure 2. Two curves are presented for each metal system. Both pure Mg and Mg-Gd 

alloy show a distinct increase in stress until yield followed by a slight strain hardening. A few 

stochastic stress drops can also be seen in the post-yield curves. These are likely associated with the 

activation and release of slip bands during deformation.  The pure Mg pillars yielded at a CRSS of 3.6 

MPa, which is about seven times the expected CRSS for basal slip in Mg [41]. The high CRSS is most 

likely a combination of size effect, which is consistently observed in microcompression experiments, 

and solute strengthening from impurity atoms in the pure Mg samples. Regardless, we note that the 

CRSS value reported here is comparatively lower than values reported by other researchers [8, 42] for 

basal slip in pure Mg and consequently closer to the bulk single crystal CRSS value. Apparently, the 

ominous size effect is significantly minimized by the use of micropillars with diameter of ~15µm. 

Moreover, the CRSS for the alloy is 16.1±2 MPa. In comparison to the CRSS for basal slip in the pure 

Mg samples, this represents about fivefold strengthening of the basal plane by the Gd atoms. 

Conversely, Wang et al [43], reports basal strengthening of less than twofold for 7µm diameter 

micropillars in the Mg–9 at.% Al and Mg–2 at.% Zn alloys they tested. The basal strengthening 

observed herein for the dilute Mg–Gd is thus consistent with other reports that show that rare earth 

elements additions do significantly increase the CRSS for basal slip [10, 22, 23].  

 

Figure 2: Representative engineering stress vs strain response of micropillars oriented for basal 

slip in pure Mg (in red) and the Mg-Gd alloy (in blue). Plots of two different tests are shown for 

each material. 

A representative micropillar deformed in this orientation is shown in Figure 3 (a). A schematic that 

shows the orientations of examined lamellae slices is superimposed on the figure. We note that each 

lamellae slice, labelled S1 and S2, were excised from different micropillars even though their 

orientation is shown in the same figure. Characteristic slip steps that are well aligned with the basal 
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plane are visible in the figure; these were also observed in all the deformed pillars in this orientation. 

A micrograph showing the pre-deformation dislocation structure in the Mg-Gd alloy is shown in 

Figure 3 (b). The micrograph, which was taken under same two-beam conditions as the deformed 

micropillars, reveals that the alloy is largely dislocation free but contains a few precipitates that were 

most likely undissolved during the homogenization heat treatment. We opine that these will not alter 

the mechanical behaviour of the alloy since they are fairly large and sparsely dispersed. 

Two-beam bright (BF) and dark (DF) field STEM micrographs showing the dislocation configuration 

in the orthogonal sectioned lamellae in the alloy are presented in Figure 3 (c-f), while those of pure 

Mg are shown in Figure 3 (g-i). The micrographs reveal significant differences between the dislocation 

configuration in the alloy and the pure Mg sample. Specifically, slip in the alloy is almost entirely 

planar and it is characterized by localized bands of straight dislocations that lie on the basal planes 

when viewed from the S1 slice with the {01̅11} and {101̅0} reflections near a 〈12̅13̅〉 zone axis – see 

Figure 3 (c) and (d), respectively). The fact that the dislocations lie on the basal plane was also 

established by viewing the S2 lamella, i.e. Figure 3 (e&f). The basal planes, see dashed line in Figure 

3 (f), lie at an angle to the plane of the paper in this slice. These micrographs, i.e. Figure 3 (e) and the 

magnified image in Figure 3 (f), clearly show that the dislocations bands lie mostly on the basal planes 

and are separated by dislocation-free islands. These micrographs were taken with the {01̅11} reflection 

in a 〈21̅1̅0〉 zone axis. A schematic showing the arrangement of the dislocations within a band is also 

included in Figure 3 (f) for the purpose of clarity. Moreover, these dislocations have a purely basal 〈𝑎〉 

character since they were invisible with the (0002) reflection. According to the g.b invisibility 

criterion, dislocations with a 〈112̅0〉 burgers vector, i.e  〈𝑎〉 dislocations, are extinguished with a 

(0002) reflection. 

Conversely, the dislocation configuration in the pure Mg samples consists of a high density of heavily 

curved (wavy) dislocations in the micropillars, see Figure 3 (g-i). Note that these micrographs were 

taken within same zone axes and under the same two-beam conditions described above for the alloy.  

In addition, dislocation loops and pairs of dislocations lobes, characteristic of end-on screw 

dislocations [44], abound in this orientation of the Mg sample. Examples of these are highlighted with 

a circle and arrows, respectively, in the high magnification two-beam DF insert in Figure 3 (g). These 

types of dislocation configurations were not observed in the alloy.  
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Figure 3: (a) SEM micrograph of a micropillar deformed in the basal orientation. TEM lamellae 

were excised from two orthogonal directions, S1 & S2, as shown schematically in the micrograph. 

Two-beam bright-field STEM images of the dislocation configuration in (b) undeformed MgGd; (c) 

– (f) deformed Mg-Gd alloy; (g) – (i) deformed pure Mg. Note that (f) & (i) are magnified images 

of (e) & (h), respectively. Moreover, (b),(c) and (d),(g) were taken near a 〈12̅13̅〉 zone axis with 

{01̅11} and  {101̅0} reflections, respectively, while (e),(h) were taken near a 〈21̅1̅0〉 zone axis with 

{01̅11} reflections. 

 

 

We also note that there are no dislocation-free islands in the S2 slice of the pure Mg sample as was the 

case for the alloy; rather the dislocations are homogeneously distributed throughout the micropillar as 
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shown in Figure 3 (h). This stark difference is more easily recognizable upon comparing Figure 3 (f) 

and (i). Both images were taken with the {01̅11} reflection and are higher magnification images of the 

micrographs shown in Figure 3 (e) and Figure 3(h), for the alloy and pure Mg, respectively.  

3.3 Deformation behaviour in micropillars oriented for pyramidal slip  

Figure 4(a) shows representative engineering stress-strain responses for micropillars oriented for 

pyramidal slip in the pure Mg and Mg-Gd samples. Both systems show very reproducible and similar 

stress-strain response, namely, a strong strain hardening after yielding until about 5% strain. Such high 

strain hardening has been reported for micropillars oriented for pyramidal slip in pure Mg [4]. We note 

however that the strain hardening in the alloy is higher than that of pure Mg. Moreover, the CRSS for 

pyramidal slip in the alloy (95±6 MPa) is only about 12% higher than that of pure Mg (85±2 MPa). 

The latter is consistent with CRSS values reported by other workers for pyramidal slip in pure Mg [4, 

45, 46]. It is remarkable that the strengthening due to Gd in this orientation (1.1-fold) is significantly 

less than the approximately fivefold increase obtained in the basal orientation. Furthermore, a 

somewhat steep drop in stress was observed in all the curves after about 5-6% strain. Such a drop in 

stress is most likely associated with the deformation-mediated reorientation of the micropillars from 

the ab-initio pyramidal planes into orientations that are favourable for the activation of basal 〈𝑎〉 slip. 

A stress drop would accompany such a reorientation since dislocation glide on the basal planes requires 

significantly less stress. The presence of slip traces that align with the basal slip direction in the 

deformed pillar, see Figure 4(b), support this thesis. Other workers [4, 8] have reported similar 

observations.  

The dislocation configuration in the Mg-Gd and pure Mg samples are presented in Figure 4(c) and (d), 

respectively. Both micrographs were taken under two beam bright field conditions with a (0002) 

reflection near a 〈21̅1̅0〉 zone axis. Figure 4(e) also shows the dislocation configuration of the alloy 

under a {01̅10} reflection. We note, based on g.b invisibility criterion, that these dislocations are 

〈𝑐 + 𝑎〉 type since they are visible under both reflections. Interestingly, the dislocation structures in 

both samples are strikingly similar unlike previously reported [12]. They both consist of short 

dislocation segments that appear to lie on the basal plane as shown by the basal plane trace, and large 

amounts of stepwise shaped dislocations that have been previously reported to be indicative of the 

double cross slip of dislocations between pyramidal II and pyramidal I planes [8, 47]. We were unable 

to unambiguously distinguish between pyramidal I and II slip in this work partly because the 

pyramidal-basal angles, i.e. the angles between the inclined dislocations and the basal plane trace, are 

not equal to the expected angles for pure screw dislocations in this orientation. This is an indication 

that the inclined dislocation segments are of mixed type. Nevertheless, it is apparent that the long 
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dislocation (inclined) segments in both samples lie predominantly on the pyramidal planes, suggesting 

that the same dislocation glide activities are operational in both material systems. Moreover, the 

pyramidal-basal angles in each of the samples are quite varied. This suggests that multiple pyramidal 

slip systems were activated during deformation and is consistent with Schmid factor analysis, which 

shows that at least four pyramidal II slip systems were activated in both samples. We also observed 

that there are a few precipitates with coffee-bean contrast in the deformed Mg-Gd sample. We posit 

that these precipitates are a result of strain-induced precipitation that apparently occurred after the 

microcompression experiments since they are not present in the undeformed microstructure taken with 

the same imaging conditions (Figure 4f). Our results and analysis hereafter are therefore unaffected 

by their presence. In the future, it would be worthwhile to investigate the influence of these strain-

induced precipitates on the plasticity of the alloy. 
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Figure 4: (a) Representative engineering stress vs. strain plot of micropillars set-up for pyramidal 

slip in pure Mg and Mg-Gd alloy. Plots of two different tests are shown for each material. (b) An 

SEM micrograph of a deformed micropillar in this orientation. Slip line traces that align with the 

basal plane are apparent. A schematic of the HCP unit cell showing the basal plane and slip 

direction is shown in the inserted in (b). Two beam bright field STEM images of Mg-Gd alloy (c) & 

(e) and pure Mg (d) after deformation. The microstructure of the undeformed Mg-Gd alloy is shown 

in (f). The micrographs in (c), (d) and (f) were taken near a 〈21̅1̅0〉 zone axis with (0002)reflections, 

while (e) was taken with a {01̅10} reflection. 
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3.4 Deformation behaviour in micropillars oriented for twinning 

The engineering stress-strain response obtained in the orientation where twinning preferentially 

occurred is shown in Figure 5(a). We see that the curves are also reproducible and that the trend 

between pure Mg and the alloy is similar. Both materials show a steady increase in stress until a CRSS 

of 63±4 MPa and 8±2 MPa, for Mg-Gd and pure Mg, respectively, is reached. This represents an 

eightfold increase of the CRSS for twinning that can be attributed to the Gd atoms. Apparently, 

strengthening associated with Gd atoms in this orientation is significantly higher than was observed in 

the basal and pyramidal orientations. These results are also consistent with observations made in Mg–

Y alloys, where the twinning CRSS increased sharply from 45 MPa for 0.11 at.% Y addition to 113 

MPa for Mg-1.13 at.% Y [8]. Comparatively, the CRSS for twinning in Mg-4 at.% Al and Mg-9 at% 

alloys showed increase of less than twofold [45]. These results thus strongly suggest that twinning is 

significantly delayed by RE additions. 

An initial sharp drop in stress and thereafter, a strain hardening response that can be divided into two 

regimes that are marked by, weak and strong strain hardening, respectively, followed yielding in both 

material systems.  A sharp drop in stress (or a strain burst in load controlled tests) in Mg pillars 

compressed along/near the {101̅0} direction is commonly associated with the nucleation of {101̅2} 

extension twins, while the weak strain hardening regime (or stress plateau in some cases) is associated 

with twin propagation across the deformed pillar. The transition from weak to strong strain hardening, 

which typically occurs at strains ranging from 5-6%, has been associated with twin saturation, i.e. the 

complete consumption of the deformed pillar with the twin, while the subsequent strain hardening 

likely arises from dislocation interactions within the reoriented pillar [42, 45].  

Post mortem EBSD maps of cross sections excised from the Mg-Gd micropillars deformed to 3%, i.e. 

shortly after the initial stress drop, Figure 6(a), and ~8% strain, Figure 6(b), corroborate these 

explanations. The inverse pole figure (IPF) maps clearly show that the deformed area is almost 

completely consumed by {101̅2} tensile twin after about 8% strain whereas only a small volume of 

the pillar twinned after about 3% strain. EBSD Orientation image (OIM) analysis of the measurements 

also confirm that the twinned regions are reoriented into a crystal orientation that is ~11° from the 

[0001] direction. Moreover, Schmid factor analysis indicates that further deformation within the fully 

twinned pillar will be predominantly accommodated by pyramidal slip. This analysis is supported by 

the STEM micrographs in Figure 7(a)-(c), which unambiguously show the presence of abundant 

〈𝑐 + 𝑎〉 type dislocations. 
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Figure 5: Stress vs strain response of micropillars preferentially oriented for twinning in (a) the 

pure Mg (in red) and Mg-Gd (in blue) sample. Plots of two different tests are shown for each 

material. The insert shows enlarged sections of the curves. (b) The pure Mg sample in (a) and an 

extremely pure Mg sample (in black).  

 

We opine therefore that the stronger strain hardening observed in the second regime mentioned above 

is likely due to the dislocation interactions between cross-slipping pyramidal planes, and/or the 

dislocation debris left in the wake of the twins [4, 48]. We imagine that same mechanisms will be in 

operation in the pure Mg sample since the trend of the stress-strain response is similar for both material 

systems. 

We also observed discrete post-yield stress drops, concomitant with the strain hardening. Interestingly, 

although the post-yield stress drops were observed in both Mg-Gd and pure Mg, the magnitude of the 

drops were significantly higher in the alloy. Similar observations has been reported in a Mg–9 wt.% 

Al alloy [45]. Whereas the origin of these stress drops is unclear, we can imagine that they are most 

likely associated with atom-scale interactions between diffusing solute atoms and the migrating twin 

boundary.  



16 

 

 

Figure 6: Superimposed EBSD inverse pole figure and image quality maps of cross sections excised 

from Mg-Gd micropillars deformed to (a) ~ 3% strain (b) ~ 8% strain. 

 

This thesis is further supported by complimentary microcompression tests performed on a 99.999 at.% 

pure Mg– [101̅0] oriented single crystal, compressed under the same conditions described earlier in 

section 2. As seen in Figure 5(b), there are hardly any stress drops in the higher purity pure Mg sample. 

This observation, in addition to the absence of such deterministic stress drops in the other orientation 

(compare Figure 2 and Figure 3a) strengthens the proposition that the stress drops are associated with 

interactions between solute/impurity atoms and twin boundaries. We will address the origin of such 

interactions in another publication. 

We gained further insight into the deformation in this orientation by examining the 2B-BF STEM 

images obtained from the twinned regions in the Mg-Gd alloy (Figure 7 (a-c)) and the high purity pure 

Mg sample (Figure 7 (d-e)).  The micrographs in Figure 7 (a, b, d & e) were taken with (0002) 

reflections, while Figure 7 (c & f) shows micrographs taken with {011̅1} reflections. All these 

measurements were done near the [21̅1̅0] zone axes. The dislocation structure under the (0002) 

reflection in both material systems is mostly characterized by long rectilinear dislocations that span 

several hundred nanometres. These dislocations clearly lie on the basal planes but intermittently 

contain jogs. Since these dislocations are visible with a (0002) reflection, we can conclude, based on 

g.b criterion, that they are 〈𝑐〉 containing dislocations. Additionally, the dislocations that lie along the 

basal plane in the pure Mg sample appear to contain loops that can be more clearly seen in the 

magnified image in Figure 7(d). These loops were only visible with the (0002) reflection and are also 

considered a signature of pyramidal glide [49]. A low angle grain boundary (LAGB) can also be seen 
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within the twin in the alloy. The dislocation structure within the LAGB is clearly revealed in the Figure 

7(c). This micrograph indicates that the LAGB is effective in blocking dislocation glide and 

interrupting the stacking faults within the twin (see Figure 7(e)). Similar observations have been 

reported for other Mg alloys [8, 50, 51] but the origin and influence of such LAGB on plasticity is still 

open to debate and beyond the scope of this work.  

 

Figure 7: Two beam bright-field STEM images showing dislocation structures inside the twinned 

area in Mg-Gd  (a-c) and in the 99.999% pure Mg sample (d-f). (b) & (e) are magnified sections of 

(a) & (d) respectively.  Moreover, a, b, d, & e were taken with (0002) reflections while (c) & (f) 

where imaged with {011̅1}. The basal plane trace in each reflection is highlighted in the 

micrographs. The two arrows in (e) highlight dislocation loops in the pure Mg sample. 

 

The dislocation structure under {011̅1} reflections is shown in Figure 7 (e & f) for the alloy and pure 

Mg sample respectively. The microstructure under this reflection in both systems primarily consist of 

stacking faults (SF) that lie along the basal plane trace. These results are consistent with observations 

made by other workers [8, 48]. We note that the defect structures observed in both alloy and pure Mg 

in the twinning orientation are qualitatively similar except for the presence of the LAGB in the former.  
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4 Discussion 

4.1 Underlying micromechanisms and their influence on the CRSS  

As previously highlighted in section 3.2, dislocation glide in the alloy is apparently planar in the basal 

orientation, i.e., characterized by groups of long delineated dislocations that lie primarily on the basal 

plane, whereas it is wavy in pure Mg. The stark differences between the dislocation configuration in 

the basal orientation of the Mg-Gd and pure Mg sample strongly indicate that the underlying 

deformation mechanisms are not the same. 

Planar slip is usually associated with the presence of atom-scale solute ordering (SRO) within solid 

solutions. Typically, dislocations in alloy systems with SRO domains tend to move in pairs within the 

active slip plane because the destruction of the atomic order, and consequently, the creation of an 

antiphase boundary (APB) in the glide plane by the leading dislocation in a pair, causes a lowering of 

the energy barrier. This makes it easier for successive dislocations to glide on same plane [32, 52]. A 

schematic of the atomic arrangement within a typical SRO cluster in Mg-RE alloys is shown in Figure 

8(a). The existence of SRO clusters comprising of Gd-rich atom columns arranged in zigzag patterns 

as shown in the schematic has been clearly demonstrated by the x-ray diffraction and HR-HAADF-

STEM measurements done in this work and presented in Figure 1.  Figure 8(b) shows a schematic of 

the APB formed after one dislocation glides through such a cluster. Apparently, a second dislocation 

needs to glide through the plane to ensure a net zero change in order. The dislocation configuration in 

such systems is thus made up of dislocation pairs that are caused by the disruption and recreation of 

order, along with dislocation bands that are formed after the SRO domain is completely destroyed. 

Stoloff and Davies [52]  argues further that the spacing within dislocations in a group are not the same 

and that neighbouring groups often have different signs. The dislocation configuration in the basal 

orientation of the alloy is extensively consistent with the preceding literature description of planar slip. 

For example, three dislocation pairs and a band with eleven dislocations are highlighted with blue 

arrows and a brace, respectively, in Figure 3(d). It is also apparent from Figure 3(c) and (d) that the 

dislocation spacing vary across the groups. Clear evidence that neighbour groups mostly have burgers 

vectors with different signs can also be seen in these micrographs. Note that other types of SRO 

configurations in these alloy systems would produce same effect. 
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Figure 8: A schematic of (a) typical solute cluster in Mg-RE. (b) antiphase boundary (APB) 

formed after the glide of a single dislocation 

 

Moreover, various workers [10, 23, 53] have shown that classical solid solution models cannot explain 

the high yield strength experimentally observed in the Mg-REs. It follows therefore that a 

complimentary or completely different mechanism may underlie the high strengths in these alloys 

systems. Considering the remarkable consistence between the fingerprints for planar slip and the 

dislocation configuration in the basal orientation of the Mg-Gd alloy, we surmise that the high CRSS 

in the alloy is directly related to the SRO domains revealed by the x-ray/HR-HAADF-STEM 

measurements in section 3.1. SRO is known to cause significant strengthening because the leading 

dislocations experiences the high-energy barrier associated with the creation of the APB. The energy 

of the anti-phase boundary (APBE) represents the resistance that must be overcome for slip to occur. 

It is well established that this energy and by extension, the CRSS associated with this mechanism is 

significantly higher than that associated with solution strengthening [31-35, 52].  

Conversely, the analyses in section 3.3 clearly demonstrates that there is remarkable similarity in the 

stress-strain response/defect structures in the alloy and the pure Mg sample oriented for pyramidal 

slip.  Our results show that 〈𝑐 + 𝑎〉 dislocation segments lie predominantly on pyramidal planes, not 

just in the RE-based alloy as previously reported for macroscopic tests [12], but also in pure Mg. 

Moreover, our observation is in very good agreement with in-situ TEM observations made by Liu and 

co-workers [47]; they also observed abundant 〈𝑐 + 𝑎〉 activity and glide in the pure Mg single crystal 

they tested. Besides, it is noteworthy that strain hardening is equally high in both systems. We expect 

that it would be lower in the alloy if the addition of RE elements indeed inhibits the inimical pyramidal 

II-to-basal transition that is said to underlie the high strain hardening and poor ductility observed in 

pure Mg [54]. Another important observation is the heterogeneity of pyramidal slip in both pure Mg 

and Mg-Gd alloy. No evidence of planar slip can be found in the 2B-BF STEM micrographs in Figure 

4 (c&d). From a phenomenological point of view, we can imagine that slip will be non-planar in this 
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orientation because the arrangement of the atoms in the pyramidal planes should preclude the 

occurrence of planar slip. As illustrated in Figure 9, the SRO will be unaffected by a glide along the 

pyramidal slip direction, 𝑎1. Furthermore, the length of the 〈𝑐 + 𝑎〉 Burgers vector will remain 

unchanged unlike the case for glide along the basal planes, where the length of the 〈𝑎〉 burgers vector 

is effectively doubled to ensure a net zero change in order. We reckon that the non-planarity of slip in 

this orientation also partly accounts for the comparatively low increase (1.1-fold) in the CRSS for 

pyramidal slip in the alloy, i.e., relative to the fivefold- and eightfold-increase in basal and twinning 

CRSS, respectively. Besides, as shown in Figure 10, two- to three-fold increases in the CRSS for 

pyramidal slip have been reported for Mg-Zn [55] and Mg-Al [45] alloys. We will highlight the 

implications of these observations on the ductility of the alloy shortly. 

 

Figure 9 (a) HCP 3D structure with one 〈112̅3〉 and 〈101̅0〉 direction highlighted. Schematic of the 

atomic arrangement in the pyramidal planes (b) before (c) after shear. 

 

The defect structures in the twinning orientation of the pure Mg sample and the alloy are also very 

similar, the main difference being the LAGB within the twinned region of the alloy. More importantly, 

we note that there is no evidence of planar slip in both systems in this orientation, see the 2B-BF STEM 

micrographs in Figure 7. Notwithstanding, an eightfold increase of the twinning CRSS, and a 

concomitant delay in twinning that can also be ascribed to the presence of SRO, was observed. 

Different authors [52, 56, 57] have analysed the structures produced by twins in materials with ordered 

phases and concluded that ordering significantly reduces the tendency for twinning since it requires 

the destruction of the order. They argue that the long distance atomic shuffling required to achieve the 

mirror symmetry between the parent lattice and the twin makes twinning unfavourable in these 

materials. A number of experimental work on deformation twinning in ordered materials with D019 

structure [56, 58, 59], which is precisely comparable to the arrangement of the RE clusters in Mg [25, 

38], also support the view that ordering makes it more difficult for twinning to occur. In light of these 
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reports and the observations made in this work, we conclude that the high twinning CRSS is a 

consequence of the Gd-rich SRO clusters in the alloy. As previously discussed in section 3.4, non-RE 

based Mg alloys, e.g. Mg-Al [45], which do not exhibit SRO show significantly smaller increase in 

twinning CRSS upon alloying.   

4.2 Influence of the SRO clusters on ductility 

The pyramidal/basal slip (P/B) and twin growth/basal slip (T/B) CRSS ratios for the material systems 

tested in this work are presented in Figure 10(a) and (b), respectively. The plot also contains the CRSS 

ratios reported for other Mg systems tested with the microcompression method. We note that there is 

good agreement between the CRSS ratios for pure Mg in this work and those reported by Li and co-

workers [55].  More importantly, our results show that the P/B CRSS ratio of Mg decreased 

dramatically, by fourfold, upon alloying with 0.75 at.% Gd. Similar drastic decrease in P/B CRSS ratio 

has also been reported for a micro-compressed Mg-1.13 at.% Y alloy [8]. In contrast, the P/B CRSS 

ratios are significantly higher in the non-RE based systems, i.e. for the Mg-4 at.% Al, Mg-9 at.% Al 

and Mg-2 at.% Zn, referenced in Figure 10.  Apparently, the fivefold SRO-meditated increase in the 

CRSS for basal slip in the alloy, along with the more moderate (1.1-fold) increase in pyramidal CRSS, 

underlies the dramatic decrease in the P/B CRSS ratio and ultimately, the increased 〈𝑐 + 𝑎〉 activity 

observed in deformed Mg-RE polycrystals. It is widely accepted that an increase in the CRSS for basal 

slip significantly reduces the P/B CRSS ratio, which is prohibitively high in pure Mg and classical Mg 

alloys [8, 10, 12, 45, 55]. A high P/B CRSS ratio leads to poor ductility in polycrystals since it 

effectively impedes the activation of the 〈𝑐 + 𝑎〉 slip systems, which are essential to satisfy the 

condition prescribed by von Mises for homogeneous deformation and hence high ductility [13]. 

On the flip side, it is generally accepted that short range ordering typically leads to a loss in ductility 

because of its tendency to restrict cross-slip and promote slip planarity [52, 60]. Our results does 

however indicate that SRO can actually lead to improvement in ductility under the condition described 

in the preceding paragraph. We thus assert that the influence of the SRO-mediated decrease in the P/B 

CRSS ratio and the concomitant increase in 〈𝑐 + 𝑎〉 activity far outweighs the negative effects of 

planar slip.  

Figure 10(b) also shows that the T/B CRSS ratio of the Mg-Gd alloy is slightly higher than those of 

pure Mg and the non-RE based Mg alloys except Mg-9 at.% Al. We do not expect this to lead to a 

decrease in ductility in Mg-Gd since the expected increase in 〈𝑐 + 𝑎〉 activity more than likely 

compensates for the reduced tendency for twinning. 
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Figure 10: (a) pyramidal-/basal-slip (P/B)– (b) twin growth/basal slip (T/B)– CRSS ratios for 

material systems tested in this work and those reported for other Mg systems tested with the 

microcompression method. All compositions are in at.%.  

5 Summary 

Different mechanistic models have been proposed to rationalize the high room temperature strengths 

and ductility of low concentration Mg-RE based alloys but these are still open to debate because of 

gaps between the prediction of these models and experimental results. Moreover, because many of 

these models rely on experiments carried out in polycrystals, it is difficult to unambiguously decouple 

the influences of the various microstructural components therein. We circumvented this by 

compressing single crystal micropillars made in similar orientations in a homogenized Mg-0.75 at.% 

Gd alloy and in pure Mg. We then carefully analysed the dislocation and twinning structures in cross-

sections excised from the deformed pillars.  Our investigations show that the deformation mechanisms 

in both material systems are essentially the same except in the basal orientations, where slip was found 

to be planar in the alloy but wavy in pure Mg. We show that the planar slip is a consequence of the 

interactions between dislocations and SRO clusters that exist in the Mg-Gd alloy. 2D X-ray diffraction 

and HR-HAADF-STEM measurements clearly confirmed the presence of the SRO clusters. Our 

results also reveal an approximately fivefold fold increase in the basal CRSS of the alloy along with a 

fourfold decrease of its P/B CRSS ratio, i.e. in comparison with that of pure Mg. Furthermore, we 

report an eightfold increase in the CRSS for twinning in the alloy. We demonstrate that the Gd-rich 

SRO clusters in the alloy mediate these changes.  We argue that these SRO mediated changes will lead 

to increased strength and 〈𝑐 + 𝑎〉 activity, and ultimately improvements in ductility, in homogenised 

polycrystalline Mg-Gd alloys. 

We note that there is sufficient evidence in literature that the ductility of polycrystals also depends on 

other factors, such as grain size and texture [6]. Therefore, we imagine that other mechanisms may 
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additionally contribute to the improvements in the ductility observed in the polycrystalline Mg-RE 

based alloys. However, our results show that alloying which promotes atomic scale short range 

ordering, such as seen in Mg-RE based alloys, does significantly enhance strength and ductility. 
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