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Solid electrolytes are central to enabling safe, high-energy solid-state sodium batteries. While 

oxyhalide type conductors have rapidly advanced lithium-based systems, their sodium 

analogues remain less understood and underdeveloped. This gap arises from their intrinsically 

amorphous nature, which obscures structure–transport relationships and limits rational design. 

Here, we elucidate the atomic-scale origins of sodium-ion conduction in the mixed-anion series 

NaTaOxCl6–2x using a combination of experimental and computational approaches. We reveal 

that composition-dependent, disordered yet extended chain motifs emerge as key structural 

units governing ion mobility. By tuning chain connectivity, we achieve a high ionic 

conductivity of ~4.0 mS·cm-1 and a corresponding self-diffusion coefficient of 6.6 – 8.2×10–11 

m2·s–1, ranking among to the fastest reported for sodium oxyhalides. These findings establish 

clear structure–property correlations in amorphous superionic conductors and provide a 

blueprint for the targeted design of next-generation solid electrolytes for sodium solid-state 

batteries. 

 

 

 

 

 

 

 

 

 

 



Electrification of energy systems hinges on scalable and cost-effective storage technologies.[1] 

Sodium solid-state batteries (SSSBs) offer a sustainable alternative to lithium-based systems 

owing to the abundance and low cost of sodium.[2],[3],[4] Their progress, however, remains 

limited by the lack of solid electrolytes that simultaneously combine high ionic conductivity, 

wide electrochemical stability, and good electrode compatibility.[5],[6] 

Mixed-anion oxyhalides have recently emerged as a versatile design platform for solid 

electrolytes. In lithium systems such as Li1−xNbO1−xCl4+x,
[7] partial substitution of halide ions 

with O2− enhances ionic conductivity and oxidative stability by introducing local structural 

distortions and softening the diffusion landscape. Comparable strategies in sodium oxyhalides, 

including NaNbOxCl6-2x,
[8] have yielded conductivities typically below 1 mS·cm−1, indicating 

that most Na-based frameworks remain too rigid for fast ion motion. A comparison of reported 

ionic conductivities of sodium oxyhalide electrolytes is provided in Table S1 in the Supporting 

Information. 

Among these chemistries, tantalum-based oxyhalides stand out as particularly promising. 

Crystalline perovskite-related NaTaCl6 exhibits modest ionic conductivity (2.8 – 5.2 × 10−2 

mS·cm−1)[9],[10]. Amorphous NaTaCl6 shows impressive ionic conductivity (4 mS·cm−1), 

however, to achieve amorphization intensive ball-milling over long reaction times is 

required.[11]  Oxygen incorporation yields amorphous NaTaOCl4 with a conductivity 

(~1.5 mS·cm−1) without the requirement for energy intensive synthesis.[12],[13] However, the 

origin of this enhancement remains unclear, as oxygen incorporation leads to a loss of long-

range order that hinders conventional structure–property analyses. Previous studies have 

speculated that oxygen may either form bi-[TaClxO6−x]
(7−x)− units or act as a bridging atom that 

connecting adjacent [TaCl6]
− octahedra.[12],[14] A deeper understanding of the resulting 

structural motifs is still lacking, limiting rational material design. 

In this work, we use experiment and computation to uncover how oxide-ion incorporation 

governs structure and ion transport in the mixed-anion series NaTaOxCl6-2x (0 ≤ x ≤ 1). 

Combining structural characterization, electrochemical measurements, and atomistic 

simulations, we resolve the local structural environments that underpin Na+ mobility. Data-

driven analyses reveal how oxide substitution induces distinct short-range order and establishes 

clear correlations between dynamic disorder and ionic conductivity. We demonstrate the 

feasibility of these materials as catholytes in sodium solid-state batteries. These findings 

provide a unified picture of structure–transport relationships in disordered sodium oxyhalides 

and highlight mixed-anion design as a powerful strategy for next-generation solid-state 

electrolytes. 



MAIN TEXT 

Structural evolution across the NaTaOxCl6–2x series. The NaTaOxCl6–2x series, prepared for 

x = 0 – 1 in increments of 0.125, was mechanochemically synthesized and characterized using 

complementary average- and local-structure probes. The reported compositions correspond to 

the nominal stoichiometric ratios that are used during synthesis. X-ray diffraction (XRD) 

reveals a progressive loss of crystallinity with increasing oxygen incorporation (Figure S1a). 

For compositions with lower oxygen content (x ≤ 0.375), sharp Bragg reflections indicate long-

range order and the coexistence of two phases, with the crystalline phase consistent with 

monoclinic NaTaCl6 (P21/n, ICSD #36519). With higher oxygen content, the reflections 

broaden, especially around q ≈ 1 Å–1, signaling structural disorder. At x = 0.5, the pattern 

becomes dominated by broad diffuse features, and for x ≥ 0.5, two amorphous humps centered 

at q ≈ 1.0 and 1.6 Å–1 dominate, evidencing the collapse of long-range periodicity with the O2– 

incorporation. Quantitative phase analysis using LaB6 as an internal standard (Figures S1b, S2, 

Table S2) confirms a near-linear decrease of the crystalline phase, which is identified as 

NaTaCl6, from ~90 wt.% at x = 0.0 to 0 wt.% at x = 0.5. The disappearance of crystalline side 

phases and the absence of detectable precursors further indicate that the mechanochemical 

reaction proceed to completion. These observations support that the nominal compositions used 

in this work reasonably reflect the effective oxygen incorporation. Overall, these results show 

that the oxygen substitution destabilizes the halide framework, driving a transition to a 

disordered, glass-like structure that persists at high oxygen content. However, the structural 

differences among the amorphous compositions (x ≥ 0.5) cannot be resolved by diffraction 

alone, motivating simulation and complementary experimental techniques. 



 

Figure 1 (a) Weighted experimental pair distribution function (PDFs) of NaTaOxCl6–2x ranging 

from x = 0 to x = 1, vertically offset of 150 Å–2 for clarity. (b) Zoomed-in view of the 

experimental pair distribution functions for detailed comparison of interatomic distances. Key 

bond distances corresponding to the Ta–O, Ta–Cl, and Ta–Ta distances are highlighted. (c) 

Weighted simulated PDFs of DFT relaxed structures for NaTaCl6, NaTaO0.5Cl5.0 and 

NaTaOCl4 illustrating the evolution of local environments with increasing oxygen content. (d) 

Local environments used for the comparison of pair distances with the experimental data, 

including the local structural motifs of NaTaO0.5Cl5.0 and NaTaOCl4 derived from the DFT-

simulations. (e) Changes in peak intensity for atom pairs across compositions x=0.00 x= 0.50, 

and x = 1.00, normalized to the highest peak in each plot across all simulated compositions.  

 

The weighted pair distribution functions (PDF) of NaTaOxCl6–2x (Figures 1a-b) confirm the 

progressive loss of long-range order across the series. At x = 0.0, the G(r) exhibits sharp peaks 

extending beyond ~7 Å, characteristic of crystalline NaTaCl6.
[9] Increasing oxygen content 

broadens these features, indicating a progressive loss of periodicity in agreement with the 

Bragg data and prior results as from Zhao et al.[12] or Huang et al.[14] Nevertheless, distinct 

short-range correlations persist even for x ≥ 0.5, evidencing locally ordered motifs within an 

amorphous matrix. 



To resolve the nature of the short-range features identified in the amorphous phases, simulated 

PDFs were constructed by Boltzmann-weighting the individual PDFs of DFT-relaxed 

structures generated through ab initio random structure searching (AIRSS) (Figure 1c) with 

compositions of x = 0, 0.5 and 1 (NaTaCl6, NaTaO0.5Cl5, NaTaOCl4, respectively)[15],[16]. To 

enable direct comparison with experiment, simulated PDFs were weighted with X-ray form 

factors.[17],[18] A closer look at the 1 – 5 Å region enables a more detailed comparison of local 

features across the compositional series (Figures 1b-e). For x = 0.0, a distinct peak near ~2.3 Å 

is observed, corresponding to Ta–Cl bonds; upon oxygen incorporation, new pair correlations 

emerge at ~1.9 Å and ~3.8 Å. The persistence of the Ta–Cl peak across the series suggests that 

the local Ta coordination environment remains largely octahedral, considering that changes in 

coordination would affect the bond length, even as long-range order diminishes. The ~1.9 Å 

peak is associated with Ta–O interactions, while the ~3.8 Å feature is assigned to Ta–Ta second 

shell coordination. For the x = 1 phase, the Ta–Ta peak increases in intensity compared to 

x = 0.5, indicating enhanced Ta–Ta clustering driven by the oxide-ion incorporation. Other 

features in the PDF, particularly those showing Qmax-dependent shifts in position and intensity, 

are attributed to Fourier truncation effects and should not be interpreted structurally 

(Figure S3).  



 

Figure 2. (a) Normalized XANES spectra for mixed-anion NaTaOxCl6–2x oxychlorides samples 

at the Ta L3-edge showing all compositions coincide with the Ta5+ reference. (b) Stacked plot 

of the solid-state 23Na MAS NMR spectra of NaTaOxCl6-2x ranging from x = 0 to x = 1 in steps 

of Δx = 0.25. The dashed line around -11.3 ppm is showing a shift of the Na-resonance in the 

substitution series. 



 

To further examine the local structure and electronic environment, normalized Ta L3-edge 

XANES spectra of NaTaOxCl6–2x (x = 0 – 1) are collected alongside Ta metal and TaCl5 

references (Figures 2a, S4a). The absorption-edge positions and white-line maxima of all 

oxychloride compositions coincide with the Ta+5 reference and are shifted to higher energy 

relative to metallic Ta, confirming that tantalum remains in a d0, +5 oxidation state across the 

series. The absence of any systematic edge shift indicates that oxide incorporation is 

accommodated structurally rather than through changes in Ta valence. EXAFS spectra reveal 

progressively damped oscillations with increasing oxygen content, consistent with the loss of 

structural coherence indicated by the PDF results (Figure S4b). As PDF, XANES and EXAFS 

probe more the anionic structural framework, the evolution of the local Na+ coordination 

environments in the NaTaOxCl6-2x series is probed using solid-state 23Na MAS NMR 

spectroscopy.  

As shown in Figure 2b and Figure S5a, the major 23Na signals (narrow and broad) are centered 

between -4 to -12 ppm, with a minor signal around 7.3 ppm, corresponding to solid NaCl 

impurity. Integrated areas (Figure S5b, S6, Table S3) show this impurity to be very minor, in 

line with no NaCl Bragg reflections in the otherwise amorphous matrix. The experimentally 

observed narrow 23Na signal around -11 ppm is characteristic of Na+ in a disordered matrix 

containing Cl- and O2- anions.[19],[20],[21] In a recent study,[21] density functional theory reveals 

that the negative chemical shift of 23Na in NaClmOn-type (1 ≤ m ≤ 3, 3 ≤ n ≤ 6) local 

environments can vary from -3.8 ppm to -12.6 ppm based on the coordination number (six or 

eight), geometry, and the Cl-/O2- ratio. NaCl3O3, NaCl4O2 and NaCl6O2 environments show 

23Na chemical shifts of -10.3, -11.0 and -12.6 ppm, respectively. Thus, the observed trend in 

the changing 23Na chemical shift (Figure S5a) for the sharp 23Na resonance possibly results 

from the coexistence of different NaClmOn-type local Na+ coordination environments in varying 

amount based on the oxygen content, whereas the broad 23Na resonance arises from the 

disordered nature of the sample with a significant fraction of Na+ with different localized 

mobilities in anisotropic coordination environments. 

 

Local structural preference. To rationalize the observations seen in PDF, XAS, and NMR 

analyses and to probe the range of atomic arrangements consistent with them, we analyzed the 

full ensemble of configurations generated through AIRSS for x = 0.5 and x = 1. The resulting 

structural ensemble was deemed physically representative based the comparison of densities 



with experiment (see Supplementary Note 6, Figure S7). Each structure was characterized by 

the local chemical environments around Ta encoded using Smooth Overlap of Atomic Positions 

(SOAP) descriptors[22]. The resulting high-dimensional SOAP power spectra were projected 

into a two-dimensional space using Pairwise Controlled Manifold Approximation Projection 

(PaCMAP), a manifold-learning technique that preserves both global and local structural 

relationships.[23] This approach, previously applied to complex crystal-structure prediction 

datasets, enables coarse visualization of the configurational and energetic landscape 

(Figure S7), identifying structural motifs present in low energy structures. The PaCMAP 

embeddings reveal distinct clusters corresponding to characteristic Ta–O and Ta–Cl 

coordination environments, providing an atomistic picture of how local structure changes 

across the series (Figure 3). 



 

Figure 3. Two-dimensional representation of the SOAP vectors describing the average local Ta 

environments for each structure in the AIRSS ensemble of (a) NaTaOCl4 and (b) NaTaO0.5Cl5.0. 

Dimensionality reduction was performed using PaCMAP, with the color scale indicating the 

energy per atom of each structure. Panels (c) and (d) show the same embeddings, colored 



instead by categorical Ta environments. In all panels (a–d), the lowest-energy structure is 

marked with a diamond. (e) Schematic illustration of the proposed structural evolution across 

the NaTaOₓCl₆₋₂ₓ series (x = 0.0, 0.5, 1.0), focusing on Ta coordination environments (Ta: blue, 

O: orange, Cl: grey). Oxygen substitution promotes the formation of corner-sharing Ta–O–Cl 

polyhedra. At intermediate composition (x = 0.5), local preferences favor [Ta2OCl10]
2− dimers, 

which evolve into trans-[TaO2Cl4]
3− chains at higher oxygen content (x = 1.0). 

 

In crystalline NaTaCl6 (x = 0), each Ta5+ center forms an isolated [TaCl6]
− octahedron, forming 

a fully disconnected, zero-dimensional framework. The addition of oxygen induces octahedra 

connectivity. In NaTaOCl4 (x = 1), the lowest-energy configurations exhibit one-dimensional 

chains of trans-[TaO2Cl4]3– octahedra, in which the two O2– ligands occupy opposite apical 

sites and bridge adjacent Ta5+ centers (Figures 3c, 3e). This is consistent with the increasing 

intensity of Ta–O and Ta–Ta correlations seen in the PDFs as oxygen content increases. The 

preference for the trans configuration mirrors that reported for LiNbOCl4,
[19],[24] and arises 

because the formation of these one-dimensional trans chains simultaneously maximizes Ta–O 

bonding and minimizes electrostatic repulsion between neighboring octahedra (Supplementary 

Note 7, Figure S8). However, the small energetic separation between these ideal and alternative 

motifs (such as other corner-sharing Ta–O–Ta connections, octahedral or otherwise) indicates 

that, in real systems, the ideal trans chains are likely to be highly defective or locally disrupted 

by distortions and non-octahedral units, which may explain the relative lack of crystallinity in 

the Na-oxyhalides as compared to Li-analogues, despite similar bonding preferences. 

 

Extending this analysis to x = 0.5 shows that the same local connectivity rules apply, but the 

reduced oxygen content weakens the structural coherence imposed by chain formation. At this 

composition, the calculations reveal an energetic preference for pairs of [TaOCl5]
2– octahedra 

connected through a corner-sharing O2– ion (Figures 3d, 3e). The zero-dimensional nature of 

these dimeric units relaxes the configurational constraints associated with the extended one-

dimensional chains preferred at x = 1, giving rise to a highly degenerate and locally disordered 

ensemble. Taken together, these results show that oxygen incorporation first destabilizes the 

halide lattice, generating a disordered intermediate regime at moderate substitution, but 

ultimately restores connectivity through the emergence of Ta–O–Ta linkages that yield a 

preference for a disordered yet structurally coherent network evidenced by the increasing Ta–

Ta peak intensity as x increases in the PDF data (c.f. Figure 1e). 

 



Ionic transport as a function of framework coherence. AC impedance spectroscopy reveals 

a strong composition-dependent evolution in ionic conductivity across the NaTaOxCl6–2x series 

(Figure 4a, Supplementary Note 8). To ensure reproducibility and accurately determine the 

conductivity maximum, every second composition was measured in triplicate. The 

conductivity sharply increases with x by nearly two orders of magnitude relative to NaTaCl6 

(5.2 × 10-2 mS·cm–1), reaching a maximum of ≈ 4 mS·cm–1 at x = 0.5 and remains high for 

0.5 < x < 1.0. Ensemble analysis indicates that the configurations containing TaOCl5-like units 

linked through bridging oxides are energetically favored at this composition, giving rise to local 

connectivity without long-range order. This structural heterogeneity creates a broad spectrum 

of Na+ environments and diffusion pathways that collectively facilitate transport. At x = 1.0, 

oxygen substitution promotes greater Ta–O–Ta coherence through the increased population of 

trans-TaO2Cl4-like chain motifs, which correlates with a slight reduction in ionic mobility. 

These results indicate that locally connected but structurally disordered environments are most 

conducive to Na+ transport, whereas increased framework coherence begins to suppress ionic 

motion by reducing configurational diversity.  



 

Figure 4. (a) Room-temperature ionic conductivities (σion,RT) of NaTaOxCl6–2x as a function of 

oxygen content (x). The graph is divided into three composition regimes, reflecting distinct 

structural motifs, revealing a trend in conductivity correlated with increasing oxygen content. 

(b) Activation energies (Eₐ)) showing a downward trend as chloride is progressively replaced 

by oxide anions. (c) Application of the Chudley-Elliott model to the QENS data of 

NaTaO0.5Cl5.0, yielding high the self-diffusion coefficients (Dself) for Na+. Transparent data 

points denote outliers excluded from the fit. (d) Arrhenius plot of the 23Na NMR T1-relaxation 

rate of NaTaO0.5Cl5.0. The solid line represents fit according to the modified Bloembergen, 

Purcell, and Pound (BPP) model. Position of the Tmax is indicated by the vertical dashed line. 

 

Activation energies decrease from ≈ 0.37 eV for NaTaCl6 to ≈ 0.31 eV for oxygen-substituted 

compositions (Figure 4b), stabilizing for x ≥ 0.5. This flattening of the energy landscape 

suggests that once a critical amorphization level is reached, similar Na+ environments dominate 



continuous and efficient ion transport. The composition x = 0.5 emerges as particularly 

favorable, combining the highest ionic conductivity with the most structurally heterogenous 

motif distribution among the amorphous phases. To gain more microscopic insight into the Na+ 

diffusion of this composition, quasielastic neutron scattering (QENS) is performed 

(Supplementary Note 9). The energy spectra (Figure S12a) show increasing quasielastic 

broadening with rising temperature, indicative of thermally activated Na+ dynamics. The full 

width at half maximum (Γ) of the quasielastic component increases with momentum transfer q 

and reaches a plateau at higher q-values (Figure 4c), consistent with localized jump diffusion 

behavior. Fitting the Γ (q) dependence using the Chudley-Elliott model yields jump lengths 

and mean residence times (Table S5) which were used to calculate Na+ self-diffusion 

coefficients (Dself) ranging from 6.6·10–11 to 8.2·10–11 m2·s–1 increasing with temperature. 

These values are characteristic of fast-ion conductors and align well with estimates derived 

from macroscopic ionic conductivity measurements (Figure S13), confirming that the high Na+ 

transport arises from short-range, thermally activated diffusion events in the amorphous matrix. 

Based on this comparison, the fraction of mobile Na+ ions is estimated to be approximately 

1 – 5%, increasing with temperature (Figure S14). This fraction reflects the portion of Na+ ions 

undergoing dynamic motion on the QENS timescale (ps to ns). The Na+ dynamics is further 

probed using 23Na NMR spin-lattice relaxometry (SLR), being sensitive to Na+ motions (Figure 

4d, S15 a-c). Analyzing the SLR data with a modified BPP model provides two different 

activation energies – Ea,HT (from the high-temperature flank) and Ea,LT (from the low-

temperature flank) that corresponds to the long-range (ω0τc << 1) and short-range (ω0τc >> 1) 

Na+ diffusion, respectively.[25]  The difference between the two activation energies lead to an 

asymmetric appearance of the rate curve, which is quantified using the asymmetry parameter 

β (0 < β ≤ 1). For three-dimensional uncorrelated motion, β equals to unity, leading to a 

symmetric rate curve. However, for ionic motions in solid electrolytes, the value of β is 

generally less than 1, due to the correlated motions in these solid electrolytes as a result of 

structural complexity coming from Coulombic interactions, local disorders etc.[26],[27]  Fitting 

the data using modified BPP model revealed an increase in Ea,HT from ~ 0.27 eV for x ≤ 0.5 to 

~ 0.32 eV for x > 0.5, whereas Ea,LT showed a maximum of 0.17 eV for x = 0.5 (Figure S15d). 

The asymmetry parameter β is determined to be the highest (= 0.62) for x = 0.5 (Figure S15e), 

dropping to ~ 0.36 for x > 0.5. Taken together, the localized Na+ motion is found to be strongly 

affected by the presence of different local motifs, where the x = 0.5 sample showed the least 

correlated ionic motion (highest β) due to the high structural heterogeneity offered by the 

TaOCl5-like units linked through bridging oxide anions. The emergence of trans-TaO2Cl4-like 



chain motifs at higher oxygen content significantly reduces the localized Na+ jump frequencies 

via reducing the configurational diversity, which results in a drastic high-temperature shift of 

the Tmax by 70 K going from x = 0.5 to x = 1.0 (Figure S15e). Furthermore, the self-diffusion 

coefficient from NMR (DNMR) for x = 0.25, 0.5 and 0.75 is calculated to be in the order of 10−12 

m2·s-1 at 300 K, using the random walk model and the jump distance obtained from QENS 

analysis (Supplementary Note 10, Table S5). The difference between DNMR and DNernst-Einstein 

(Figure 4c) possibly arise from the fact that DNMR likely is affected by large number of 

unsuccessful jump processes, that are not present in DNernst-Einstein, as the later probes successful 

longer-range ionic jumps only.[28],[29]   

 

Application of amorphous oxyhalides in sodium solid-state batteries. To evaluate the 

electrochemical performance of NaTaOxCl6–2x catholytes, solid-state battery cells were 

assembled using Na2/3Ni1/3Fe1/3Mn1/3O2 (NFM) as the cathode active material, 

Na2(B10H10)0.5(B12H12)0.5 as separator and Na2.25Sn as anode material. Figure 5a displays a 

representative voltage–capacity curve for x = 0.5, demonstrating reversible charge-discharge 

behavior between 2.2 and 3.4 V, along with the corresponding capacity evolution over 350 

cycles (Figure 5b). The electrochemical stability of NaTaOCl4 has previously been evaluated 

by linear sweep voltammetry, demonstrating stability within the applied voltage window.[13] 

Accordingly, a cycling window of 2.2–3.4 V was selected to avoid decomposition of both the 

oxyhalide electrolyte and the Na-hydroborate separator. The initial discharge capacity of 

75 mAhg–1 gradually decreases to  38 mAhg–1 after 350 cycles, equivalent to a capacity 

retention exceeding 50%, likely due to interfacial processes (e.g. CEI formation) or local 

contact loss associated with volume changes of the NFM.[12],[30] Notably, the rate of capacity 

decay diminishes with increasing cycling number, indicating a progressive stabilization of the 

electrochemical interfaces. Analogous data for other compositions are provided in 

Supplementary Note 11 (Figure S16-17). Rate performance trends (Figure 5c) mirror the ionic 

conductivities of the corresponding electrolytes. NaTaCl6 exhibits the lowest rate capability, 

whereas oxygen-substituted compositions with higher conductivities deliver improved 

performance at high-rates. Plotting discharge capacity against room-temperature ionic 

conductivity (Figure 5d) reveals a general correlation, though deviations occur at the highest 

conductivities, suggesting that factors beyond bulk ion transport, such as particle size 

distribution and interparticle connectivity, affect rate behavior.[31] Further insight into the 

degradation process was obtained from impedance measurements collected during the first 20 

cycles (Figure S18). These spectra reveal a gradual increase in impedance for all cells during 



cycling. While the initial impedance follows the trend of the solid electrolyte ionic 

conductivities, the rate of increase growth varies the compositions. In particular, the impedance 

of the NaTaO0.5Cl5.0-based cell increases more rapidly than those of cells with x = 0.25, 0.75 

and 1.00, indicating a faster degradation process. Indeed, scanning electron microscopy and a 

corresponding particle size analyses (Supplementary Note 12, Figures S19-20) shows that 

NaTaO0.5Cl5.0 possesses the largest particle size, which may impede the homogeneous 

percolation of ionic and electronic transport networks even after processing into composites.[32] 

Clearly, while bulk transport properties can be optimized in these oxyhalide solid electrolytes 

through oxygen incorporation, for cell application the microstructure will require some further 

optimization in future work.   

 

Figure 5. (a) Representative charge–discharge curves for every 50th cycle of the Na2.25Sn 

│Na2(B10H10)0.5(B12H12)0.5│NFM:NaTaO0.5Cl5.0:CNF solid state batteries (x = 0.5) at room 

temperature, demonstrating reversible cycling behavior. (b) Representative long-term cycling 

performance of the same sodium solid state batteries (x = 0.5) at room temperature, showing 

an initial capacity decay followed by stabilized cycling. (c) Rate performance of full cells with 

different NaTaOxCl6−2x catholytes, measured between 2.2 and 3.4 V. (d) Correlation between 

the maximum discharge capacity and room-temperature ionic conductivity of the 

corresponding solid electrolytes. 



 

 

Figure 6. (a) Comparison of the retained discharge capacity (%) as a function of cycle number 

for a lithium solid-state battery (LSSB)- data from ref. 33 - and the sodium solid-state battery 

(NSSB) of this work using NaTaO0.75Cl4.5 as solid electrolyte. (b) Retained discharge capacity 

(%) as a function of inverse discharge time (h−1), illustrating a slightly faster capacity decay 

of the sodium system. 

To benchmark the performance of the NaTaOxCl6−2x catholytes, the electrochemical behavior 

of the sodium solid-state battery (x = 0.75), which exhibits the highest capacities in the rate 

tests and high ionic conductivity, was compared to that of a lithium solid-state battery (LSSB) 

reported by Schlautmann et al. (Figure 6) with optimized particle sizes of a Li6PS5Cl solid 

electrolyte.[33] As shown in Figure 6a, the sodium-based system exhibits stable cycling with 



moderate capacity fading over repeated cycles, following a trend comparable to that of the 

lithium-based reference. The discharge capacities are normalized to the first cycle at 0.1C to 

enable a direct comparison of capacity retention. Although the absolute capacity of the sodium 

active material is lower, the overall evolution of rate performance is similar. Comparing the 

retained discharge capacity as a function of inverse discharge time (Figure 6b) reveals a 

systematic decrease in capacity with increasing rate for both systems.[34],[35] Notably, the 

sodium solid-state battery shows a rate-dependent behavior closely resembling that of the 

lithium system, despite the intrinsically lower ionic conductivity and larger ionic radius of Na+ 

compared to Li+. This indicates that the oxyhalide electrolyte enables efficient Na+ transport 

even under kinetically demanding conditions. Overall, this comparison demonstrates that the 

sodium system approaches the electrochemical performance of established lithium solid-state 

batteries in terms of rate capability. These findings highlight the potential of mixed-anion 

oxyhalide electrolytes as a promising materials platform for sodium solid-state batteries. 

 

Na⁺ transport from ab initio molecular dynamics. Experimental results show that 

compositions with intermediate oxygen content exhibit the highest bulk ionic conductivity. To 

test whether this is consistent with atomistic transport behavior, ab initio molecular dynamics 

(AIMD) simulations are performed on representative local configurations of NaTaOxCl6-2x at x 

= 1 (112 atoms) and x = 0.5 (120 atoms), capturing the oxygen-rich and intermediate 

compositions that favor locally connected (chain-like) and less-connected (dimer-like) Ta 

environments, respectively. Starting configurations are drawn from the AIRSS-generated 

structural ensemble, with both the lowest-energy structures and selected thermally accessible 

higher-energy configurations included to probe the effect of local structural variation on Na⁺ 

dynamics. 



 

Figure 7. Representative motifs of the NaTaOCl4 composition. (a) exclusively trans-

[TaO2Cl4]
3− chains, (b) alternating cis-trans octahedra, (c) cis-only chains. (d) Na+ mean-

squared displacements from AIMD simulations for each motif; the trans structure shows 

markedly enhanced Na+ mobility relative to the cis and cis-trans arrangements. (e) Probability 

density maps of equatorial ligand orientations about the Ta–O–Ta axis for trans octahedra in 

the cis-trans and trans only structures; the dashed circle marks the average Ta–Cl bond length 

(2.42 Å). The trans octahedra exhibit a broad, near-uniform angular distribution, indicating 

large-amplitude rotational freedom, whereas the cis-trans octahedra show sharply localized 

density, reflecting constrained ligand motion.  

 

For x = 1 (NaTaOCl4), simulations of three representative local configurations — pure trans 

chains, cis-only chains, and alternating cis-trans arrangements (Figures 7a–c) — show that Na+ 

exhibits the largest mean-squared displacement in the trans structure (Figure 7d). The trans-

only framework displays substantial collective flexibility, characterized by large-amplitude 

rotations of the equatorial Cl4 plane (Figure 7e; full framework trajectories and additional polar 

maps are provided in Supplementary Note 13, Figures S21–23). In contrast, the trans octahedra 

in the cis-trans structure exhibit restricted motion due to edge-sharing between octahedra, 

which mechanically locks the framework and suppresses rotational freedom.[36] Although the 



cis-only structure is formally corner-sharing, the fact that both bridging oxygens lie along the 

same edge creates an effectively edge-sharing arrangement, similarly constraining rotation. The 

enhanced Na+ mobility in the trans-only chains is consistent with a “soft cradle” mechanism 

analogous to that proposed for LiNbOCl4,
[19],[37] in which cooperative rotational fluctuations of 

the framework octahedra flatten the potential energy surface for Na+ transport and facilitate 

cation hopping. 

 

These results establish a correlation between framework flexibility and Na+ diffusivity at x = 

1. Importantly, polyhedral connectivity and rotational freedom are not independent variables 

— the mode of connectivity governs the degree of rotational freedom available to the 

framework, such that the MSD differences between motifs reflect a single coupled structural 

effect. This also has a broader implication: the fast ion transport observed experimentally need 

not be a direct consequence of amorphicity, but rather of the flexible local motifs that promote 

Na+ mobility. 

 

 

Figure 8. Representative motifs of the x = 0.5 composition. (a) Unaligned configuration (b) 

Aligned configuration, in which all Ta–O–Ta linkages adopt a parallel orientation. (c) Na+ 

mean-squared displacements from AIMD simulations for each motif; the unaligned structure 

shows markedly enhanced Na+ mobility. (d) Probability density maps of equatorial Cl ligand 



orientations about the Ta–O axis; the dashed circle marks the average Ta–Cl bond length (2.39 

Å). The unaligned structure exhibits a broad, near-uniform angular distribution indicative of 

large-amplitude rotational freedom, while the aligned structure shows sharply localized 

density, reflecting constrained ligand motion. 

 

For x = 0.5 (NaTaO0.5Cl5), AIMD simulations were performed on two representative motifs 

(Figure 8a, 8b) to probe how dimer orientation influences Na+ mobility. The lowest-energy 

configuration, comprising ordered [Ta2OCl10]
2− dimers with all Ta–O–Ta linkages in a parallel 

orientation (Figure 8b), show minimal Na+ mobility (Figure 8c). This high degree of 

orientational coherence is unlikely to be representative of the experimentally observed 

amorphous phase. To investigate the effect of relative dimer orientation, an additional 

configuration from the AIRSS ensemble (22.4 meV atom−1 above the ground state) was 

selected for simulation (Figure 8a, Supplementary Note 14, Figure S24). In this structure Na+ 

diffusion is markedly enhanced and correlates with increased rotational freedom of the 

equatorial Cl4 plane in the [TaOCl5]
2− octahedra (Figure 8c, 8d) — consistent with the same 

flexibility–mobility relationship identified at x = 1. 

 

The computed diffusion coefficients across all five structures span nearly two orders of 

magnitude — from 1.3 ± 1.0 × 10−11 m2 s−1 (Aligned dimers) and 1.5 ± 0.8 × 10−11 m2 s−1 (Cis 

chains) up to 4.8 ± 1.1 × 10−10 m2 s−1  (Trans chains) and 1.1 ± 0.2 × 10−9 m2 s−1 (Unaligned 

dimers) — and correlate strongly with the rotational standard deviation s of equatorial ligands 

about the Ta–O(–Ta) axis (Figure 9), reinforcing that rotational flexibility is a key determinant 

of Na+ mobility in these systems, consistent with observations in lithium analogues[19]. By 

contrast, no systematic trend was found between diffusivity and fluctuations in either the Ta–

O–Ta bridging angle or the Ta–O/Ta–Cl bond lengths (Figure S25), indicating that bond-

geometry distortions along the chain backbone are not the primary determinant of Na+ 

mobility. The simulated transport results are further discussed in the context of free volume for 

Na+ diffusion in Supplementary Note 16 and Figures S26–28; although free volume metrics 

capture the broad trend that more open frameworks facilitate diffusion, they fail to reproduce 

Na+ mobility trends at the level of specific local configurations, further supporting that 

rotational flexibility of the equatorial ligands is the primary determinant of Na+ transport. 

 



 

Figure 9. Na+ diffusion coefficient DNa versus rotational amplitude s of the equatorial ligands 

for each molecular dynamics simulation performed. s is the standard deviation of the azimuthal 

angle of each equatorial ligand in the plane perpendicular to the Ta–O(–Ta) axis in each 

polyhedron with each ligand's time-averaged position subtracted to isolate thermal motion. 

DNa is obtained from a Bayesian fit to the Na+ mean-square displacement over 80 ps; error 

bars are posterior standard deviations.  



CONCLUSION 

In this work, the mixed-anion series NaTaOxCl6−2x (0 ≤ x ≤ 1) was systematically investigated 

to unravel how oxygen incorporation tunes structure and ionic transport in amorphous sodium 

tantalum oxyhalides. By integrating experimental and computational methods, we demonstrate 

that while long-range order is lost upon oxygen substitution, distinct short-range structural 

motifs persist and dominate the transport behavior. Oxygen incorporation induces 

amorphization because oxygen atoms preferentially coordinate with multiple Ta centers, 

maximizing local electroneutrality and disrupting long-range order. At intermediate oxygen 

content (x = 0.5), the network is composed primarily of oxygen-bridged [Ta2OCl10]
2− dimers, 

whose random orientations and flexible linkages create a dynamically soft framework with a 

flat energy landscape for Na+ migration. This structural configuration yields the highest room-

temperature ionic conductivity of ≈ 4 mS·cm−1 and Na+ self-diffusion coefficients up to 8.2 × 

10−11 m2·s−1. In contrast, the more ordered trans-[TaO2Cl4]
3− chains that emerge at x = 1 

introduce directional coherence and reduced flexibility, constraining Na+ mobility. 

These findings establish that ionic transport in amorphous oxyhalides is not governed by long-

range periodicity, but local flexibility and orientational disorder within the Ta–O–Cl 

framework plays a primary role. The interplay between small, disordered structural units and 

extended but flexible chain motifs define the optimal balance between stability and mobility. 

This insight provides a fundamental design principle for developing next-generation superionic 

conductors, where controlled local disorder and mixed-anion coordination can be leveraged to 

achieve fast ion transport in amorphous and glass-ceramic solid electrolytes for sodium-based 

energy storage. 

 

 

 

 

 

 

 

 

 

 

 



Methods 

Synthesis. Sodium metal oxyhalides were synthesized via a mechanochemical route using ball 

milling under inert argon atmosphere conditions as recently described.[12] The stoichiometry 

was controlled by varying the ratio of precursors according to the following reaction: 

x NaOH + (1-x) NaCl + TaCl5 → NaTaOxCl6-2x + x HCl (g) 

Here, x with a targeted range of 0 ≤ x ≤ 1 with steps of 0.125 represents the fractional amount 

of oxygen incorporated into the final product. Stoichiometric amounts of anhydrous NaOH 

(Sigma-Aldrich, 99.99%), anhydrous NaCl (Sigma-Aldrich, 99.995%), and anhydrous TaCl5 

(Alfa Aesar, 99.995%) were combined with zirconia (ZrO2) milling media (5 mm diameter) in 

80 ml ball milling cups, maintaining a mass ratio of 1:30 between the expected product and the 

milling media. As a premixing step, a planetary ball mill (Fritsch Pulverisette 7) was operated 

for 10 minutes each at 150 rpm and 300 rpm, respectively. The main mechanochemical reaction 

was then carried out under reverse milling mode at 500 rpm for 120 cycles, with each cycle 

consisting of 15 minutes of milling followed by a 5-minute cooling interval. 

X-ray Diffraction (XRD). X-ray diffraction data were collected using a Stoe STADI P 

diffractometer equipped with Mo Kα1 radiation (λ = 0.70930 Å) and a Ge (111) monochromator 

in Debye-Scherrer geometry. Diffraction patterns were recorded using a Dectris Mythen2 2K 

detector. The samples were sealed in borosilicate glass capillaries (0.5 mm diameter) to prevent 

air exposure during measurement and scanned over a 2θ range of 5° to 45° at a scanning rate 

of 0.67° per minute with a detector threshold of 8.74 keV. To quantify the amorphous content, 

lanthanum hexaboride (LaB6, Alfa Aesar, 99.5%) was mixed with the samples as an internal 

standard. The known mass ratio of LaB6 to sample, combined with phase analysis performed 

using TOPAS Academic V7, enabled determination of the amorphous fraction in the 

samples.[38] 

Pair Distribution Function (PDF). Total scattering data were collected using a Stoe STADI P 

diffractometer with Ag Kα1 radiation (λ = 0.55941 Å) and a Ge (111) monochromator in 

Debye-Scherrer geometry. The instrument was equipped with four Dectris MYTHEN2 4K 

detectors, as described by Thomae et al.[39] Samples were sealed in borosilicate glass capillaries 

and measured over a Q-range of 0.8 to 20.5 Å−1 for a total acquisition time of 24 hours. Data 

reduction was performed using PDFgetX3 software, which applies Fourier transformation to 

convert the total scattering data into the pair distribution function.[40] For analysis, a Q-range 

cutoff (Qmax) of 15 Å−1 was selected, with additional cutoffs at 13 Å−1 and 18 Å−1 applied for 

comparison. 



X−Ray Spectroscopy (XAS): Extended X−ray absorption fine structure (EXAFS) 

experiments were carried out at the materials science beamline 10 at the DELTA storage ring 

(TU Dortmund/Germany) operating with 1.5 GeV electrons and a stored current of 

100−130 mA (Range: 4−14 keV). A Si (111) channel-cut monochromator was employed, and 

the intensity of the incident beam on the sample was measured using a nitrogen−gas filled 

ionization chamber, while the X−ray fluorescence from the sample was collected using a 

large−area PIPS® photodiode (Passivated Implanted Planar Silicon).[41] The energy range 

measured covered the X−ray absorption L3 edge of Ta (9881.1 eV). Initial data processing of 

the XANES region was performed via the ATHENA Software package.[42] Pre-edge range and 

spline range were determined from the automated data processing, while the edge step E0 was 

obtained from the inversion point of the first major peak of the first derivative of μ(E). All data 

sets were plotted using normalization order 3. Because NaTaOxCl6−2x oxychlorides are highly 

air- and moisture-sensitive, all handling was performed in an argon-filled glovebox (O2 and 

H2O < 0.1 ppm). Powdered samples were loaded into custom rectangular stainless-steel 

templates (5 × 3 cm2) with a central aperture. The powders were carefully pressed into the 

aperture and hermetically sealed between two Kapton® adhesive foils, yielding mechanically 

stable and X-ray transparent pellets. This procedure ensured that no part of the sample was 

exposed to ambient atmosphere during mounting. After preparation, each sealed sample was 

immediately transferred into airtight 50 mL polypropylene Falcon® tubes, backfilled with 

argon, and stored until measurement. Samples remained fully isolated from air and moisture 

throughout all stages of storage, transport, and analysis. 

Nuclear Magnetic Resonance Spectroscopy (NMR). Magic-angle spinning (MAS) NMR 

spectra of 23Na (Larmor frequency ωL = 132.36 MHz) were recorded on a Bruker NEO 500 

spectrometer equipped with an 11.74 T wide-bore magnet. The samples were packed under 

argon atmosphere into cylindrical zirconia rotors with a diameter of 2.5 mm. The magic angle 

was calibrated using the 23Na resonance of solid NaNO3. Single-pulse MAS experiments were 

conducted using a 90° radio-frequency pulse of 3.15 μs at 120 W and a recycle delay of 15 s, 

with a spinning frequency of vMAS = 25.0 kHz. Chemical shifts for 23Na were referenced to a 

freshly prepared 1 M NaCl aqueous solution at 0 ppm. Spectral fitting and analysis were 

performed using the ssNake software package.[43] 

Static variable-temperature 23Na saturation-recovery experiments were conducted in a VTN 

broadband probe at 4.7 T on a Bruker NEO 200 spectrometer with ν0 = 52.94 MHz. For 90° rf 

pulses a pulse length of 3.4 µs at 120 W was used. Recycle delays were incremented from 

10 µs up to maximum 10 s with four logarithmic steps per decade or stopped reaching a plateau. 



The samples were packed under argon atmosphere into 4 mm cylindrical zirconia rotors. The 

temperature-dependent experiments were performed in a range from 250 K to 450 K with a 

step size of 10 K. An Air Jet XR compressor-based cooling system from SP Scientific (FTS 

System) in conjunction with an electrical heating system utilizing dried, compressed air was 

used for temperature regulation in the temperature range of 250 K to 290 K. For temperatures 

above 290 K only the electric heating and a dried, compressed air flow was used. The 

temperatures were calibrated using the known 1H chemical shift temperature dependencies of 

methanol (250-290 K) and ethylene glycol (300-450 K). 

Density functional Theory (DFT). To model local structure in the NaTaOxCl6−2x family, we 

employed ab initio random structure searching (AIRSS)[44],[45] to generate candidate 

configurations capable of representing the diverse local structural environments arising from 

the absence of long-range order. Searches were performed for compositions x = 0, 0.5 and 1, 

corresponding to NaTaCl6, NaTaO0.5Cl5.0, and NaTaOCl4 respectively, to investigate the loss 

and partial recovery of long-range order as x increases from 0 to 1. Supercells containing 8, 16 

and 32 atoms (NaTaCl6),15, 30, and 45 atoms (NaTaO0.5Cl5.0) and 7, 14, and 28 atoms 

(NaTaOCl4) were considered. 

All candidate structures were relaxed using density functional theory (DFT) as implemented in 

the Vienna Ab initio Simulation Package (VASP).[46],[47],[48],[49] The choice of exchange–

correlation functional and dispersion correction scheme was guided by a benchmarking study 

on representative compounds (NaTaCl6 (P21/n, ICSD #36519)[50], TaCl5 (C2/m, ICSD 

#409433)[51], NaTaO3 (Pnma, ICSD #88375)[52] and TaOCl3 (mp-1208583). The Perdew-

Burke-Ernzerhof (PBE) functional[53] with D4 dispersion correction[54] yielded the best overall 

agreement with reference lattice parameters from the Inorganic Crystal Structure Database 

(ICSD) [55] and the Materials Project[56], and was therefore adopted for all subsequent 

calculations. 

Projector augmented-wave (PAW) pseudopotentials[47] were used to describe the electron-ion 

interactions, with the following valence electron configurations: Na (2p6 3s1), Ta (5p6 5d3 6s2), 

O (2s2 2p4), and Cl (3s2 3p5). A plane-wave kinetic energy cutoff of 624 eV was employed, as 

determined from convergence testing on the endpoint compounds. Brillouin zone integrations 

were performed on a Monkhorst-Pack mesh with a density of 0.327 Å−1 mesh[57] for primitive 

cells. Electronic self-consistency was achieved using a convergence threshold of 1 x 10−6 eV 



on the total energy, and ionic relaxations were performed until forces on all atoms were below 

[ 0.01 eV/Å]. 

Sodium-ion diffusion was investigated using ab initio molecular dynamics (AIMD).  

Calculations employed a Γ-only k-point mesh to reduce computational cost. Each structure was 

first relaxed to provide the starting configuration for AIMD. Simulations began with a 2 ps 

equilibration phase at 600 K, with a timestep of 2 fs and periodic velocity rescaling applied 

every 50 steps to maintain the target temperature. Following this, the system was equilibrated 

for an additional 2 ps in the canonical (NVT) ensemble with a Nosé-Hoover thermostat[58],[59] 

for temperature control. Production runs were then performed in the NVT ensemble at 600 K 

for 80 ps. 

All calculation analyses were carried out using Python-based workflows, making use of the 

pymatgen[60], NumPy[61], SciPy[62], and kinisi[63],[64], ASE[65] Crystal torture[66] and dscribe[67] 

packages. OVITO[68] was used for visualization of molecular dynamics. Hofmann was used for 

all structural models[69]. 

 

Electrochemical Impedance Spectroscopy (EIS). Temperature-dependent electrochemical 

impedance spectroscopy was performed to determine the ionic conductivities and activation 

energies of the samples. Approximately 250 mg of each sample was pelletized by uniaxial 

pressing, followed by isostatic pressing for 1 h under 330 kN (~410 MPa). The resulting pellets 

had a thickness of approximately 0.1 cm and a diameter of about 0.9 cm. Both pellet faces were 

sputtered with a thin gold layer of ≈ 120 nm thickness using a Cressington Coating System 

108a (40 mA, 300 s) to serve as electrodes. Pouch cells were fabricated by sealing the pellets 

in pouch foil, with aluminum tabs attached on each side acting as electrical contacts. 

Impedance measurements were carried out using a Novocontrol system equipped with an 

Alpha Analyzer and a Quatro Cryosystem. Spectra were collected over a frequency range of 

50 mHz to 10 MHz with an applied AC amplitude of 30 mV, at temperatures ranging from 

173.15 K to 333.15 K. Data analysis was performed using RelaxIS 3 software 

(rhd instruments). 

Quasielastic Neutron Scattering (QENS). QENS data for x = 0.5 was collected at the BASIS 

backscattering spectrometer at the Spallation Neutron Source, Oak Ridge National 

Laboratory.[70],[71] The Si (111) analyzers, operated with a neutron wavelength of 6.4 Å and a 

60 Hz chopper frequency was selected. Approximately 5 g of sample was loaded into an 

aluminum sample holder consisting of a 1 mm-spaced double-wall cylinder, sealed with 

aluminum foil acting as a gasket. Measurements were performed at 100 K, 300 K, 325 K, and 



350 K for about 5 hours each and temperature was controlled by using a closed-cycle 

refrigerator with a hot stage. Data reduction was performed using the Mantid software package, 

with normalization to a vanadium standard. The scattering data were binned into Q intervals of 

0.2 Å−1 width over the range 0.2 – 2.0 Å−1, and energy intervals of 0.4 µeV width over −100 to 

100 µeV. Data fitting was carried out using the Dave software package, employing the 

following model: 

S(Q, E) = (Aδ(E)+B
πΓ(Q)

Γ(Q)2+E2
) ∙R(Q, E) + C(Q, E) 

Here, Aδ (E) represents the elastic scattering contribution, while the Lorentzian term accounts 

for the quasielastic broadening. Both are convoluted with the instrumental resolution function 

R (Q, E), approximated by the diffusion-less signal measured at 100 K. The term C (Q, E) 

describes a linear background function. From the Lorentzian fits, the half-width at half-

maximum Γ (Q) of the quasielastic broadening was extracted. The Q-dependence of Γ (Q) was 

modeled using the Chudley-Elliott jump diffusion model to obtain jump distances and mean 

residence times, which were subsequently used to calculate diffusion coefficients at each 

temperature.[72] 

Assembly and test of solid-state batteries. Solid-state cells were assembled using 

Na0.67Ni1/3Fe1/3Mn1/3O2 (NFM) as the cathode active materials, NaTaO0.5Cl5.0 as the catholyte, 

and carbon nanofibers (CNF, Sigma-Aldrich) as a conductive additive, 

Na2(B10H10)0.5(B12H12)0.5 as the separator and Na2.25Sn alloy as anode. The cathode composite 

consisting of 67% NFM, 31% NaTaO0.5Cl5.0 and 2% CNF by weight was homogenized using 

an egg-shaking process at 15 Hz for 15 minutes. Na2.25Sn[73] and Na(B10H10)0.5(B12H12)0.5
[74] 

were prepared using as described previously. The NFM was prepared using a coprecipitation 

method.[75] 

The separator (~50 mg) was compacted in a PEEK-lined press cell equipped with stainless steel 

stamps acting as current collectors, using a uniaxial pressure of 3 tons applied for 3 minutes 

(~290 MPa). Following this, the press cell was opened on one side to insert the cathode 

composite (~11.7 mg, equivalent to an active material mass loading of 7.89 mg∙cm−2), which 

was pressed onto the separator under identical conditions. The anode (~20 mg) was similarly 

applied to the opposite side and the full set up was pressed at 3 tons for 3 minutes. The cell was 

mechanically stabilized using a torque frame tightened to 10 Nm, corresponding to an 

estimated pressure of ~40 MPa. Electrochemical cycling was performed at room temperature 

(298.15 K). For long cycling the cells were conducted at a rate of 0.1 C, while for the rate tests 

after 5 cycles the rate was changed with an initial C-rate of 0.1 C, followed by 0.2 C, 0.5 C, 



1 C (equivalent to a current density of 0.122 mA∙cm−2, 0.244 mA∙cm−2, 0.609 mA∙cm−2 and 

1.218 mA∙cm−2, respectively) and 0.1 C as a repetition at the end. The cells were cycled within 

a voltage window of 2.2 to 3.4 V vs. Na/Na–Sn. 
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