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Foreword

The 10th Liege Conference on Materials for Advanced Power Engineering presents the
achievements of international materials related research for high efficiency, low-emission
power plants. Furthermore the new demands of the transition of electricity supply to-
wards more and more regenerative power sources are reported.

Resource preservation and maximization of economic success by improved plant effi-
ciency were the driving forces in past materials and power plant technology development.
Fossil fuels will still play a considerable role for future energy security, even if renewables
gain rising importance. The integration of fluctuating renewable energy technologies poses
great future challenges in terms of load flexibility, thermal cycling capability and downtime
corrosion resistance for the materials employed in new concentrated solar power, biomass
fired or gas to liquid plants and the backing conventional fossil fired power plants. In
order to balance erroneous availability forecasts of fluctuating regenerative power sources
(wind, solar) and vice versa to bridge short periods of low conventional power demand,
the minimum load capability of conventional power plants will have to be decreased, while
on the other hand start-up times and load ramps will have to be increased to ensure grid
stability. Above all improved efficiency of plant, implying rising process temperatures
and pressures remains of the utmost importance to ensure economic prosperity. All these
issues will create even stronger demands for future materials research and development.

The series of Liége Conferences on Materials for Advanced Power Engineering reflects
the necessity of joint international material research and component development for crit-
ical components of power generation equipment by bringing together material scientists,
design engineers, alloy producers and component manufacturers. To put European ef-
forts into an international framework there are several invited research and review papers
covering materials, component and process development in the USA and Asia. In addi-
tion there are more than 75 contributed papers from 22 countries which are presented as
posters at the conference.

The Conference Proceedings are organised as follows:
e Materials for Advanced Steam Power Plants;

e New materials;

Manufacturing, Processing and Examination;

Gas Turbine Materials;
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e Corrosion, Thermomechanical Fatigue and Modelling;
e Materials for Advanced Nuclear Power Plants;

e New Power Plant Cycles and Flexible Operation.

The Organization Committee and Editorial Board members would like to express their
gratitude to all the authors for their contributions and the scientific advisory board mem-
bers for their considerable help in reviewing of the submitted papers.
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Forschungszentrum Jiilich GmbH

"Forschungszentrum Jiilich pursues cutting-edge interdisciplinary research addressing the
pressing issues of the present. With its competence in materials science and simulation,
and its expertise in physics, nanotechnology, and information technology, as well as in
the biosciences and brain research, Jiilich is developing the basis for the key technologies
of tomorrow. In this way, Forschungszentrum Jiilich helps to solve the grand challenges
society is facing in the fields of energy and environment, information, and brain research.

Forschungszentrum Jiilich is also exploring new avenues in strategic partnerships with
universities, research institutions, and industry in Germany and abroad. With more than
5,000 employees, Jiilich - a member of the Helmholtz Association - is one of the large
interdisciplinary research centres in Europe."
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University of Liége (ULg)

The University of Liége devotes more than half of its annual budget to high-level re-
search, recognized throughout the world. Its activities extend from fundamental to ap-
plied research. More than 2000 people- lecturer/researchers, scientists and technicians-
are involved in its research programmes. The moderate size of the University encourages
inter-disciplinary research and, more generally, contacts between scientists from various
disciplines. There exist numerous partnerships with the industrial sector and the Univer-
sity plays an active role in enhancing the creation of spin-off companies and guiding their
development.

In terms of research, the University of Liége offers several possibilities for

e companies or organisations from both the public and private sectors who wish to
set up partnerships or subcontract research tasks;

e master’s graduates wishing to engage in research while pursuing a doctorate;

e post-doctoral researchers seeking to broaden the scope of their activities as part of
one of our reputed research teams;

e experienced researchers interested in an academic position enabling them to com-
bine teaching activities with top range research activities.

The ULg has chosen inter-disciplinarity and partnership of the research units in or-
der to develop a quality collaborative research, rich in diversity and differences, by also
favouring the critical size through forming research centres to have access to international
partnerships of high quality. It encourages researchers in particular to create spin-offs on
the basis of their research findings and to guide their development.

The ULg has been resolute in its desire to become involved in a Free Access policy,
by putting PhD theses of its students online on the Internet (BICTEL/e Project), by
inviting members of the ULg to deposit their scientific publications in order to enable the
free circulation of them over the Internet (Digitheque Project ORBI) and by creating a
publication portal of scientific periodicals of the ULg. Furthermore, it wishes to make
science available to the general public through the scientific popularisation website Re-
flections.
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Cranfield University

Cranfield University is an exclusively postgraduate university that has global reach in its
education and research activities in technology and management. Located at the heart of
the UK, we provide transformational research, premier learning, impact and influence for
over 750+ organisations working with us from around the world.

Cranfield produces the highest number of Engineering and Technology postgraduates
in the UK and is ranked number one in the UK for its Customised Executive Education.
We are among 1% of business schools globally with Triple Accreditation and we are a three
times winner of the prestigious Queen’s Anniversary Prize. 94% of our graduates achieve
relevant employment or further study within six months of graduation, securing jobs in
some of the world’s best known companies including Nissan, Oxfam, Airbus, Johnson &
Johnson, Williams F1, Water-Aid, PricewaterhouseCoopers, Rolls-Royce, Shell, Affinity
Water, Kraft and GlaxoSmithKline.

Our transformational research is aimed at meeting the needs of business, government
and the wider society. Cranfield is one of the top five research-intensive universities in the
UK and is recognised as one of the world’s strongest universities in Mechanical, Aeronau-
tical & Manufacturing Engineering. We are informing policy for governments, providing
management best practice and producing new technologies and products for the world
of commerce. Global warming, flood prevention, food production, safer transport and
national security, are just a few areas in which we apply our research and teaching to
real-world problems.

Technology development and the engineering of viable energy systems is a major
theme, combining established research strengths in conventional and renewable power
generation; oil and gas; offshore wind/wave/tidal energy systems; CO2 capture, use and
storage; resource management and biomass/waste energy systems. Materials and coat-
ings development and reliability in service represent major capabilities in our Centre for
Power Engineering. Close industrial links have allowed us to develop specialist facili-
ties and equipment to assist our clients and support our research and teaching activities.
Many are industrial-scale, pushing the boundaries of current operating practice and are
unique to Cranfield.

For more information please visit www.cranfield.ac.uk or contact business@cranfield.ac.uk’

Vil
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Abstract

Over the last 25-30 years, the main focus for development of improved steels for power generation equipment
(boilers, steam turbines, pipework systems) has been the concerted actions of COST 501, 522 and 536. These
actions have been very successful. Steels were developed and have been applied to critical components such as
boiler tubing, pipework and turbine castings and rotor forgings. These enabled an increase in steam parameters
from 540-565°C to 600-620°C, bringing benefits in reduced fuel costs and lower emissions.

A new framework for co-ordination of this effort was launched in 2012. KMM-VIN (Knowledge-based Multi-
functional Materials Virtual Institute), is a legal entity established in 2007 with membership of mainly academic
institutes. In 2012 it experienced significant expansion as around 40 participants, including many industrial
companies from the power generation industry and its supply chain, with long history of working together within
the COST Actions, joined the organisation. An Energy Materials Working Group (WG2) has been formed and
has adopted a work programme for the further improvement of steels for power generation plant. One of the
main goals for this work programme EMEP (Engineered Micro- and nanostructures for Enhanced long-term
high-temperature materials Performance) is the industrial-scale demonstration of components using the advanced
MARBN steel concept, steels with potential to allow increase of operating temperatures from 600-620°C to
650°C. The authors of this paper are leading work topics within this work programme.

In the same way that the COST Concerted Actions provided a framework for collaboration between projects
funded by many different agencies, WG2 has already fostered collaboration between projects funded by the
European Commission Framework Programme, e.g MACPLUS and POEMA, projects funded by national
governments, e.g the UK IMPACT project, projects funded by academic funding agencies, e.g EPSRC, and
projects funded privately by WG2 industrial partners.

Keywords: Steam power plant, efficiency improvement, alloy design, microstructure
modelling and process simulation, ferritic-martensitic steels, steam oxidation, coatings
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1 Background
1.1 General background

Clean coal power is one of the most challenging technologies in the light of ongoing
discussions on climate change versus the security of a steady affordable electricity supply to
the fast growing world population. Coal power supplies 40% of world electricity and is
growing fast in highly populated areas such as China and India because of its high energy
density per commissioned unit compared to the renewable energy types available today.
Efficiency increase of coal fired steam power plants is an indispensable technology step
towards clean coal power since it is economical, it enables enormous direct reductions of CO,
emissions and it compensates part of the efficiency loss from carbon capture and storage
(CCS) technologies.

The efficiency of steam power plants is limited by the availability of new stronger high-
temperature materials with improved temperature capability, which allows the construction of
plants operating at increased steam pressure and temperature. Extended long-term integrity of
steam power plant components for 30 years of reliable operation at high temperature requires
both resistance to microstructure degradation and to oxidation in steam as well as for boiler
parts at fireside. Currently developed steels allow steam parameter up to 300bar and 600-
620°C.

Targeted material development will enable further reductions of emissions and improved
planned economy. Improved steels for 325bar and 650°C will permit an increase of efficiency
of affordable steel based steam power plants from today’s maximum of 46% up to a value
close to 50%, equivalent to 8% reduction of specific CO, emissions.

The present Working Program aims to achieve such a steel development in an open
networking between European partners across the whole power plant materials sector,
including universities, research institutes, manufacturers of steel components, power plant
manufacturers and power plant operators. The defragmentation of universities and industry
know-how enabling the advance of competitiveness relative to other economic areas in the
world is a key factor to maintain Europe’s standard of living in future.

The unique cross-sector network of KMM-VIN WG2 Materials for Energy is highly effective
both for directing university research towards "hot topics" and for fast implementation of
results by industrial partners (both large and small).

This great advantage by using the KMM-VIN WG2 Materials for Energy open networking
approach cannot be realized in other research frameworks such as ESF, ESA, EUREKAS or
the EU Framework program. During the running program, further partners can join without
any obstacles and introduce their knowledge to widen the expertise range and achieve the
challenging goal of network development.
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1.2 Current state of knowledge

Because of their combination of high creep and fatigue strength, toughness, oxidation
resistance and moderate costs the ferritic-martensitic steels are potential materials for
operation in fossil power plants with increased steam parameters.

The European material development includes steels for thick section boiler parts, piping and
turbine components, which are key components in the steam power plant, where better
material is needed in order to advance the steam parameters. Long-term laboratory testing of
the new materials has been carried out up to 100,000h after screening tests of a larger number
of testing melts. Specimens from pilot components (rotors, valve bodies, thin and thick walled
parts) tested in different ways have confirmed the transferability of properties from 50-500kg
melts to full size 30t parts. The application of the newly developed steels in 23 new steam
power plants with advanced steam parameters up to 275bar/600-620°C, built by European
steam plant manufacturers demonstrates the success of such a development path for new
steels.

Microstructure investigations (XRD, LM, SEM, FIB, TEM, EFTEM, 3D APFIM, etc.) of
specimens of virgin condition and after long-term creep testing of base material and welds
identified precipitation strengthening as the key mechanism to stabilize the tempered
martensitic structure against creep. Microstructure and creep modelling based on
thermodynamic equilibrium and multi-component diffusion modelling using software such as
Thermocalc, DICTRA, and MatCalc, have supported the understanding of microstructure -
property relationships of this class of steels. However, the definition of new alloy
compositions has not significantly advanced beyond a trial-and-error approach.

Over the past three decades, the development of new ferritic-martensitic 9Cr steels with
improved creep strength led by Europe and Japan has enabled advances in steam conditions
from subcritical 180bar/540°C to supercritical 300bar/600-620°C corresponding to about 30%
reduction in specific CO, emissions. Long-term oxidation tests up to 300bar/650°C in steam
environment in laboratory as well as field tests in a steam plant up to 57,000h have
demonstrated that steels with 9%Cr do not have sufficient oxidation resistance for a steam
temperature of 650°C. Such steels will need surface coatings at temperatures higher than 600-
620°C. Steam oxidation of a number of coatings (Al slurries, thermal spraying, CVD
siliconizing and nickel plating) has demonstrated the feasibility of coatings to improve the
oxidation resistance.

Oxidation and creep tests of steels modified from 12%Cr steels have demonstrated that such a
Cr content provide sufficient oxidation resistance for steam temperatures up to 650°C at least
under atmospheric pressure. However, all attempts to develop 12% Cr steels with sufficient
creep strength for 325bar/650°C steam condition have failed due to microstructure
instabilities leading to a breakdown of long-term strength. It is now evident that the
breakdown is caused by the increase of the Cr content from 9 to 12%, which is found to
accelerate the transformation of fine vanadium and niobium based nitrides into coarse Z-
phase nitrides (Cr(V,Nb,)N) resulting in a severe loss of precipitation strengthening.
Moreover, recent oxidation testing carried out under supercritical steam conditions at 650° C
indicates lack of sufficient oxidation resistance.
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Similar development projects were run by individual companies in Japan and led to many
steel compositions with high Cr and Co contents. This resulted in unstable microstructures in
the long-term range, caused by the formation of Z-phase at the expense of MX-nitrides. In
addition, a government funded 15-year research project was carried-out in Japan at the
National Institute for Materials Science (NIMS) aiming at the development of stronger
ferritic-martensitic heat resistant steels. A well balanced composition of boron and nitrogen in
the steel led to the strongest available steel i.e., a 9%Cr-3%W-3%Co-VNbBN ferritic-
martensitic alloy, which seems to have the potential for 630-640°C application from creep
strength point of view. It will, however, still require surface coating against steam oxidation.
The mechanism for the strong effect of boron to improve creep strength is still not fully
understood. Some modern power plants with steam parameters of up to 280bar/605°C based
on newly developed 9%Cr steels are in service or under construction in Japan. There is a
strong interest and growing research activities in the development of new high temperature
steels of the present class in the Asian economies Korea and China as well in India.

The present Research Program is addressing the development of improved steels and coatings
in an innovative way. Recent advantages in micro-nanostructure characterizations techniques
(Cs-corrected High Resolution TEM, 3D Atom Probe analysis 3D electron tomography and
FIB targeted sample preparation) and novel modelling tools (improved Kinetic and
microstructure and atomistic modelling, together with improved process modelling) which are
available at network partner institutes and universities are used in combination with the
manufacturing and testing capabilities available at industrial partners. This unique network
facilitates a streamlined development of innovative steels and coatings based on advances in
the understanding and predictability of relationships between their micro/nanostructure and
properties. This approach is termed “Engineered Micro- and nanostructures for Enhanced
long-term high temperature materials Performance — EMEP”.

1.3 Reasons for the Working Program

The realization of improvements of the properties of heat resistant 9-12%Cr steels requires
extensive knowledge, experience and equipment of participating universities, institutes and
manufacturers of steels, components, boilers and turbines as well as power plant operators
which will be merged by the cross sectional network of the experts of these organizations.

The planned added value of this KMM-VIN WG2 Materials for Energy network is a
reduction of the CO, emission of around 8% by the increase of the steam parameters of the
nowadays level of 275bar/600°C to 325bar/650°C of coal-fired steam power plants at limited
investment costs. Continued use of coal will also improve the security and affordable steady
electricity supply due to widespread low-cost, long lasting (150+ years) global coal reserves.
It is estimated that replacement of old inefficient power plants and implementation of state-of-
the-art technology in all new-built plants could lead to annual global savings up of to 1.7
Gigatons COg, equivalent to 5.5% of the global emissions (IEA 2008).

This KMM-VIN WG2 Materials for Energy network is aimed at European economic/societal
needs as well as at scientific /technological advances of Europe. The results of this
development will ensure worldwide competitiveness and maintain a high employment rate in
European countries such as steel and metal plants, producers of large forgings, foundries,
boiler makers, and turbine manufacturers. Finally, the defragmentation of university and
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industry know-how and experience will promote the economic and scientific position of
Europe.

1.4 Complementarity with other research programmes

The need to decrease CO, emissions has initiated further activities in research and
development in Europe.

In Germany, the national COORETEC program (CO, REduction TEChnologies) is run to
support the development and improvement of energy supply technologies with the focus on
CO; reduction. In the UK, there is a running project IMPACT to further strengthen the steel
research for the energy and power plant industry. The application of steels for coal fired,
nuclear power, or natural gas fired power plants is regarded as a prerequisite to be able to
develop economic solutions for the future. European projects, such as CRESTA, AUSPLUS,
Z-ULTRA, NextGenPower, POEMA and MACPLUS dealt or are also dealing with the
development of high temperature materials.

KMM-VIN is already a platform of interaction with these research projects to ensure that new
technical developments and research work is integrated in the working topics of EMEP.

2 Obijectives and Benefits
2.1 Aim

The aim of EMEP is to enhance process efficiency and reduce greenhouse gas (particularly
CO,) emissions in thermal power generation by developing innovative ferritic-martensitic
steel grades and their coatings that facilitate operation at steam temperatures of 650°C or
higher; and to verify the required temperature capability of the new steels to serve as critical
components, in particular headers, steam lines and turbines.

2.2 Objectives

The targeted improvement in the process efficiency is 20%, in comparison with the current
average efficiency level in Europe and the rest of the world (maximum steam temperatures of
580-610°C in new plant), with a corresponding reduction of CO; and other emissions. The
solutions for use with steam temperatures up to 650°C will be realized using a novel approach
which considers the mechanisms influencing the steel below the grain scale and the impact on
the macroscopic structure. This Research Program exhibits broad alloying concepts,
developing these through modelling of the micro/nanostructure development during
processing leading to the prediction of the properties of interest. In addition to suitable
mechanical and fabrication properties, the ability to survive in aggressive environments, such
as high-pressure steam, is also critically important. EMEP aims to develop radically new
methods of surface engineering through microstructure and coating routes to protect the
alloys. The candidate alloys and surface solutions are validated first through testing in small-
scale batches and then demonstration for large-scale components. Key objectives to meet are:

« Identification of innovative alloying concepts, promising steel compositions and

surface engineering solutions for elevated temperature service
« ldentification of coating systems capable of withstanding long term steam oxidation
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resistance at 650° C

« Evaluation of most promising surface engineering solutions

« Production of small scale melts (<100kg), to be selected for satisfactory properties in
fabrication (welding, casting, forming, heat treatment, non-destructive inspection,
coating, etc.) and improved performance under service conditions (mechanical and
environmental resistance)

« Characterisation of material (coatings and materials) microstructures down to a
nanoscale. Tailoring materials micro/nanostructure for desired properties.
Optimisation of the processing route, if necessary.

* Production of the best alloys and protective solutions in the scale of prototype
components (approx. 10 tons)

» Development and qualification of welding consumables and joining strategies for new
alloys

» Testing and verification of the new materials systems in terms of the life-limiting
long-term performance (creep, fatigue, oxidation, etc.) towards acceptance for new
plant design.

In recent years, the steel and power generation industries have suffered from a perception that
they are in decline and unadventurous, dirty and lacklustre. Consequently, there have been
noticeable difficulties in attracting fresh graduates with the inevitable result that there is now
both an ageing workforce and a gender imbalance within the industry. To address this, EMEP
has a set of secondary objectives, which are:
« to attract fresh bright graduates in the research on challenging new materials for future
power generation
» to improve the image of the steel and power generation industries highlighting the
challenges and rewards from careers in these industries
« to promote the competitive research, micro/nanostructure characterisation- and
modelling methods and expertise for materials development activities within the
scientific partnership network including the collaborating universities and research
institutes
» to develop solutions withstanding higher temperatures than any earlier alternatives
which advance competiveness of European companies providing materials,
components, equipment, design and systems.

2.3 How networking within EMEP yields the objectives

KMM-VIN WG2 Materials for Energy comprises a network of research institutes, the
material supply chain, OEM’s and generators from across Europe. The combined expertise
and scientific facilities within the network encompass all the required know-how and
technologies required to achieve the prime objective, including material characterization,
modelling, processing and testing. Each activity within EMEP comprises an optimum mix of
these groups that will enable precise delivery of the objectives without losing focus or
becoming unwieldy.

The network also exposes, thorough collaborative activities, interactions, workshops and
meetings, early stage researchers at universities to industrial companies and encourage them
to consider future careers in the power generation industry after achieving their qualifications.
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2.4 Potential impact of EMEP

A key component within the range of measures to reduce CO, and other emissions is to
increase the efficiency of fossil fuelled power stations. This has both an intrinsic benefit and
also enables the economic introduction of carbon capture technology into the plants. As a
direct benefit the steels developed within EMEP will enable the construction of high
efficiency plants with operational flexibility and with reduced costs compared to the
introduction of Ni-base alloys. These new power plants will produce environmental benefits
and energy security in Europe.

Indirect benefits of the Research Program will be an increase in industrial competitiveness in
Europe through the knowledge generated and the strengthening of the R&D capability. An
additional benefit will come through the stimulation of early stage and female researchers and
an increased interest in the industries involved in EMEP.

2.5 Target groups/end users

The output from EMEP is used through the entire supply chain including material producers
(steelmakers), material fabricators (e.g. forgemasters), coating companies, OEMs and end
users (power generating companies). Involvement in this Research Program benefits
universities and research institutes, extending their knowledge and expertise through building
links with industrial companies, facilitating future collaboration and scientific innovation.
Both stakeholders and end users were strongly involved in the preparation of the proposal.

3 Objectives and Benefits

3.1 Scientific focus

The degradation of long-term creep strength and oxidation resistance accelerates with
increasing temperature and thereby limits the temperature capability and lifetime of
components fabricated from ferritic-martensitic steels.

Creep degradation of the ferritic-martensitic steels is controlled by the stability of the
tempered martensite microstructure against the plastic deformation at high temperature. High
microstructure stability is mainly obtained by precipitation strengthening from numerous
micro- or nano-sized hard particles of carbides, nitrides or intermetallic phases, which
nucleate and grow in the microstructure mainly during the final quality heat treatment of the
steels. During service loading, the precipitate particles coarsen, and their strengthening effect
is gradually lost. Furthermore, new precipitates can nucleate and grow during service
exposure or existing precipitates can dissolve or transform into other precipitate types.
Control of the precipitate particles to form a distribution of numerous fine particles, which
remain stable (fine) during long-term exposure to high temperature will enable increased
creep strength of these steels. It is estimated, that the temperature at which the 100,000 hour
creep rupture strength is 100MPa will limit the temperature capability of a given steel.

Steam oxidation of the ferritic-martensitic steels results in the formation of metal-oxide layers
on components exposed to hot steam. If the oxide formation rate becomes too high it might
result in spallation of oxide layers from the exposed surfaces, which could lead to blockings
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and erosion damage in steam cycle components. The Cr content in the steels primarily
controls the oxidation rate of the martensitic 9-12%Cr steels. It has been found that a Cr
content of 9% will result in oxidation rates, which limit the temperature capability of the
steels to 600-620°C. Further, in laboratory atmospheric pressure steam oxidation testing it has
been found that, a Cr content of 12% or higher is needed to obtain oxidation rates, which will
increase the temperature capability up to 650°C. However, in recent high-pressure tests, also
carried out in the laboratory under supercritical conditions, higher Cr alloys such as VM12
(12 wt% in Cr) or even austenic steels such as 316LN (16.8 wt% in Cr) do not exhibit the
required oxidation resistance. In fact, little is known about the effects of pressure in the
stability of protective oxide scale.

3.1.1 Strength enhancements

The previous developments of new martensitic steels capable of temperatures up to 600°C
were mainly based on the optimization of minor alloying contents of vanadium, niobium and
nitrogen, which resulted in precipitation of finely dispersed (V,Nb)N nitrides along with
Cr3Cq carbides. Further improvements were targeted by additions of tungsten, leading to the
formation of Fe,W intermetallic Laves phase and the addition of 20-150ppm of boron, which
increases the long-term creep strength of the steels. The underlying mechanism of boron
strengthening is still unknown, and will be targeted in this Research Program. Special
emphasis will be put on an optimum balance of the boron and nitrogen contents in the steels.
This development has high potential to meet the requirements for strength enhancement and
to increase the temperature capability of ferritic-martensitic steels up to 650°C. However, the
lack of understanding of the strengthening mechanism by boron currently only leads to new
developments based on a trial-and-error approach. By contrast, the different strengthening
mechanisms and influencing parameters, supported by modelling activities, will be studied in
detail here.

So far, it has not been possible to obtain sufficient creep strength at 650°C of 12%Cr steels
simply by (V,Nb)N nitrides or boron. Still, more stable coarse Cr(V,Nb)N Z-phase particles
form with time in expense of finely distributed (V,Nb)N and result in a loss of precipitation
strengthening and a breakdown of the long-term creep strength. An increased Cr content,
necessary for improved oxidation resistance, accelerates this formation of Z-phase nitrides.
One approach is to use the more stable Z-phase itself as a strengthening phase and promote a
finely dispersed precipitation of Z-phase. Other strengthening phases like intermetallic phases
or yttrium dispersoids in ODS alloys will be investigated. Based on different strengthening
mechanisms and computer simulations, new steels with improved creep strength will be
developed.

3.1.2 Surface engineering

Radically new methods of surface engineering are required to modify the surfaces of
candidate structural materials such that their oxidation properties are improved with no deficit
to the strength. Surfaces can be ‘engineered’ in a number of ways, but in general the methods
fall into two categories, namely microstructure and coatings.

Microstructure modification can be achieved in a number of ways, through heat treatment,
mechanical treatment, alloying etc. Better understanding and control of the effect of
microstructure modification is needed. EMEP aims to conduct fundamental investigations on
the oxidation resistance and oxidation mechanisms of different ferritic-martensitic steels after
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selected surface treatments have been performed. This will include the microanalysis of the
internal stresses present in the surface layers as a function of the depth, investigation of the
microstructure at the surface and in the near surface area (by cross-sectional SEM and FIB-
TEM) as well as the surface topography (by AFM) as this will affect the diffusion paths and
consequently the oxidation rate. In parallel a thorough metallographic investigation will be
carried out on 9%Cr steels that showed unexpectedly high steam oxidation resistance at 650°C
in order to understand the causes. In addition treatments such as shot peening are known to
improve oxidation resistance, however, the processes must be made more reliable and
reproducible. Clarification of the microstructure mechanisms of corrosion and the means to
curb the oxidation mechanism will also be investigated. In addition the effect of higher
temperatures, non-isothermal and thermal transient conditions will be a subject for
fundamental, mechanistic and laboratory development. EMEP will support modelling
activities and will contribute to validate any produced models.

Whilst microstructure control and surface modification (such as peening) would be the
preferred method for increasing the range of applicability of conventional alloys, the use of
coatings is a promising option for providing oxidation and corrosion control for alloys which
lack the oxidation resistance whilst having sufficient mechanical properties. New coating
systems will be applied based on multi-step processes, if required including depositions
techniques such as electroless, hot-dipping, thermal spray, slurry application anodic oxidation,
etc. Understanding the degradation of coatings, application method and tailoring the coating
composition and microstructure is vital to the success of coating technology. The Research
Program will focus on these aspects and has consequently identified key areas of interest that
will be addressed. These include basic research on the microstructure stability of the coating
in supercritical steam and fireside environments, the effect of the coating on the mechanical
properties of the alloy as well as the optimization of already developed coatings and the
development of new ones. Figure 1 shows the steam oxidation behavior at 650°C of an
aluminide coating developed during the previous COST action. The coating protects P92 and
has already reached more than 70,000 h of exposure without signs of substrate attack.
Moreover, not only the typical Al and Cr based coatings, but also the behaviour of
intermetallics and alloys formed with the substrate and other elements will be explored. Care
will be taken when selecting coatings and coatings processes so that non-toxic or
environmentally unfriendly species are formed. Other aspects include surface preparation
prior to application of the coating, optimization of the diffusion treatment (temperature and
time steps) when required and developing models to predict the performance of the coating in
service. Components, which are likely to need coatings, will be defined and the most adequate
coating deposition method will be selected for each specific component. Finally, a very
important issue that will be addressed is the definition of new steam oxidation testing
parameters that better reflect real operation conditions. Most laboratories have been testing
under atmospheric flowing steam or steam/Ar mixtures isothermally, but recent results have
shown that the laboratory observed spallation behaviour of uncoated substrates is significantly
different from that in a steam turbine at 150 bar. Moreover, access to high-pressure laboratory
rigs will establish the presently not fully understood effect of pressure on oxide scales, Cr, Si
and Al based. Finally, the synergy between steam oxidation, wear and/or erosion of coatings
and new materials will be studied specifically for valve seats.
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Figure 1: Mass change of a slurry aluminide coating deposited on P92 when exposed to
flowing steam at 650° C in the laboratory.

3.1.3 Microstructure characterization and modelling

For both strength enhancements and surface engineering the strategy for improvement of
temperature capability of this group of materials is to focus on replacing the trial-and-error
approaches with engineered micro- and nanostructures for optimum performance by science-
based modelling approaches, i.e. to optimize compositions, heat treatment schedules or
manufacturing techniques in order to stabilize microstructures over an extended period of
time. This is based on improved understanding of mechanisms of the essential degradation
processes of creep and steam oxidation by detailed characterization and modelling of
microstructure evolution.

Microstructure characterization methods have advanced significantly in recent years. In
addition to well-known metallographic techniques, advanced high-resolution and analytical
transmission electron microscopy (EFTEM, EDS with SDD detectors, precession electron
diffraction, Cs corrected STEM/HAADF and HRTEM, 3D electron tomography) as well as
Focused lon Beam (FIB) sampling are now available at many partner institutes. This allows
unprecedented details of crystal defects or local chemistry of precipitate particles to be
revealed on a sub-nano scale. The latest generation 3D atom probe equipment provides much
faster analysis on the atomic scale, which can widen the range of this powerful
characterization technique. Atom probe in combination with localized sampling by FIB is the
most useful technique to locate boron in the microstructure, and thus help to clarify the
mechanism of ppm additions of this element to strongly enhance creep strength. Recently, a
new possibility for unambiguous characterization of three-dimensional shape and real size
distribution of the strengthening precipitates is given by electron tomography (EFTEM,
HAADF and FIB tomography). Experience has shown that it is essential to investigate
laboratory samples exposed for very long times (5-10 years) in order to draw the right
conclusions. Industrial partners in EMEP will share such unique samples.

Microstructure stability and creep modelling are absolutely necessary to evaluate the

combined influence of up to 10 alloying elements on microstructure stability in order to
optimize chemical compositions and heat treatment schedules. Thermodynamic equilibrium
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and multi-component diffusion modelling using software such as Thermocalc, MatCalc and
DICTRA has advanced significantly. This will be used to evaluate influences of chemical
composition on precipitate phase formations and interdiffusion between coatings and
substrate, as well as effects of shot peening on oxidation rates. Novel software such as
MatCalc can evaluate influence of composition and heat treatment on the rate of nucleation,
growth and coarsening processes for precipitates. Generated microstructure data will be used
to validate the modelling as well as to refine underlying thermodynamic and kinetic databases
to include critical phases such as e.g. boron containing precipitates. Figure 2 shows an
example of a thermodynamic equilibrium calculation for a MarBN steel.
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Figure 2: Thermodynamic equilibrium calculations of a MarBN steel using the software
MatCalc.

Ab-initio modelling can also generate basic thermodynamic and kinetic data as enthalpy of
formation for precipitates and atomic jump ratios in specific crystal systems. Neural network
approaches will provide a broader view of influential factors, which might otherwise not be
recognized.

3.1.4 Manufacture and validation of trial materials and components

Steelmakers, forgemasters and foundries will manufacture trial melts of 50-100kg size with
optimised compositions and heat treatment resulting from the microstructure characterization
and modelling exercises. Mechanical and oxidation testing including long-term tests will be
made at partner laboratories in order to validate the properties of the developed materials.
Welding of pipes and other components is known to lead to a loss in creep strength of the heat
affected zone (HAZ), which has an adverse effect on components lifetime in power plants.
New welding consumables will be developed and tested along with the materials solutions for
base materials. Recent results indicate that in 9%Cr steels an appropriate balance of boron and
nitrogen could suppress the strength loss of the weld HAZ in an innovative way. This will be
thoroughly tested in the Working Program by manufacture and testing of welded joints.
Figure 3 shows a macrograph of a MARBN crossweld creep tested at 650°C and 70MPa (a)
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and corresponding hardness map (b). Simulation of the lifetime of welded components under
creep loading based on finite element methods will be carried out.

TASOMVAO . e i S300HV1.0 ¢ T

Figure 3: a) Cross-section of a MARBN crossweld sample tested at a stress level of 70MPa at
650°C and b) corresponding hardeness map including weld metal, damaged area in the HAZ
and base metal.

Manufacture of large components weighing up to 30t by casting or forging may produce
microstructures, which deviate from the ideal laboratory case. E.g. segregation and non-ideal
precipitate distributions may lead to reduced creep strength, or grain structures in the centre of
large forgings may reduce the possibility for ultrasonic inspections. This seems to be of
particular interest for boron alloyed steels. EMEP will implement simulation tools to optimize
manufacturing processes in order to minimize such deviations. Forgemasters and foundries
will supply components for validation of simulation tools to predict effects of solidification
and forging processes on segregation and residual stresses in large components, forging of
trial samples are shown in Figure 4.

e e
2012/06/25 09:51 AM 2012/08/25 10:00 AM

2012/06/25 09:49 AM

Figure 4: Forging of MarBN Trial Billets.

Industrial partners will manufacture full-size demonstration components of steam pipes, cast
valves and full size trial rotors from successful trial melt compositions. Figure 5 shows
MarBN tubes for insertion in power plant for long term testing. These components will be
thoroughly tested to validate their properties for plant application prior to installiation in
commercial operating plant.
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Figure 6: MarBN cast bonnet manufactured by Goodwin Steel Castings Ltd within the UK
IMPACT project. The reason of a sectioning a 30° cross sectional slice out from the bonnet
was to conduct mechanical testing.

An example of the collaboration fostered within the KMM-VIN/EMEP framework is the
development of MARBN castings. A casting (Figure 6) was manufactured by Goodwin Steel
Castings Ltd. within the IMPACT project part funded by the UK government. The casting
was 3.5tonne to pour (around 1.75tonne after method removal) and was part of a 9tonne AOD
refined melt. Short term testing within IMPACT has indicated a 25-30 degree C increase in
temperature capability compared with current state-of-the-art high temperature casting steels
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but longer term testing is necessary to confirm this potential. Samples from the casting are
therefore being distributed to other partners in KMM-VIN who have offered to carry out the
required long term testing. Further scale-up of this casting technology is planned within a UK
funded project starting in April 2014 and it is again anticipated that longer term testing will be
conducted within KMM-VIN/EMEP.

4 Economic Dimension

The benefit for the European industry after successful performance of the project will be
given by availability of cost effective material solutions for different power plant applications
covering all activities for high temperature power plants and Carbon Capture and Storage
(CCS) technologies.

The benefit for European science is predicted to be a new kind of networking, a continuous
transfer of knowledge to young researchers, and stronger interaction of academia and industry
to enable a faster transformation of new solutions into practice. This will strengthen the
international importance of European research community.

5 Summary

Despite the indisputable results in implementing new environmentally friendly energy
production technologies and fuels, the coal will remain the major fuel source for global
electricity production. Unfortunately, coal combustion leads to relatively high CO2 emissions
per kWh, which is a highly imminent and challenging task for the mitigation of climate
changes. Employing Carbon Capture and Storage together with increased net efficiency in all
newly built power plants will lead to meet the EC 20-20-20 target. However, new stronger
high temperature steels and coatings for boilers, steam lines and turbines, are required.

This Research Program will develop innovative materials solutions based on detailed
understanding and modelling of high-temperature microstructure degradation processes and
surface protection against steam oxidation, and on simulation of manufacturing processes for
large components to ensure optimal properties during scale up from laboratory samples to
industrial use.

KMM-VIN / WG2-EMEP is conducted by a unique network representing universities,
research institutes, steel producers power plant component manufacturers and power plant
operators. This will enable defragmentation of European research efforts, interdisciplinary
education of early stage researchers both from science and industry, and lay solid foundations
upon which Europe can build future networks and maintain its leading position in this highly
competitive field.
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Abstract

Current knowledge relating to the development of creep-fatigue damage in a number of steam power plant
materials has been reviewed. The classical understanding of creep-fatigue interaction is mostly based on
evidence gathered for low alloy ferritic and austenitic steels, and is not always reflected by newer advanced
alloys with significantly different deformation and oxidation responses. In particular, the implications of the
high influences of creep on cyclic softening and cyclic plasticity on creep properties of the 9-11%Cr steels are
examined.

Based on evidence presented in the form of damage summation diagrams, the extent of creep-fatigue interaction
exhibited by the advanced 9-11%Cr steels is apparently significantly greater than for low alloy ferritic or
austenitic steels, although cyclic/hold creep-fatigue crack initiation endurances exhibited by a range of turbine
steels appear not to substantiate these observations. The reasons for this apparent anomaly are explored.

The creep-fatigue characteristics of a Ni-based alloy adopted for advanced super critical power plant applications
are compared with those for ICrMoV and 9-11%Cr steels.

Keywords: Creep-fatigue, damage, deformation, power plant materials

1. Background and Introduction

The classical understanding of creep-fatigue interaction mainly relates to the enhancement of
slip induced fatigue crack development by the presence of physical creep damage at grain
boundaries. This mainly originated from observations of crack development at high
temperatures in low alloy ferritic and austenitic stainless steels. In the advanced martensitic
stainless steels now widely adopted in steam power plant, consideration of creep-fatigue
deformation interactions (determined by changes at a microstructural level) are just as
important as any interaction between creep and fatigue damage. In addition to the
microstructural evidence, the extent of deformation interactions in the advanced 9-11%Cr
steels is reflected by the higher respective influences of creep on cyclic softening and cyclic
plasticity on creep resistance than experienced in traditional lower alloy power plant steels

[1].
Critical locations in high temperature power plant components may be subject to the

combined accumulation of cyclic damage arising from strain transients generated during start-
up and shut-down operation, and creep damage arising from primary (directly applied) and
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secondary (self equilibrating) stresses during operation. The development of creep-fatigue
damage in most power plant steels depends on temperature, strain range, strain rate, hold
time, and the creep strength and ductility of the material (e.g. [2-4]). In the absence of a
significant hold time (or relatively high strain rates, or both), crack initiation and growth are
fatigue dominated, even at high application temperatures (Figure la). With increasing hold
time (or decreasing strain rate, or both) at high temperatures, the creep damage condition
within the structure becomes increasingly influential, to the limit beyond which crack
development becomes completely creep dominated (Figure 1b). At intermediate hold times
and strain rates, fatigue cracking interacts with creep damage, developing 'consequentially' or
'simultaneously’, resulting in accelerated crack propagation (Figure lc,d), the extent of any
interaction increases with decreasing creep ductility [3]. Creep-fatigue deformation
interactions are also influential, and in a dominant way for a number of alloys under certain
conditions [1,5].

(a) Fatigue dominated (b) Creep dominated
% %
(c) Creep-fatigue interaction (d) Creep-fatigue interaction
é\g?g é\é g\g\g é\g
(creep damage consequential) (creep damage simultaneous)

Figure 1: Creep-fatigue cracking mechanisms: (a) fatigue dominated, (b) creep dominated,
(c) creep-fatigue interaction (due to 'consequential’ creep damage accumulation), and
(d) creep-fatigue interaction (due to 'simultaneous' creep damage accumulation)

Depending on the component type and the purpose of the analysis, a defect-free or defect
assessment procedure (or both) is undertaken to assess fitness.

2. Creep-Fatigue Assessment of Defect-Free Components

Various published and in-house procedures are adopted to assess the integrity of defect-free
components subjected to creep-fatigue loading, a number of which can be represented by the
generic flow diagram shown in Figure 2 [6-9]. Other approaches are possible (e.g. [10-13]),
but these are not so widely adopted. An important step in all creep-fatigue assessment
procedures is determination of the state of stress and strain at critical locations in the
component.  This requires knowledge of the external forces and thermal transients
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experienced by the component during service, and representations of cyclic and creep
deformation properties of the material(s) of construction. Irrespective of whether the local
stress/strain state is determined by approximate analytical solutions or finite element analysis,
the test sources of material property data are generally the same [14]. Having established the
stress/strain history at critical locations, cyclic and creep damage fractions are determined by
reference to the appropriate material endurance property data (Figure 2). Fatigue (D) and
creep (D) damage fractions are finally compared with, for example, the crack initiation locus

in a creep-fatigue damage summation diagram, and the risk of cracking is evaluated.

DESCRIPTION OF CYCLIC AND
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Figure 2: Generic flow diagram representing analysis route adopted by a number of 'defect-
free' creep-fatigue assessment procedures (e.g. [6-9])
Fatigue damage fraction is typically determined with reference to the N,(A&) crack initiation

endurance, i.e. D = N/N,(Ag), where N is the number of creep-fatigue cycles. Creep-

fatigue assessment procedures are broadly differentiated by the way creep damage fraction is
determined. Time-fraction methods are still currently the most widely used to determine the
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creep-fatigue damage accumulated (e.g. [6-8]), whereby creep usage is determined as a
function of the creep rupture time, i.e. t(0) for the stress, temperature and material under

consideration.
th
Dewy = Neg- dt/t.(o) )

where t, is the hold time in a cyclic/hold creep fatigue test or the steady running period during

component operation. The best known approach for the determination of creep damage in
terms of strain-fraction (or ductility exhaustion) is that adopted in the R5 procedure [9], i.e.

G .
DC(s) = NCF‘J. gc'dt/gr(gc) (2)

where &, is the creep-rupture ductility relating to the acting creep strain rate (&,) conditions.

Creep and fatigue may then be summed with reference to a creep-fatigue damage summation
diagram (Figure 2), whereby bilinear damage loci as used in Refs. 7 and 8 may be modelled
using:
Dr=1-D..(1-D'})/D' for D, <D'. 3)
D=(1-D.).D/(1-D') for D, > D'
where D'i(D'.) defines the intersection co-ordinate [15]. For linear damage accumulation,
D'(D'c) = 0.5(0.5). Elsewhere D'y(D'¢)) values of 0.3(0.3), 0.25(0.25) and 0.1(0.01) are
respectively adopted for 17Cr12Ni [7,8], 1ICtMoV [15] and 9CrMoVND [8] steels, while
recognising that the intersection co-ordinate is not only a function of material and
temperature, but also the assessment procedures employed to determine D', and D'..

ety 001133 > S B 100 pm

Figure 3: Creep fatigue crack development in a creep ductile 2%Cr steam turbine rotor steel
for which D'x(D'..) = 0.5(0.5) [16]

3. Creep-Fatigue Crack Development

Figure 1 represents the classical view developed from observations relating to low alloy
ferritic and austenitic steels. In these cases, fatigue cracking is typically transgranular, and
creep cracking is intergranular due to the nucleation and growth of cavities on prior austenite
grain boundaries (PAGBs). Once crack development has moved onto the PAGBs in such
materials, it becomes difficult from the examination of appearance alone to differentiate
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between propagation due to creep-fatigue interaction, and that purely due to creep. The
consequence of this type of interaction is typically associated with D' (D'.) < 0.5(0.5).

Creep-fatigue crack development can be transgranular in creep ductile steels when creep
damage is generated due to particle matrix decohesion, e.g. Figure 3. The consequence of this
type of independent damage accumulation is typically associated with D'(D'.) > 0.5(0.5).

~Ur

Packet & Block
o

S Block boundary ~

Block boundary

2 RN S

250 ym & e et o !
PRRE LAt A S—— L Hor e L -

eep fatlgue craéﬁk development in a 9%C-r steam iurbine rotor éfeel for which
D'(D'0) ~ 0.1(0.1) [16]

Figure 5: Cf

In advanced 9-11%Cr steels, creep voids/cavities do not exclusively form on PAGBs. The
martensitic structure of such steels comprises a number of blocks (or packets) of laths of
similar orientations within a single PAG (Figure 4). Small creep voids/cavities can also form
on lath and block boundaries as well as PAGBs in these steels. This is responsible for the
creep-fatigue crack development behaviour shown in Figure 5, with D'(D'.) ~ 0.1(0.1).
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Another important feature of the advanced 9-11%Cr steel microstructures is the sub-grain
structure of which the martensitic laths are composed (e.g. Figure 4).

o @ LCF (without hold) ®)

Va cyclic/hold
cyclic/hold
F N, %I ’\“i
I

CYCLES CYCLES
Figure 6: Schematic representations of variation of maximum stress with cycle number for
strain-controlled LCF and cyclic/hold creep-fatigue tests at elevated temperature involving
materials which (a) cyclic soften, and (b) cyclic harden

LCF (without hold)

MAXIMUM STRESS
MAXIMUM STRESS

4. Creep-Fatigue Deformation Response

The cyclic/hold creep-fatigue tests typically used to determine deformation and crack
initiation endurance properties for power plant materials also reveal important information
concerning the effects of creep on cyclic plasticity, and cyclic plasticity on creep deformation
response [1,5].

The maximum stress response during strain controlled LCF (without hold time) loading may
reduce (soften) or increase (harden) with increasing cycle number. Figure 6a is typical of
many precipitation strengthened alloys which cyclic soften at elevated temperature whereas
Figure 6b represents the cyclic hardening behaviour of many solution strengthened austenitic
alloys. Low alloy ferritic steels (such as 1CrMoV at 550°C) typically soften to 0.8.0y,,. at
the mid-life cycle, where softening is due to dynamic recovery of the fine dislocation
microstructure (e.g. [18]). Figure 6a also represents the behaviour exhibited by the advanced
9-11%Cr martensitic steels, although the extent of softening exhibited by these materials at

the mid-life cycle is more of the order of 0.5 to 0.6.0;,,, (e.g. [16]). In contrast, solution

strengthened austenitic alloys (such as NiCr23Co12Mo at 500-750°C) can harden to 1.4.0; .

at the mid-life cycle [19], where hardening is due to the generation of a dislocation sub
structure (e.g. [20]).

Figure 6 also illustrates the variation with cycle number of maximum stress in cyclic/hold

creep-fatigue tests. The cyclic/hold peak stress responses reflect the influence of creep
deformation on cyclic flow properties, which is significantly more notable for 9-11%Cr
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martensitic steels than for low alloy creep resistant steels, e.g. [16]. The results of cyclic/hold
tests can also reveal the influence of cyclic plasticity on creep resistance and again, the effects
are significantly more notable for 9-11%Cr steels relative to low alloy ferritic steels [1,5,21].

Figure 7: Comparison of sub-grain sizes in a 9%Cr steel (a) as-received, (b) pure fatigue
cycled, and (c) creep-fatigue cycled at the same cyclic strain

The evolution of the sub-grain size (the extent of dynamic recovery) is significantly enhanced
during cyclic/hold (tensile hold) creep-fatigue tests. Sub grain sizes resulting from creep-
fatigue deformation exceed those due to pure creep loading (and in much shorter time), and
are significantly greater than those generated in pure cyclic tests (Figure 7) [22].
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Figure 8: Comparison of cyclic/hold creep-fatigue test results for P92 steel at 625°C [23]
with properties for 1CrMoV and 9-11%Cr steels, in terms of (a) D'(D'¢) co-ordinates, and

(b) crack initiation endurances

5. Creep-Fatigue Crack Initiation Endurance

The determination of creep damage in terms of a time fraction calculation (Eqn. 1) is not
unreasonable for materials for which the creep strength is not significantly influenced by the
effects of cyclic plasticity. For materials which are, the creep damage fraction determined as
a function of conventional t. properties (unaffected by cyclic plasticity) can be a significant
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underestimation of actual D, for a given cyclic/hold creep-fatigue test endurance. This

cw
results in the type of damage summation diagram for the 9%Cr steels (e.g. Grade 91) shown
in Figure 8a, implying a low creep-fatigue crack initiation resistance, despite the fact that the
associated crack initiation endurances at 600°C [24] and 625°C [23] are significantly superior
to those of 1CrMoV rotor steel at 550°C [24], Figure 8b. Care is therefore required in the use
of damage summation diagrams to make material comparisons on the basis of creep-fatigue
cracking when the analytical procedures for determining Dy and D, and the respective creep-

fatigue deformation resistances of the materials, are different.

For 9-11%Cr steels at temperatures above ~525°C, the most damaging cyclic/hold conditions
are when hold times are at peak strain in compression, i.e. when the main interaction is with
oxidation rather than creep [22]. The effect is discernable in the data for P92 at 625°C in
Figure 8b, although it becomes less dominant at higher temperatures as the effects of creep
become more influential.

6. Nickel Alloys

Solid solution strengthened and precipitation strengthened nickel-base alloys are increasingly
being adopted for application in advanced ultra super critical steam power plant. It has been
mainly solution strengthened alloys such as NiCr23Co12Mo which have received attention in
terms of their creep-fatigue properties for such applications (in both unwelded and welded
conditions, e.g. [19,25]). Despite the fact that creep-fatigue cracking in NiCr23Co12Mo at
700°C is predominantly intergranular (e.g. Figure 9a), there is not the analytical evidence for
strong interaction characteristics in terms of the D'(D'.) co-ordinates (i.e. 0.5(0.5) [19]).
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Figure 9: Strain-controlled cyclic/hold creep-fatigue in NiCr23Col2Mo at 700°C,
(a) appearance of cracking, and (b) comparison of crack initiation endurance with other
turbine rotor steels (30min hold time at peak strain in tension)
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Cyclic/hold creep-fatigue crack initiation endurances for NiCr23Co12Mo at 700°C appear to
be directly comparable with those for 9-11%Cr steels at 600°C and 1CrMoV steel at 550°C
(Figure 9b).

7. Concluding Remarks

Current knowledge relating to the development of creep-fatigue damage in a number of steam
power plant materials has been reviewed. The classical understanding of creep-fatigue
interaction is mostly based on evidence gathered for low alloy ferritic and austenitic steels,
and is not always reflected by newer advanced alloys with significantly different deformation
and oxidation characteristics. In particular, the high influences of creep on cyclic softening
and cyclic plasticity on creep properties of the 9-11%Cr steels have been examined.

Creep-fatigue crack initiation endurances for NiCr23Co12Mo at 700°C are similar to those
for 9-11%Cr steels at 600°C and 1CrMoV steel at 550°C.

8. References

[1] Holdsworth, SR, 'Component assessment data requirements from creep-fatigue tests', J.
ASTM International, 8(3), pp. 1-14 (2011).

[2] Thomas, G. & Dawson, RAT., 'The effect of dwell period and cycle type on high strain
fatigue properties of 1CrMoV rotor forgings at 500-550°C', in Proc. Intern. Conf. on
Engineering Aspects of Creep, Sheffield, 15-19.9.80, I.Mech.E., pp. 167-173 (1980).

[3] Miller, D., Priest, RH. & Ellison, EG., 'A review of material response and life prediction
techniques', High Temperature Material Processes, 6(3/4), pp. 155-194 (1984).

[4] Bicego, V., Fosati, C. & Ragazonni, S., 'Low cycle fatigue characterisation of a HP-IP
steam turbine rotor', in Low Cycle Fatigue, ASTM STP 942, pp.1237-1260 (1988).

[5] Holdsworth, SR., 'Creep-fatigue in steam turbine materials', in Proc. 6th Intern. Conf. on
Advances in Materials Technology for Fossil Power Plants, Santa Fe, 31.8-3.9.10,
EPRI/ASM, pp. 487-503 (2010).

[6] TRD 301, Annex I, Design: Calculation for Cyclic Loading due to Pulsating Pressure or
Combined Changes of Internal Pressure and Temperature Rules for Steam Boilers,
Technische Regeln fiir Dampfkessel (1978).

[7]1 RCC-MR, Design and Construction Rules for Mechanical Components of FBR Nuclear
Islands, Section | - Nuclear - Islands, AFCEN (1985).

[8] ASME, Rules for Construction of Nuclear Facility Components, Class 1 Components in
Elevated Temperature Service, Boiler and Pressure Code, Section 111, Division | - Subsection
NH, American Society of Mechanical Engineers (2001).

[91 R5, An Assessment Procedure for the High Temperature Response of Structures, EDF
Energy, Barnwood (2003).

[10] Halford, GR. & Manson, SS., 'Life prediction of thermal mechanical fatigue using strain
range partitioning', in Thermal Fatigue of Materials and Components, ASTM STP 612, pp.
239-254 (1976).

27



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

[11] Hoffelner, W., 'Creep-fatigue life determination of Grade 91 steel using strain-range
separation method', in Proc. ASME Pressure Vessel and Piping Conf. on Sustainable Energy
for the Third Millennium, Prague, 26-30.7.09, American Society of Mechanical Engineers,
(2009).

[12] Prager, M., 'Extend low chrome steel fatigue rules', Report No. STP-PT-027, ASME
Standards Technology (2009).

[13] Holmstrém, S. & Auerkari, P., 'A robust model for creep-fatigue life assessment’,
Materials Science & Engineering A, 559, pp. 333-335 (2013).

[14] Holdsworth, SR, 'A knowledge based system for creep-fatigue assessment', Nuclear
Engineering & Design, 188, pp. 289-301 (1999).

[15] Holdsworth, SR., 'Prediction of creep-fatigue behaviour at stress concentrations in
1CrMoV steel', in Proc. Conf. on Life Assessment and Life Assessment and Life Extension of
Engineering Plant Structures and Components, Churchill College, Cambridge, 09.96, EMAS,
pp. 137-147 (1996).

[16] Radosavljevic, M., 'Creep-fatigue assessment of high temperature steam turbine rotors',
DSc Thesis DISS ETH No. 19880 (2011).

[17] Kitahara, H., Ueji, R., Tsuji, N. & Minamino, Y., ' Crystallographic features of lath
martensite in low-carbon steel', Acta Materialia, 54(5), pp. 1279-1288 (2006).

[18] Holdsworth, SR., Maschek’ AKF, Binda’ L. & Mazza, E., 'Effect of prior cyclic damage
removal on high temperature low cycle fatigue endurance', Procedia Engineering, 2, pp. 379-
386 (2010).

[19] Ehrhardt, F., 'Thermo-mechanical lifetime assessment of components for 700°C steam
turbine applications', DSc Thesis DISS ETH (2014).

[20] Pham, MS., Solenthaler, C., Janssens, KGF. & Holdsworth, SR., 'Dislocation structure
evolution and its effects on cyclic deformation response of AISI 316L steel', Materials
Science & Engineering, A528, pp. 3261-3269 (2011).

[21] Holdsworth, S.R., 2012, 'Influence of prior fatigue on creep properties', Proc. 12th
Intern. Conf. on Creep and Fracture of Engineering Materials and Structures (CREEP 2012),
Kyoto, 27-31.May (2012).

[22] Fournier, B., 'Fatigue - fluage des aciers martensitiques a9-12%Cr. Comportement et
endommagement', PhD Thesis, Ecole des Mines de Paris (2007)

[23] Sato, M. et al, 'Creep-fatigue characteristics of advanced high strength Cr-W steels for
power boiler applications', in Proc. Conf. on Advanced Heat Resistant Steels for Power
Generation, IOM, UK, pp. 298-308 (1999).

[24] Holdsworth, SR., 'Creep-fatigue of high temperature turbine steels', Materials at High
Temperatures, 18(4), pp. 261-265 (2001).

[25] Ehrhardt, F., Holdsworth, S.R., Kiihn, I. & Mazza, E., 'Creep-fatigue crack development
in dissimilar metal welded joints between steels and a nickel base alloy', Materials Research
Innovations, 17(5), pp. 327-331 (2013).

28



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

ADVANCED FERRITIC ASTM GRADE 23: MECHANICAL, CREEP
PROPERTIES AND WELDABILITY PERFORMANCE

P. Mariani*?, G. Cumino*®, E. Escorza®

“TenarisDalmine, Piazza Caduti 6 Luglio 1944 no.1, 24044 Dalmine (BG), ltaly
“pmariani@tenaris.com, "PDCOCUG@dalmine.it, ‘EESCORZA@TENARIS.COM

Abstract

ASTM Grade 23 is a 2.25Cr-0.3Mo-1.5W-V-Nb-B steel derived from ASTM Grade 22 by addition of W, V, Nb
and B and optimization of C and Mo content to enhance the creep resistance and ensure an easier weldability.
This steel, regulated by the main International Standards like ASME/ASTM and EN, is widely used for the
fabrication of boiler components for the recent USC Power Plants and for HRSG; it combines high creep
resistance, enhanced oxidation and corrosion resistance and good weldability.

Microstructural, mechanical, and creep properties of seamless tubes and pipes after normalising and tempering
heat treatment are compared with those obtained after cold bending and hot induction bending.

The creep resistance is achieved through the precipitation (after normalizing and tempering) of Cr and W
carbides along the grain boundaries and fine V and Nb-carbides inside the grains.

TEM investigations on crept samples have been carried out to assess the evolution of the microstructure and its
phases after long term high-temperature exposure, in terms of chemical composition, size and distribution of
precipitates.

Among the weldability issues, the sensitivity to stress-relief cracking has been thoroughly investigated.

Keywords: Grade 23, mechanical properties, creep, microstructure, stress relief cracking
1. Introduction

Grade 23 is a low alloy steel widely applied for the fabrication of boiler components such as
waterwalls, waterpanels, headers, steam pipes, superheaters and reheaters for the heat
recovery steam generator (HRSG) and for the advanced super-critical (SC) and ultra-super-
critical (USC) coal fired boilers.

Grade 23 is selected for such demanding applications because it combines good creep
resistance and a relatively easy weldability [1, 2].

The effects of cold deformation and of hot induction bending on creep resistance have been
investigated and compared with the behaviour of the base material.

Long term creep tests and advanced microstructural investigations have been carried out on
samples in the as-treated condition as well as after long term exposure at high temperature:
the evolution of the microstructure and its precipitates in terms of size, distribution and
chemical composition has been assessed.

Stress Relief Cracking (SRC) of Tenaris Grade 23 was deeply investigated in Laboratory
because has been indicated in literature as a reason for possible failures for welded
components made of low alloy steels.

The results of the study showed that Tenaris Grade 23 is not sensitive to this phenomenon.
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2. Material properties

Seamless pipes and tubes in Grade 23 are regulated by the ASTM standards A335 (P23) and
A213 (T23) [3, 4] and by EN10216-2 (7CrWVMoNb9-6) [5]. This steel, as per the Code Case
2199-6, is also in accordance to the ASME requirements for the construction of boilers and
pressure equipment.

Grade 23 is a low alloyed steel (2.25%Cr-1.5%W) derived from the well known ASTM Grade
22 by partial substitution of the Mo with W and by addition of Nb, V and B [6].

Compared to Grade 22, the chemistry of Grade 23 has been optimized to enhance its creep
resistance: Mo and W act as solution strengtheners of the metal matrix; W, V, Nb and Ti form
fine and diffuse precipitates (mainly carbides) which obstacle the dislocation movement, thus
increasing the mechanical and creep resistance of the material; B improves the hardenability
and stabilizes the precipitates against coarsening, which is a detrimental phenomenon for the
creep resistance.

The chemical composition of this steel, according to ASTM and ASME, is summarized in
Table 1.

Grade C Mn P S Si Cr Mo W Ch \ B Ti N Al Ni Others

0.05 | 0.30 | 0.025 | 0.025 | 0.50 | 1.90 | 0.87

2 0.15 | 0.60 | max max | max | 2.60 | 1.13

0.04 | 0.10 | 0.030 | 0.010 | 0.50 | 1.90 | 0.05 | 1.45 | 0.02 | 0.20 | 0.0010 | 0.005 | 0.015 | 0.030 | 0.040
0.10 | 0.60 | max max | max | 260 | 0.30 | 1.75 | 0.08 | 0.30 | 0.006 | 0.060 | max max | max

23 Ti/N>3.5

Table 1: Chemical Composition (wt%) of Grade 23 according to ASTM A213 and A335, compared
with Gr 22 (T22 ASTM A213)

In TenarisDalmine and TenarisSilcotub Grade 23 seamless pipes and tubes are produced in
three different mills, starting from solid billets. In the rolling process the billets are pre-heated
in a rotary furnace and then pierced by Mannesmann process to obtain a hollow, which is
subsequently rolled in a mandrel mill. After an intermediate re-heating, the tubes/pipes are
sized to the final dimensions.

In the continuous mill, it is also possible to produce small boiler tubes with outside diameter
(OD) up to 88.9 mm and with lengths up to 26 meters, particularly suitable for the fabrication
of panels for HRSG.

The heat treatment is the critical and basic process to achieve the final microstructure, the
mechanical properties and creep resistance. In particular the tubes are normalized (N) and
tempered (T), while the pipes with large wall thickness are quenched (Q) and tempered (T),
following the indications of the relevant standards.

Continuous cooling transformation curves (CCT, see Figures 1 a) and b)) are typically used,
taking into consideration the size of the tubes/pipes and the cooling systems, to define the
minimum cooling rate to obtain a full bainitic microstructure after cooling from the
austenitizing temperature.

This CCT was obtained at the Research and Development Laboratory of TenarisDalmine by
means of a Gleeble machine from Tenaris Grade 23 material.
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The austenitisation temperature range is 1040°C-1070°C, sufficiently high to put into solution
most of carbide forming elements. The tempering is carried out between 750°C and 780°C, in
order to ensure optimum creep strength and good toughness properties.
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Figure 1: a) CCT diagram of Grade 23 and b) its microstructure after cooling at about 1°C/s.

Examples of the microstructures of respectively a pipe and a tube are shown in the Figures 2

and 3 by light microscope (LM) and scanning electron microscope (SEM): the microstructure
consists of tempered bainite.

1S5mm

Figure 2: Tempered bainitic microstructure of a Grade 23 pipe (OD x WT 219 x 31.75mm) after Q+T
by (a) LM and (b) SEM
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Figure 3: Tempered bainitic microstructure of a Grade 23 tube (OD x WT 38 x 3.8mm) after
N+T by (a) LM and (b) SEM

Figures 4 a) and b) shows the distribution of mechanical properties (YS and UTS) over more
than 350 industrial batches of T23 tubes. Both YS and UTS are well above the minimum
requirements provided by ASTM A213, which are summarized in Table 2.

30% 30%
25% 25%
- 20% o~ 20%
S 15% § 15%
E 10% - E 10%
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0% *400 15 430 445 460 475 460 505 520 535 550 555 580 295 610, 625 0% —510 525 510 e25 £70/585 600 615 630 645 660 675 690 705 720 725
YS [MPa] UTS [MPa]
a) b)
Figure 4: Statistical distribution of YS (a) and UTS (b) of Tenaris ASTM A213 T23 tubes
Steel YS [MPa] UTS [MPa] | Elongation [%] | Hardness [HV]
T23 Min 400 Min 510 Min 20 Max 230

Table 2: Mechanical Properties according to ASTM A213

A broad creep test program is ongoing out on both tubes and pipes (but mainly on tubes), with
test temperatures 500°-550°-600°C. Figure 5 shows the status of broken (black) and running
(white) tests.

It can be noted that the maximum reached times for creep data are, up to now, between 55,000
and 70,000 hours. We have several tests running and some of them are expected to reach
90,000-100,000 hours.

The dotted lines are interpolating the data of the broken specimens; the extrapolation to
100000 hours is the one theoretically expected but shall be updated as further tests will be
completed.

No correction factors, in consideration of the scale formation at 600°C, were applied.

At present no international reference data (e.g. from ECCC) are available.
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ASME Code Case 2199-6 (which provides allowable stress values and not creep data) is
under discussion in ASME for a possible revision (of the chemistry).

EN 10216-2 edition 2013 supplies (Annex A) creep data as information: the values for Grade
23 (EN 7CrWVMoNDb9-6) at 100,000 hours are obtained by 3 times extrapolation.
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Figure 5: Tenaris Grade T/P23 creep data

During boiler fabrication, tubes and pipes are often subjected to many forming operations
such as cold bending, swaging or hot induction bending, the effect of plastic deformation on
microstructural, mechanical and creep properties has been widely investigated [7]. Cold bends
were produced starting from small diameter tubes, while hot induction bends were produced
from big diameter pipes; creep specimens were machined from real bends at intrados,
extrados and neutral axis.

Results of creep tests performed on samples extracted from the intrados and extrados of T23
cold bends (OD x WT 76 x 12.5 mm, R/OD=4.5) fall in the lower scatter band of the base
material average line, as shown in Figure 6 a). Differences of creep-rupture ductility between
extrados and intrados have been found: intrados portions of cold bends show higher values of
reduction of area to rupture compared to extrados portions of the same bend.

Creep tests have been also carried out on specimens machined from the intrados and extrados
of P23 hot induction bends (OD x WT 219 x 31.75 mm, R/OD=5): creep results are in line
with those of base material; the optimization of the bending parameters as well as the carrying
out of an accelerated cooling and tempering heat treatment after the bending process have the
effect of restoring optimal microstructure and creep properties; the results are shown in Figure
6 b).
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Figure 6: Results of creep tests from (a) cold bends and (b) hot induction bends. Open points
are running tests

3. Long term microstructure evolution
3.1. Microstructure after industrial heat treatment

Selected samples after normalising and tempering heat treatment as well as from crept
specimens were investigated by SEM, transmission electron microscopy (TEM) and X-Ray
powder diffraction (XRD).

Figure 7 a) shows the X-ray diffractogram of the extracted precipitates from as-treated Grade
23 after tempering at 760°C. The same precipitates were identified by TEM diffractions and
EDS chemical analysis: the phases present are mainly carbides (M3Cs, M;C3 and MgC type)
located at grain boundaries and along bainitic laths, while smaller MC carbides are finely
distributed inside the grain. Figure 7 b) shows the W-(Cr+Fe)-(Ti+V+Nb) ternary diagram,
where the analysed precipitates of as-treated sample are grouped into M;Cs, MgC, M23Cs and
MC (mainly based on V, W, Nb).
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Figure 7: Phases in P23 as-treated sample after tempering at 760°C; identification by a)
XRD and b) EDS-TEM
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3.2. Microstructure after long term exposure

The microstructural evolution after long term high-temperature exposure was investigated
especially on two selected samples: P23 exposed at 550°C for around 20,000 hours (20.61
points in terms of the Larson Miller Parameter (LMP) value with LM constant (LMC) equal
to 20) and P23 exposed at 600°C for about 52,000 hours (LMP value of 21.58).

Figures 8 a) and b) show the microstructure of a Grade 23 pipe after 20,000 hours at 550°C,
respectively by LM and SEM.

Figures 9 a) and b) show the microstructure of a Grade 23 pipe after 52,000 hours at 600°C,
respectively by LM and SEM.

Both aged microstructures consist of tempered bainite; grain boundaries are decorated mainly
by MeC.

20 pm

a) ’ b
Figure 8: Grade 23 pipe after approx. 20,000 hours at 550°C, respectively by a) LM and b)
SEM

a)
Figure 9: Grade 23 pipe after approx. 52,000 hours at 600°C, respectively by (a) LM and (b)
SEM

TEM and XRD investigations of aged samples show that M;Cz; and MyCs are not
thermodynamically stable in the temperature range of creep service and that a new population
of fine MgC particles precipitates with increasing exposure, while the MgC formed during the
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initial tempering tend to coarsen with increasing time/temperature exposure. The existing MC
particles are stable against coarsening in all the analysed conditions.

Figure 10 a) shows the microstructure of the 600°C/52kh aged sample by TEM thin foil; the
precipitates along triple joint are mainly M¢C carbides. The same sample was investigated by
extraction replica, also: Figure 10 b) shows a triple joint decorated by M23Cs and MsC,
identified by their EDS chemical composition (wt%) reported in the attached table. A network
of fine and diffuse carbides is present in the background of the Figure 10 b).

Figure 11 shows the microstructure of 550°C/20kh aged sample observed at high
magnification by extraction replica. The fine MC particles were identified by their EDS
chemical composition (wt%), and the results are shown in the attached table.

Table 3 summarises the evolution of the average diameter of the different precipitates from
the as-treated condition to the two aged stages (550°C/20kh and 600°C/52kh).
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Figure 11: Extraction replica of 575°C/20kh aged sample; fine MC carbides were identified
by EDS chemical analysis (in attached table)
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Average Diameter (nm)
As 550°C/20kh 600°C/52kh
treated (LMP 20.61) (LMP 21.58)
M-C; 40 38 dissolving
MeC 37 165 257
M,3Cs 158 138 91 - dissolving
TiN 210* 110* 76
(W,V)C 45 55 61
(Ti,W,Nb)C 96 80 89

* Few particles found. Data are not statistically reliable
Table 3: Average diameters of identified phases in as-treated and aged samples. Values
obtained by TEM investigations over a population of about 200 particles from each sample

4. Weldability: Studies on the sensitivity to Stress Relief Cracking

The welding tubes and pipes of Grade 23 can be performed with all the conventional welding
techniques. Thin sections (<= 7 mm) could be welded without pre-heating or post-weld heat
treatment, but these basic rules can be changed according to the specific type and conditions
of the welded components. For thicker sections pre-heating and post-weld heat treatment are
necessary.

Pre-heating shall be carried out with temperatures between 150°C and 200°C, while interpass
temperature should range between 200°C and 300°C. PWHT can be performed in the range of
710-740°C for at least 1.5 hours.

Stress Relief Cracking (SRC) is defined as an intergranular cracking in the heat affected zone

or weld metal that occurs during exposure of welded assemblies to postweld heat treatments

(PWHT) or high-temperature service [8, 9]. Coarse grained heat affected zone (CGHAZ) is

the area most critical for SRC. The sensitivity of Tenaris grade 23 steel to stress-relief

cracking has been studied using the procedure developed by the Belgian Welding Institute

(BWI). First of all a CGHAZ microstructure has been simulated by means of a thermal cycle

simulator (Gleeble) imposing a thermal cycle based on industrial welding procedures. The

parameters were:

— heat input of 0.88 kJ/mm

— current of 50-80A for 2.5 mm electrodes and of 65-100A for 3.2 mm electrode and voltage
of 20-24 V

— welding speed of 120-180 mm/min

Both single-pass and multi-pass (3 passes) microstructures were simulated to study the
tempering effect of single- and multi-bead welding techniques. The samples were then
subjected to low strain rate (10°s™) tensile tests until rupture at different temperatures: at
room temperature, at service (540°C) and at PWHT temperature (710°C and 740°C). The tests
at room temperature has been used to simulate the behaviour of the material without PWHT
during erection on site; the tests at service temperature was instead defined to verify the
behavior of material fabricated without PWHT during the actual service in the power station;
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finally the two tests at PWHT temperature were used to simulate the effect of two different
PWHT conditions on SRC. According to BWI guidelines, the material is considered not
susceptible to SRC if the reduction of area exceeds 20%.

Results of SRC tests are shown in table 4, while Figure 12 shows the thermal cycles used to
simulate the CGHAZ microstructure.

Temperature [°C] Simulated Z% Result
welding cycle
RT Single Pass 74 Not susceptible
540 Single Pass 36 Not susceptible
710 Single Pass 30 Not susceptible
740 Single Pass 57 Not susceptible
RT Multi Pass 75 Not susceptible
540 Multi Pass 54 Not susceptible
710 Multi Pass 82 Not susceptible
740 Multi Pass 63 Not susceptible

Table 4: Experimental results of SRC sensitivity tests on simulated CGHAZ
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Figure 12: Thermal cycles used to simulate the CGHAZ: left: single pass welding technique;
right: multi-pass welding technique

The experimental results, in all the tested conditions, show a reduction of area well above the
minimum threshold of 20%, indicating that grade 23 steel produced by Tenaris is not sensitive
to SRC phenomena. As suggested by the literature, multi-pass welding techniques have a
beneficial effect on the final ductility of the CGHAZ.

5. Conclusions

Microstructural and mechanical properties of Grade 23 have been presented and discussed.
Creep results obtained in the temperature range 500°C-600°C show that Grade 23 exhibits
higher creep resistance compared to traditional low alloy steels (i.e. ASTM Grade 22). The
effect of plastic deformation on the creep properties has also been investigated. Creep
resistance after cold deformation lies in the lower scatter band of base material, while creep
resistance of hot induction bends is in line with that of unbent material.
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The evolution of the microstructure after long term high-temperature exposure has been
assessed: MsC and MC carbides are stable phases, which enable a long lasting precipitation
strengthening of the material. Their evolution in terms of size, distribution and chemical
analysis has been also investigated.

Slow strain rate tensile tests carried out at different temperatures have shown that grade 23 is
not sensitive to SRC. The combination of high creep strength, easy weldability and the results
shown on its long term microstructural stability demonstrates that Grade 23 is a strong
candidate for demanding components of USC and combined cycle power plants.
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Abstract
The target to increase the steam parameters, temperature and pressure, in the new power generation plants for
reduction of CO, emission generated the development of enhanced high Chromium steels with improved creep
behaviours and stability at service temperature.
After several years of research activities in Europe currently the composition Rotor E, developed in the frame of
COST programs (501, 522 and 536), become a commercial product.
This forged steel is mainly produced by remelting of ingot by Electro Slag Remelting (ESR), but this paper
demonstrate that also the conventional route, without ESR, can be also used to produce successfully large rotor
components using tailored process control of the production steps.
This paper describes the current production of Societa delle Fucine for Rotor E steel grade by conventional
process route, based on ladle furnace and vacuum degassing, and the mechanical and creep behaviours of the
forged products.
Societa delle Fucine (SdF) produced also a FB2 prototype rotor using a conventional process route. In fact in the
COST 522 the best candidate, coded FB2 - a 10%Cr steel with additions of Co and B, without W - was selected
for scale-up from laboratory trial to full industrial component. In fact the addition of Boron was successfully
adopted to increase the stability of the microstructure and as consequence to improve the creep behaviour of the
new enhanced martensitic steels.
Also the update of the long term characterization program of trial rotor made by FB2 steel grade will be also
presented.

Keywords: COST 501-522-536, 10%Cr Steels, High Temperature Application, Creep
strength, microstructural evolution, Boron effect.

1. Introduction

The energy production is faced with the introduction of more and more stringent emission
regulations to safeguard health and to preserve the environment for the future generations.
The thermal efficiency is influenced by several factors, but the adoption of ultrasupercritical
(USC) conditions by increasing steam temperatures and pressures plays a key role. On the
other hand, the increase of steam parameters from 600°C up to 650°C/300bar will generate an
efficiency improvement of 8-10% with a corresponding CO; reduction [1]. These very high
temperatures and pressures make mandatory the use of steels suitable for these severe
conditions [2]. In fact these advanced steam parameters require materials with adequate creep
strength and resistance to oxidation. Experience with austenitic materials was unsatisfactory
showing considerably restrictions in the operational flexibility of the plants due to the
difference in the thermal expansion between austenitic and ferritic components and the
consequent stresses [1]. The class of the 9-12% Cr steels offers the highest potential to meet
the required creep resistance level for the critical components in steam power plants.
In Europe the main efforts to improve the 9-12%CrMoV steels were concentrated in the
COST (CO-operation in Science and Technology) Programmes: COST501 (1986-1997),
COST 522 (1997-2003) [1-5]. In these programmes new ferritic steels for forging, casting and
pipework were developed and characterised to increase the operating steam temperatures:
- from the subcritical plant: with live steam pressure (PLS) of 166bar, live steam
temperature (TLS) of 540°C and reheat steam temperature (TRH) of 540°C,
- to the supercritical plant: PLS 250bar, TSL 540°C, TRH 560°C,
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- to the first generation of USC plants PLS 270bar, TLS 580°C, TRH 600°C,

- up to the second generation USC plants: PLS 300bar, TLS 600°C, TRH 620°C.

The qualifications of these materials are still on-going after the end of COST 536 Programme
(2004-2009), in to the KMM-VIN, WG2 EMEP.

2. Materials development for 600°C turbine rotor applications

In COST 501 forged and cast 9 to 10%Cr steels were developed with additions of 1.5%Mo
(type E) or a combination of 1%Mo and 1%W. They showed much improved creep strength,
resistance to embrittlement in operation and weldability [1]. In addition samples from
production components were subjected to low cycle fatigue and long term creep testing
permitting a statistical evaluation of the results. They are in use at temperatures up to 600°C.
The trend to even higher steam conditions was the subject of the COST 522 programme
which explored the possibilities of stabilising the tempered martensitic microstructure through
addition of small quantities of Boron [1]. These are the steels (forged steel FB2 and cast steel
CB2) now being employed in orders currently being executed in Germany and the USA.
Within COST 501 a series of advanced steels for forgings, castings and pipe/tube application
as given in Table 1 was qualified and currently the Type E composition is utilized for rotor
manufacture.

After the good results obtained in the COST 501 on composition E, F and B a new modified
steel called “FB2” was produced as trial melt. Furthermore the promising properties of the
trial melt, at the beginning of the new COST 522; it was decided to scale up FB2 steel to
industrial heat in order to manufacture a trial forged rotor. Boehler/Austria has manufactured
a full-size rotor forging with a final weight of 17tons. The steel making process was Boehler-
BEST, consisting in a pouring process with special measures to improve the homogeneity of
the ingot [7].

COST | Forged C Cr Mo (W |V Ni Nb [N B 100MPa | Status
Steels 100.000h
1CrMoV |0.25 [1.0 |10 0.25 550°C Long term
operating
12CrMoV |0.23 115 [1.0 0.25 570°C Long term
operating
501 Type F 0.1 |10 1.0 |1 |02 |0.7 |0.05 |0.05 597°C Operating  in
plant
501 Type E 01 |10 15 0.2 |0.6 |0.05 |0.05 597°C Operating in
plant
501 Type B 02 [9.0 |15 0.2 |01 |0.05 |0.02 |0.01 |620°C
522 Type FB2|0.13 |9.32 |1.47 0.2 |0.16 |0.05 [0.019 |0.085 Trial rotor
(SdF) manufactured

Table 1: Compositions of improved ferritic steels developed in COST 501 and operating
temperature for 100MPa/100.000h. [2]

A second proposal for a FB2 trial rotor manufacturing was brought into COST522 by the
Italian Societa delle Fucine (SdF) in Terni; it produced a 52tons ingot by conventional steel
making (Ladle Furnace and Vacuum Degassing) with a final rotor weight of 28tons [2].

One more trial rotor has been produced by ESR remelting of 57tons ingot in Saarschmiede

8.
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3. The manufacture of FB2 trial rotor at Societa delle Fucine (SdF)

The aim of the investigations is to qualify the different steelmaking processes for this class of
Boron containing 10CrMoCoVB alloys. One of the main tasks is how to increase and
optimise the composition homogeneity and the properties of the final rotor forging are.

Figure 1 shows the lay-out of the SdF manufacture route: from the melting shop to the final
machining. Due to the characterisation work on experimental rotor the component machining
was stopped at the step of NDT control after quality heat treatment.

The chemical composition of the SdF trial rotor is based on the FB2 trial melt from COST
501. Table 2 shows the chemical analysis of the cast product. Very good agreement with the
aimed composition has been obtained with very low content of residual elements.

FB2 |C Si Mn |P S Cr [Mo |Ni Al B Co [N Nb \%
min 012 |- 03 |- - 9.0 [145 |01 |- 0.006 |1.2 ]0.015 |0.04 |0.18
max |0.14 10.006 |0.4 ]0.01 |0.005 |9.5 |155 |0.2 [0.008 |[0.009 |14 |0.030 |0.06 |0.22
cast |0.14 |0.032 |0.32 |0.007 [0.003 |9.1 |15 |0.14 |0.001 [0.009 |1.23 |0.015 [0.046 |0.2

Table 2: Required and obtained chemical composition of FB2 trial forged rotor
(residual elements: H,= 1,2ppm; Sh= 0,001%; Sn=0,001%; As=0,006%; Cu=0,035%; W <0.01%)

The final dimensions of the trial component are shown in Figure 2. After forging the trial
rotor has been treated as follows:
- Austenitizing: 1100°C/ 17h/oil quenched;

st

-1 dTempering: 570°C/ 24h/ air cooled,;
n

-2 Tempering: 700°C/ 24h/ air cooled.

The trial component in as treated condition and after preliminary machining has been subject
to NDT ultrasonic inspection (US) with a 2MHz source. The maximum defects discovered
(flat bottom hole equivalent) in the different positions are summarised in Table 3 [9]. Figure 2
show the trial component after final forging and heat treatment during the NDT control tests.

7’:’ - \hl j

RAW MATERIAL MELTING BY
OF HIGH QUALITY EAF
\" 2

=+
3 Final Heat
AGHII -
PRELIMINARY H.T. MACHINING U.T.-NDT M

Figure 1: Flow chart of rotor manufacturing route at SdF

FB2 SdF Trial rotor Total (L1+L2+L3) D1 | D2 | D3
Dimensions (mm) 4380 925 (1110 790
Max Defect discovered (mm) 10 [ 15| 15

Table 3: Results of the US inspection on SdF trial rotor

42



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

3.1 Product characterisations

In order to verify the homogeneity of the properties of the trial rotor, the specimens for
chemical analysis and mechanical tests have been obtained from different parts of the
component positions from the core. The chemical analysis (Table 4) shows a very good
homogeneity in the composition of the main alloy elements as well as for the Boron and
Nitrogen content that could be critical for their distribution in a large component processed
without remelting.

Top Bottom

D1 E D2 A | D3

L1 L2 L3

Forge- Process | D1 D2 |D3 L L2 L
master mm mm mm mm mm mm

Boehler/A BEST |770 1180 | 865 1350 | 930 110

Tem EAF+ | 925 1110|790 | 800 |2750 |830
ASEA

Saarschm/ D ESR 800 1215 1050 | 1085 | 2130 | 800

Figure 2: COST trial rotor forgings (type FB2) dimensions [9]; SAF rotor during US NDT
control.

The chemical composition of FB2 steel guarantees a fully martensitic structure. Also with
very low cooling rate, corresponding to claim air, no traces of ferritic transformation appear.
In fact the microstructural analysis performed after the final heat treatment (normalizing +
tempering) shows a typical tempered martensitic structure with a 0-2 ASTM grain size. The
prior austenite and the martensitic lath boundaries are decorated by a typical precipitation of
M,3Cy carbides. The microstructure contains a high dislocation density.

Conventional mechanical tests have been performed in different positions and orientation.
The results, just discussed in previous papers [10-11], shown a quite good homogeneity of the
obtained values in term of YS, UTS and ductility: elongation and reduction of area.

Position/Element A B D E FB2 trial melt

C 0,12 0,13 0,13 0,15 0,13

Cr 9,08 9,13 9,11 9,02 9,32

Mo 1,57 1,59 1,59 1,62 1,47

Ni 0,14 0,14 0,14 0,14 0,16

Vv 0,21 0,21 0,21 0,22 0,20

Nb 0,054 0,054 | 0,054 | 0,060 0,05

B 0,0095 | 0,0096 | 0,010 | 0,012 0,0085

N 0,015 0,016 | 0,015 | 0,014 0,019

Co 1,28 1,27 1,27 1,29 1.23
Table 4: Chemical composition (wt%) of forged trial rotor in different

positions compared with the nominal composition.

3.2.Microstructural characterisations

In the KMM-VIN WG2 EMEP Alloy Design Group discussion it is still open on the effect of
B addition not only as M»3Cs and grain boundary stabiliser, but also on the correct amounts of
B and N to avoid the formation of BN particles as defined by Abe & Co-workers [12] in
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Figure 3. The formation of these particles have the double negative effect to reduce the
amount of B available in solution and able to diffuse into the M»3Cg and otherwise to form
particles reducing the ductility in creep as demonstrate for the FB2 trial melt.
The FB2 material from SdF it is on the border line of the equilibrium (red point in the Figure
3) and therefore BN formation could be present.
Then investigations have been made by FEG-SEM +EDS on RT tensile test specimens
fracture surface: no BN pure particles have been identified, but some dimples appears
sometime associated with particles identified as complex inclusions that contain also BN
particles:

- Figure 4a shows a BN particles jointly with a MnO inclusion,

- Figure 4b shows a BN associated with other complex oxide

- Figure 5 shows a sulphide inclusion with BN particle.
As conclusion of these analyses the following consideration can be made: SdF FB2 seems
have a quite good balancing of B and N, because pure particles have not been discovered and
the dimensions of the discovered BN particles are very small. The SdF FB2, conventionally
processed without remelting, shows small sulphide and oxide inclusion where sometime BN
can nucleate.
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Figure 4: a) BN +
MnO on FB2 tensile
specimen; b) BN plus

MnO, Al and Ti on
FB2 tensile specimen

Figure 5: Particle of
BN plus MnS on FB2
tensile specimen
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3.3 Creep properties

A large creep test programme was defined in the Turbine Working Group of COST 536 to
qualify the trail rotor and the tests have been carried out by CSM. Notched and un-notched
specimens have been machined from different positions and tested in the temperature range
600-650°C with continuous strain measurements. Some tests have been planned to reach the
rupture in 100.000 hours. The creep results obtained on the SdF trial rotor confirm with the
behaviour of the 500kg trial melt [9]. Figure 6 summarises the current status of the tests
compared with the master curves (Larson-Miller) of COST 501 rotors E, F and B2. Some
specimens are still running: 3 at 625°C currently in the range of 34.000 hours and 1 notched
specimen at 600°C 130MPa it is recently broken after 84.000 hours.

It is possible to observe that the results of FB2 SdF trial rotor are in the upper band of the
previous trial rotors and the ductility of the creep specimens broken up to now it is very good
both in term of elongation and reduction of area without evidence of ductility drop for the

longer tests at the different temperatures.

400

300

Figure 6: Creep master curve of tests of SdF
FB2 trial rotor (open point = specimens
running) compared with B2 and E + F
rotors curves [15]
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3.4 Microstructural evolution

In parallel with the mechanical and creep tests a programme to investigate the microstructural
evolution of the FB2 steel is started. The thermodynamic tools predict, at equilibrium the
main presence of M»3Cg carbides and M(C,N), Laves phase and a little amount of Z-phase. As
well known the Z-phase appearance has been identified as the main reason of the drop of the
creep properties of all the recently developed 10-12%Cr steels [12]. The microstructural
investigations have been carried out by TEM quantitative investigation with EDS analysis on
the as treated material and on specimens after aging at different temperatures.
The forged material after heat treatment is characterised by a fine precipitation of M,3Cg and,
in the meantime, by a low amount of larger particles of MX: their dimensions and mean
chemical compositions is reported in Table 5 and can be summarised as:

- No fine MX are present after heat treatment,

- The large MX are bigger then MX in 9%Cr steels,

- MCg are 20-40% smaller then M,3Cq in 9% grades,

- M3Cs frequency is much higher than the in 9% grades.
Precipitates/ FB2 | Grade 92 | Grade 911 Grade 91 | Frequency | Cr Mo V [Nb (%)] Fe
Dimen. (nm) | SdF | 1070+780 | 1060+760 | 1070+780 (%) %) [ (%) | %) (%)
MX 180 45 50 35 4 17 5 3 68 6
M23Cs 98 125 130 139 96 56 14 15 4 22

Table 5: Mean dimension of precipitates present in N+T forged FB2 compared with the other
and quantitative analysis (% in weight) of FB2 precipitates [13-14]
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3.5 Microstructural analysis on aged specimens

Microstructural analysis by SEM+ EDS and STEM+EDS started on crept aged specimens in
order to investigate the evolution of the precipitates: the first 2 specimens have been selected
after 23.576 hours at 625°C and after 10.026 hours at 650°C (Figure 7).

It was possible to observe that in aging condition there are:

- still a relevant amount of small M3Cs particles without appearance of coarsening process,
- the precipitation of some small MX particles, not present in the as treated condition,

- the appearance of Laves phase in the specimen aged at 625°C,

- the start of transformation of the bigger MX in to Z-phase (1 particle analysed) (Figure 8).
The M23Cg dimensions in FB2 aged specimens have been compared with the dimension of the
precipitates in the grade 91: it was observed that the coarsening phenomena are strongly
reduced [14-18]. This effect could be related to the introduction of B in the chemical
composition, that seems have a stabilising effect on the My3Cs and on grain boundary [19-21],
but this item is still under discussion worldwide.

4. Type E Rotor

After this quite good results on this experimental steel in year 2001 Societa delle Fucine
decided to made some other forged rotors in Steel X12CrMoVWNb10-1-1 (COST Type E),
following Technical Specification suggested by COST program. The ingots have been melted
in ThyssenKrupp Acciai Speciali Terni.

An example of the chemical composition (%wt) obtained in one delivered rotor is reported in
Table 6. It is possible to observe that all the elements in the component are in the range the
standard. The other residual elements analyses are: Cu<0.06%; Sn <0.003%; As <0.004%.
Manufacturing process for Rotor E components is the same of FB2, described in the scheme
just illustrated in Figure 2.

Figure 7: Microstructure
after 23576 hours at
625°C and after 10026
hours at 650°C

46



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

Figure 8:
Precipitation after
23576 hours at
625°C; a) general
view; b) Z-phase
particle
(extraction
replica)

Wt % C Mn P S Si Ni Cr [IMo|Nb | W Al | N/|V

X12CrMoVWNb1 min | 0,11 | 04 0,05 | 0,7 | 10,2 |1,02]0,04|0,95 0,04 (0,17

0-1-1/COST E max | 0,43 | 05 | 0,015 | 0,005 | 0,45 | 08 | 10,8 | 1,1 |0,06| 1,1 |0,04]0,06 0,22

SdF Rotor E 012 | 045 001 | 0,001 | 0,07 | 0,78 | 10,6 |1,04]0,061,01]0,001|0,05 0,20

Table 6: Chemical composition of a rotor produced with Steel X12CrMoVWNb10-1-1 (COST
Type E)

After completion of the first rough machining, the forging rotors were subject to quality heat
treatment, for instance, as follow:

. Austenitizing at T=1070°C; oil quenching;

. 1% Tempering at T=520°C, and air cooling;

. 2n tempering at T=710°C, and air cooling.

Tempered martensite microstructure of one rotor component has been obtained in all the
different positions of the components.

An example of the basic mechanical characteristics of Rotor E components are shown in
Table 7. The scattering of strength values are quite low: these results confirm the good heat
treatment practises and the homogeneous mechanical properties. [23].

The FATT value has been evaluated as 38°C. Tensile tests have been carried also in the
temperature up to 620°C.

The material strength values are in the range of nominal values of the Rotor E 23.

No recordable indications were found by NDT control in all the forging components.

In order to have a full qualification of the material Rotor E a large and comprehensive testing

program including tests on smooth and notched specimens, cracked and un-cracked

specimens were planned as follows:

o Creep program: 550-600-650°C,

e high cyclic fatigue tests (HCF), Low cycle fatigue tests at high temperature (LCF),
Thermo-mechanical fatigue tests (TMF),

e Crack growth tests at high temperatures and static loads and under isothermal conditions
(CG),

o Fatigue and creep/fatigue crack growth (CCG/FCG) characterisation of crack propagation
on CT specimens under TMF condition.
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Typical requested values SaF Table 7: Example of Tensile tests
min max nim max results on forged components
uTsS MPa 800 900 824 880
YS MPa 700 706 740
El % 15 17 19
RoA % 54 63
KCV Joule 30 35 96

The creep test program has been planned at 550-600-650°C. In Figure 9 have shown the creep
results at three temperatures, which are in agreement with the Cost E mean lines: the red
symbols with arrows represent the still running tests over 30.000 hours. The tests have been
performed with strain measurements and shows the strain/time curves currently still in
secondary stage.

400 Figure 9: Creep tests at
%0 550°C, 600°C, 650°C [15]
300 ———

250 i — )

200 \Q

Stress [MPa]

100 \D

= Rotor E 650°C (SdF)
Rotor E 600°C (SdF)

© Rotor E 650°C (SdF)
——CostE

50 T T
100 1000 10000 100000

Time to rupture [h]

5. Summary and Conclusions

The result obtained up to now on FB2 trial rotor and on Steel X12CrMoVWNb10-1-1 (COST
Type E) produced at Societa delle Fucine, without ingot remelting, demonstrate that it is
possible to realise full scale forged components by conventional process route with very good
homogeneity of chemical analysis, mechanical behaviour and creep properties.

The FB2 from SdF has a quite good balancing of the B and N content, therefore a very low
amount of BN that are present and there are always in connection with MnS or inclusion
oxides particles.

In term of creep behaviour FB2 seems to offer a significant improvement over the parent E-F-
B type steels and it could be suitable for 625°C applications. In fact the experience gained
during the last few years seems guarantee that the 9%Cr are more stable materials from the
microstructural evolution point of view [12,13], and suggests that the formation of some Z-
phase precipitates may not significantly affect by mean of the long term creep behaviour of
this steel. Obviously these results have to be confirmed with longer creep tests in order to
generate a more consistent database, assessment and extrapolation. Tests still running are
planned to reach more than 50-70.000 hours life.

The TEM investigation on long term aged specimens shown that the microstructural evolution
is significantly different respect to the other 9%Cr steels: the dimension of the M23Cg seems
not slightly affected by time and temperature precipitates and few Z-phase particles have been
found in FB2 after 23.576 hours at 625°C.
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If the slower coarsening of the M»3Cg particles will confirmed by the analysis of the more
aged specimens, these will be an experimental confirmation of the positive effect the Boron
on the microstructural stability of this steel and therefore on the creep behaviours. Other
microstructural investigations are planned for the longer time aged crept specimens.

Also the parent Steel X12CrMoVWNb10-1-1 (COST Type E) has been successfully produced
in Societa delle Fucine and the microstructural analysis, mechanical and creep tests shown
properties in agreement with the literature values. Currently about 20 rotor components have
been produced in Societa delle Fucine starting from a maximum ingot of 75tons: the
dimension of the components have a maximum delivered weight of 27 tons and a maximum
diameter of 1200mm.

Acknowledgement

The authors are grateful to their colleagues and partners in the programme COST522 and 536
for their contributions and many discussions during the course of this endeavour. Many
thanks are also extended to the COST Management Committee for their guidance. A special
thanks to Dr. S. Tiberi Vipraio, D. Venditti, M. Ballone (CSM) for the TEM investigations
and Dr. R. Polini (2" University of Rome, Tor Vergata) for the support in FEG-SEM
analysis.

REFERENCES

1. T.U. Kern, K. Wieghardt, H. Kirchner: Material and design solutions for advanced steam power plants,
EPRI Fourth International Conference on Advanced in Materials Technology for Fossil Power Plants;
October 25-28, 2004, Hilton Head Island, South Carolina USA

2. R.W. Vanstone, Alloy design and microstructural control for improved 9-12%Cr power plant steels, Annex
A, COST 522 Steam Power Plant, Final Report, 1998-2003

3. B. Scarlin and others: Materials developments for Ultrasupercritical Steam Turbines, As reference [1]

4. B. Scarlin, T-U. Kern, M. Staubli: The European efforts in material development for 650°C USC power
plants — cost522, Ibidem

5. Y. Tanaka, T. Azuma, K. Miki: Development of steam turbine rotor forging for high temperature
application high temperature steel forgings for power generation, Ibidem

6. P.Peel, B. Scarlin, R.Vanstone: From materials development to advanced steam turbines: PARSONS 2007:
7th International Charles Parsons Turbine Conference, Power Generation in an Era of Climate Change, 11-
13 September 2007, Univ. of Strathclyde, Glasgow, UK.

7. G. Zeiler, W. Meyer, K. Spiradek, J. Wosik: Experiences in manufacturing and long-term mechanical &
microstructural testing on 9-12 % chromium steel forgings for power generation plants,: as reference [1]

8. N. Blaes, B. Donth, K.H. Schonfeld, D. Bokelmann: High temperature steel forgings for power generation,
Ibidem

9. T.U. Kern, M. Stabli, K.H. Mayer, B. Donth, G. Zeiler, A. Di Gianfrancesco: The European effort in
development of new high temperature rotor materials — COST 536: Int. Conf. Materials for Advanced
Power Engineering, 19-21 September 2006 Liege, Belgium

10. T.-U. Kern, B. Scarlin, B. Donth, G. Zeiler, A. Di Gianfrancesco: The European COST536 project for the
development of new high temperature rotor materials: 18° International Forgemaster Meeting: 3-6
November 2008 Santander, Spain

11. A. Di Gianfrancesco, L. Cipolla, D. Venditti, S.Neri, M. Calderini: High Temperature Properties and Creep
Behaviour of a CrMoCoB (FB2) Steel Trial Rotor, Ibidem

12. F. Abe: Alloy Design of Creep and Oxidation Resistant 9Cr Steels for Thick Section Boiler Components
Operating at 650°C: As reference [1]

13. A. Di Gianfrancesco, L. Cipolla, D. Venditti, S.Neri, M. Calderini: Creep Behaviour and microstructural
stability of FB2 (CrMoCoB) Steel Trial Rotor Sixth International Conference on Advances in Materials
Technology for Fossil Power Plants August 31-September 3, 2010 Santa Fe, New Mexico, USA

14. L. Cipolla, S. Caminada, D. Venditti, H. K. Danielsen, A. Di Gianfrancesco: Microstructural evolution of
ASTM P91 after 100,000 hours exposure at 550°C AND 600°C: 9th Liege Conference on Materials, for
Advanced Power Engineering: September 27th — 29th, 2010, Li¢ge * Belgium

49



15.
16.
17.
. S. Caminada, G. Cumino L. Cipolla, A. Di Gianfrancesco: Long term creep behaviour and microstructural

19.

20.

21.

22.

23.

20

10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

T.-U. Kern, K.H. Mayer, B. Donth, G. Zeiler, A. Di Gianfrancesco: The European efforts in development of
new high temperature rotor materials — COST536: ibidem

A. Di Gianfrancesco and others: Long term creep properties and microstructural evolution of IN718
prototype forged disk: 18th International Forgemasters Meeting: September 12-16, 2011 Pittsburgh, PA,
USA

J. Hald, H. Danielsen: Z-phase in 9-12%cr steels: As reference [1]

evolution of ASTM grade 91 steel; ibidem

Fujio Abe: Effect of boron on creep deformation behaviour of 9cr steel for USC boilers at 650°C:
PARSONS 2007: 7th International Charles Parsons Turbine Conference, Power Generation in an Era of
Climate Change, 11-13 September 2007, Univ. of Strathclyde, Glasgow, UK.

H.O. Andren, A. Golpayegani: Microstructure of a high boron chromium steel for steam turbine
applications: ibidem

H.O. Andren, A. Golpayegani: Creep resistant high boron 9-12% chromium steels for steam power plants:
Int. Conf. New Developments on Metallurgy and Applications of High Stregth Steels: Buenos Aires,
Argentina 26-28 May 2008

P. Lombardi and others: Development of methods for the characterisation, fracture assessment and life
prediction of new high strength steels under variable temperature operating conditions: DELOC: RFSR CT
2007-00021; 01/01/2007 — 30/06/2010, Final Report

Y. Wakeshima, M. Mikami, manufacturing of trial rotor forgings of cost e steel (x12crmowvnbn10-1-1),
IFM 2006, 16th International Forgemasters Meeting,15 — 19 October 2006, Cutlers’ Hall, Sheffield, UK



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

DEVELOPMENT OF IMPROVED HIGH TEMPERATURE BOILER
MATERIALS FOR THE INDIAN ADVANCED ULTRA SUPER-
CRITICAL THERMAL POWER PLANT TECHNOLOGY

T. Jayakumar, A.K. Bhaduri and S.C. Chetal®
Indira Gandhi Centre for Atomic Research, Kalpakkam 603102, India

*0Office of the Principal Scientific Adviser to the Govt. of India, New Delhi 110011, India
Email: tik@igcar.gov.in; bhaduri@igcar.gov.in; chetalsc@gmail.com

Abstract

As part of the mission programme initiated in India for design and establishment of an 800 MWe Advanced
Ultra Supercritical (AUSC) thermal power plant with steam parameters of 710°C/720°C/ 310 bar, focused R&D
is in progress for indigenous development and qualification of 304HCu stainless steel and modified nickel-base
Alloy 617 boiler tubes and their welding consumables for use in sections operating above 530°C in the AUSC
boiler. For this purpose, stage-wise characterization approach was adopted to establish the optimised process
route for manufacturing 52 mm diameter seamless tubes of 304HCu SS and Alloy 617M with wall thickness of
9.5 and 11.9 mm, respectively. These involved detailed characterisation of thermo-physical properties, micro-
structure, heat treatment response and evaluation of thermo-mechanical processing. Welding procedure specifi-
cations have also been developed for TIG welding of 304HCu SS and Alloy 617M tubes, including dissimilar
304HCu SS/Alloy 617M tubes. Detailed evaluation of tensile, creep, low-cycle fatigue, impact, quasi-static
fracture, and creep and fatigue crack growth of both the tube materials and their weld joints have confirmed that
these properties are comparable to internationally reported values and the codified values in VdTUV standard.

Keywords: 304HCu stainless steel; Alloy 617M, AUSC technology; Welding procedures;
Mechanical property evaluation

1. Introduction

Coal fired power plants will continue to contribute a significant part of the supply of electric
power for India in the near future. Significant efforts are being made today towards enhancing
the plant efficiency and reducing the carbon-dioxide emissions. To achieve higher efficiency,
it is necessary that the power plants be operated at higher steam temperatures. Towards this, a
mission programme has been initiated in India towards evolving a design for an 800 MWe
capacity Advanced Ultra Supercritical (AUSC) plant with steam parameters of 710°C/720°C/
310 bar to achieve high efficiency. To implement this programme, advanced materials that
show good performance and life under such conditions are required. Currently plants
worldwide are working with superheater and reheater temperatures of up to about 660°C.
However, further significant efficiency increase is being considered with steam temperatures
above 700°C. This paper provides the details of efforts made in India towards development of
high temperature materials for realisation of this goal. As part of the mission programme, two
high temperature materials 304HCu austenitic stainless steel (304HCu SS) and modified
nickel-base Alloy 617 (Alloy 617M) have been identified for development for boiler tubes
operating at temperatures beyond 530°C.

For development of indigenous 304HCu SS and Alloy 617M, a stage-wise characterization
approach was adopted to establish optimised process route for obtaining quality tubes.
Detailed characterisation of thermo-physical properties, microstructure, heat treatment
response and evaluation of thermo-mechanical processing map enabled necessary
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understanding of the behaviour of these materials during mechanical working and heat
treatment. Welding filler wires of matching composition to 304HCu SS and Alloy 617M were
manufactured indigenously, and used for development of procedures for tungsten inert gas
(TIG) welding of 304HCu SS and Alloy 617M tubes, including their dissimilar metal tubes
welds. Detailed evaluation of mechanical properties, viz. tensile, creep, fatigue, impact, quasi-
static fracture, and creep and fatigue crack growth of the tube materials and their weld joints
were carried out to qualify these materials for use in the Indian AUSC power plant boilers.

2. Manufacture of 304HCu SS and Alloy 617M boiler tubes

The chemical compositions (Table 1) and mechanical properties requirements of 304HCu SS
[UNS S30432] and Alloy 617M tubes were prepared by suitably modifying the composition
within the ASME Code Case 2328-1 and ASME SB 167 (2010: Sec-11 Part-B) specifications,
respectively. Based on the detailed microstructure characterisation after each stage of
manufacturing, the process flow-sheet was revised to ensure high quality of the tubes
produced. The heat treatment temperature and time for solutionising, intermediate and final
heat treatments were optimised by carrying out detailed laboratory studies involving multiple
heat treatments, over different combinations of temperature and time, in order to dissolve the
coarse primary Nb-rich carbides and carbonitrides in 304HCu SS and Cr- and Mo-rich inter-
granular precipitates in Alloy 617M. Calorimetry study was also carried out to establish the
various reactions that take place during heating and cooling. These studies indicated that, for
304HCu SS, heat treatment at 1270°C and above is beneficial as the size range and volume
fraction of Nb-rich precipitates are significantly reduced; while for Alloy 617M, intermediate
annealing at 1160-1180°C controls grain size. These 304HCu SS and Alloy 617M tubes met
the specifications for all the mechanical properties and grain size requirements, as also non-
destructive testing involving ultrasonic examination with defect sensitivity of 3% of nominal
wall thickness, which is more stringent than the 5% notch depth specified in ASME SE-213.

Table 1: Chemical composition specifications for 304HCu SS and Alloy 617M boiler tubes

Element 304HCu SS Alloy 617M

(Wt%) Indian AUSC ASME Indian AUSC ASME
Aluminium 0.003-0.030 0.003-0.030 0.8-1.3 0.8-1.5
Boron 0.002-0.006 0.001-0.010 0.002-0.005 0.006 max
Carbon 0.07-0.13 0.07-0.13 0.05-0.08 0.05-0.15
Chromium 17.00-19.00 17.00-19.00 21.0-23.0 20.0-24.0
Cobalt - - 11.0-13.0 10.0-15.0
Copper 2.50-3.50 2.50-3.50 0.5 max 0.5 max
Iron Balance Balance 1.5 max 3.0 max
Manganese 1.00 max 1.00 max 0.3 max 1.0 max
Molybdenum - - 8.0-10.0 8.0-10.0
Nickel 8.00-10.00 7.50-10.50 Balance 44.5 min
Niobium 0.30-0.60 0.30-0.60 For record -
Nitrogen 0.07-0.12 0.05-0.12 0.05 max -
Phosphorous 0.030 max 0.040 max - -
Silicon 0.30 max 0.30 max 0.3 max 1.0 max
Sulphur 0.010 max 0.010 max 0.008 max 0.015 max
Titanium — — 0.3-0.5 0.6 max
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To optimize the strain rate and temperature combination for manufacturing of the 304HCu SS
and Alloy 617M tubes, compression tests were carried out in Gleeble thermo-mechanical
simulator over a wide range of temperatures and strain rates, and the experimental data were
used to develop processing maps based on Dynamic Materials Model followed by extensive
microstructural investigations to validate the domains exhibited by the processing maps. The
results from the processing maps and microstructural investigations reveal that the
temperature range of 1200-1250°C and strain rate range of 1-50 s™ is the optimum window
for thermo-mechanical processing of 304HCu SS, while the domain bounded within the
temperature range of 1110-1250°C and strain rate range of 0.01-0.2 s™ is found to be the
suitable domain for hot working of Alloy 617M.

3. Welding of 304HCu SS and Alloy 617M tubes

Specifications for appropriate filler wires, of both matching and non-matching chemistry were
finalised, including indigenous development of 304HCu SS and Alloy 617M filler wires.
Matching composition ER304HCu filler wires and two nickel-base alloys filler wires, ER625
(AWS ERNIiCrMo-3) and ER617 (AWS ERNiCrCoMo-1) were used for TIG welding of
304HCu SS, while ER617 filler wires were used for TIG welding of Alloy 617M tubes and
304HCu SS/Alloy 617M dissimilar tubes.

During the initial trials for welding of 304HCu SS using ER625 and ER617 consumables,
weld defects like root-cracks, hot-cracks and crater-cracks were observed due to the poor
fluidity of Ni-base filler metals. Figure 1(a) shows a typical hot-crack observed during one of
the initial trials. These problems were overcome by suitably altering weld joint design and
optimising the welding heat input, and weld procedure qualification (WPQ) was carried out
using the optimised welding parameters. Figures 1(b) and 1(c) show the acceptable 304HCu
SS tube weld joints made with optimised parameters using ER625 and ER617 filler wires,
respectively. WPQ was also carried out for 304HCu SS joints with matching chemistry
ER304HCu filler wires, and with ER617 filler wires for the Alloy 617M joints and the
304HCu SS/Alloy 617M dissimilar joints. All the similar and dissimilar tube weld joints
passed the soundness evaluation tests as per ASME Section IX, viz. dye-penetrant and X-ray
radiography examinations, the face-bend and root-bend tests,

304HCu SS joint with ER625 filler wire 304101 SS inint with ERB17 filler wire)
(@) (b) (©

Figure 1: Macrographs of 304HCu SS weld joints: (a) hot crack in initial trials using ER625

filler wire; and WPQ weld joints made using (b) ER625 and (c) ER617 filler wires

4. Tensile properties of 304HCu SS and Alloy 617M tube materials and their weld joints

Comparison of tensile properties of the indigenous 304HCu SS tube material with
internationally reported values [1-3] (Fig. 2) showed that while the yield strength (YS) at all
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test temperatures are higher than those reported in literature (Fig. 2a), the ultimate tensile
strength (UTS) is generally comparable with internationally reported values at all
temperatures (Fig. 2b). Compared to the tensile properties of Alloy 617 reported in literature
[4], the indigenous Alloy 617M shows higher YS and UTS at all the test temperatures while
its tensile ductility is lower below 600°C and higher above 600°C (Fig. 3). Thus, for both the
indigenously developed materials, the YS and UTS are comparable to or better than the
minimum specified in the VdTUV (German) standards. The transverse-weld tensile properties
of the similar and dissimilar weld joints of 304HCu SS and Alloy 617M are given in Table 2.
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Table 2: Tensile properties of tube materials and transverse-weld joints of tubes

Tube Material | Filler wire |YS (MPa) |UTS (MPa) Failure Location
304HCu SS Tube 311 635 -
304HCu SS ER625 479 688 Base metal
304HCu SS ER617 424-436 | 651-762 |Base metal
304HCu SS ER304HCu | 428-457 | 637-694 |Base metal / Weld metal
Alloy 617M Tube 331-339 | 783-813 -
Alloy 617M ER617 418-443 | 747-798 |Base / Weld metal / HAZ
304HCu SS/Alloy617M|ER617 455 706 Base metal
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5. Creep properties of 304HCu SS and Alloy 617M tube materials and their weld joints

Compared with internationally reported data [1-3], creep-rupture strength of the indigenous
304HCu SS tube material, based on short-term creep tests, (Fig. 4), is within the £20% scatter
band and is similar to the VdTUV and ASME average values. Compared to the creep-rupture
life of the base material at 650°C, the 304HCu SS joint welded using ER625 filler wire shows
lower creep rupture life and ductility while the one welded with ER304HCu filler wire shows
higher creep rupture life and ductility (Figs. 4a and 5a) along with lower steady-state creep
rate (Fig. 5b). The variation of creep-rupture life of the Alloy 617M tube material with
applied stress at different temperatures, based on short-term creep tests, compared with
internationally reported data [4] (Fig. 6) shows very encouraging trends with the indigenously
produced tubes showing better creep properties. Long-term creep tests are in progress.
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Figure 4: Variation with applied stress of creep-rupture life of 304HCu SS at (a) 650°C
(including for weld joints) and (b) 700°C, and (c)of Larsen-Miller parameter
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Figure 5: Comparison of creep behaviour at 650°C of 304HCu SS and its weld joints:
(a) creep rupture ductility; and (b) steady state creep rate at different stress levels.
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Figure 6: Variation with applied stress of creep-rupture life of Alloy 617M at (a) 650°C and
(b) 760°C, and (c)of Larsen-Miller parameter
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6. Low cycle fatigue properties of 304HCu SS and Alloy 617M tube materials

Continuous cycling tests on 304HCu SS was carried out at 650 and 700°C (923 and 973K)
using a strain rate of 3 x 10> s* at strain amplitudes of +0.4, +0.6 and +1.0%. Figure 7 shows
the cyclic stress response (Fig. 7a), the strain-life plot (Fig. 7b) and the effect of tension hold
on fatigue life (Fig. 7c) for the indigenous 304HCu SS tube material.
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Figure 7: (a) Cyclic stress response at 650°C (923K), (b) strain-life plots at 650 and 700°C
(923 and 973K) and (c) variation of fatigue life with hold time for 304HCu SS tube material

Continuous cycling tests on Alloy 617M were carried out at 700 and 750°C (973 and 1023K)
using a strain rate of 3 x 10~ s with strain amplitudes of +0.25, +0.40 and +0.60%. Figure 8
shows the cyclic stress response (Fig. 8a) and the strain-life plots (Fig. 8b) for the Alloy
617M tube material, and Table 3 summarises the low cycle fatigue test results. The fatigue
lives of the Alloy 617M tubes developed indigenously and those obtained from an
international manufacturer are comparable with results available in international literature [5].
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Figure 8: (a) Cyclic stress response at 700°C (973K), and (b) strain-life plot at 700-750°C
(973-1023K) for Alloy 617M tube material

Table 3: Low cycle fatigue results for Alloy 617M tested at a strain rate of 3x10°s*
Strain No. of cycles 1" cycle Stress at Half life
Temperature | amplitude to failure Stress Half life plastic strain
(%) (Ny) (MPa) (MPa) range (%)
+0.25 3145 225 508 0.08
700°C +0.40 595 259 560 0.31
+0.60 278 299 631 0.68
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7. Fracture properties 304HCu SS and Alloy 617M tube materials
7.1. Charpy impact testing of 304HCu SS and Alloy 617M tube materials

The Charpy impact test specimen blanks were extracted from the 52 mm diameter tubes, and
the specimens were fabricated with two different notch orientations, viz. Type-A and Type-B
having notch orientation to ensure crack propagation along the circumferential and radial
directions, respectively (Fig. 9). In accordance with ASTM E23 guidelines, the size of the
finished Charpy V-notch impact test specimens obtained was 5 x 5 x 55 mm® with V-notch
depth of 1 mm for the 304HCu SS tubes (of 9.5 mm wall thickness), and 10 x 10 x 55 mm?®
with V-notch depth of 2 mm for the Alloy 617M tubes (of 11.9 mm wall thickness). The
results of the Charpy V-notch impact tests at ambient temperature (Table 4) show that the
Charpy energy is in the similar range for both types of specimen orientations for 304HCu SS.
However, for Alloy 617M, the Charpy energy in the circumferential direction (Type-A) is
higher compared to that in the radial direction (Type-B). Also, for 304HCu SS, the Charpy
energy obtained from sub-size specimens has been converted to full-size (FS) equivalent
using empirical formula: C,(full) = K*C,(sub), with K=8 [6]; the converted full-size
equivalent Charpy energy is also given in the Table 4.
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Figure 9: Schematic layout of specimen fabrication from the tubes, along with notch axis

Table 4: Results of Charpy V-notch impact test at ambient temperature for 304HCu SS and
Alloy 617M tube materials

. Specimen size Notch Charpy Energy
Material (mm) Orientation (Joules)
304HCU SS 5x5x55 Type-A (urgumferentlal) 33.0+ 1.0, FS:272+6
(notch: 1 mm) | Type-B (radial) 34.0+ 1.0, FS:276 +4
10 x 10 x 55 | Type-A (circumferential) 3275+0.5
Alloy 617M 1 ich: 2 mm) [ Type-B (radial) 269.5+ 4.5

After the ageing of 304HCu SS tubes at 700°C for 1000h and Alloy 617M tubes at 750°C for
1000h, Charpy impact test specimen blanks with two different notch orientations, viz. Type-A
and Type-B, were extracted from the aged tubes as detailed before (Fig. 9). The results of the
Charpy V-notch impact tests at ambient temperature, including the converted to full size
equivalent for 304HCu SS, (Table 5) show that, for both the materials, substantial degradation
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in Charpy energy occurs on ageing. While orientation dependence on Charpy energy is not
evident for 304HCu SS, in Alloy 617M, the Charpy energy is lower for crack growth in the
radial direction. The trends are similar in both as-received and aged conditions.

Table 5: Results of Charpy V-notch impact test at ambient temperature for the indigenous
304HCu SS and Alloy 617M tube materials after ageing

Aged Specimen size Notch Charpy Energy
material (mm) Orientation (Joules)
304HCu SS 5x5x55 Type A (circumferential) 21+0, FS:168.0+2.0
(700°C/1000h) | (notch: 1 mm) | Type-B (radial) 22+3, FS:1755+45
Alloy 617M 10x10x55 Type-A (circumferential) | 133.0 3.0
(750°C/1000h) | (notch: 2 mm) | Type-B (radial) 1215+15

7.2. Quasi-static fracture and fatigue crack growth behaviour

Both the 304HCu SS and Alloy 617M tube materials were evaluated for their elasto-plastic
fracture toughness and fatigue crack growth (FCG) behaviour. Compact tension (CT)
specimens were fabricated according to ASTM E1820 standards, with the dimensions of the
tube necessitating use of ¥4 CT specimens with 6.25 mm thickness (B) and 25 mm width (W).
The specimens were machined in the C-L orientation; i.e. with the crack plane normal to the
circumferential direction for crack growth in the longitudinal direction, as this is the expected
orientation for the lowest crack growth resistance. For crack growth measurement during
testing, a fully calibrated direct current potential drop (DCPD) measurement device was used,
with the DCPD calibration being carried out using specimens of the same geometry as the test
samples but with cracks of different lengths machined using wire EDM. The DCPD
calibration constants thus estimated were used for online crack length measurements during
fracture and FCG testing. These were further validated using data from post-test optical
measurements of the crack lengths. The quasi-static fracture and FCG tests as per the ASTM
E1820 and E647 standards have thus far been carried out at ambient temperature on the as-
received materials.

Ambient temperature (25°C) quasi-static fracture toughness evaluated for 304HCu SS tube
materials exhibits very similar J-Aa curves, with the elastic-plastic fracture toughness 90-2)
for the indigenous material of 210-253 kd.m™ (Fig. 10a), being comparable (235 kJ.m™) to
the material obtained from an international manufacturer.

Quasi-static fracture toughness testing has also been carried out at ambient temperature
(25°C) for the indigenous Alloy 617M tube material, and the J-R curve is presented in
Fig. 10(b). The indigenous Alloy 617M is found to have a Jo value of 417 kJ.m™. This has
been compared with an equivalent grade of Alloy 617 [7] whose Jic values are reported as
250-439 kJ.m™ depending on the method of estimation (J;c values are 250 kd.m™ by potential
drop method, 390 kJ.m? by simplified ASTM normalization method, 408 kJ.m? by ASTM
normalization method, and 439 kJ.m? by unloading compliance method). As the potential
drop method gives a lower J-R curve, the present results for the indigenous Alloy 617M tube
material obtained using DCPD for crack growth measurement may be considered as
conservative, but are still comparable with the reported values.
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Figure 10: J-R curve at ambient temperature for as-received indigenous tube materials:
(a) 304HCu SS; and (b) Alloy 617M

FCG tests have been carried out at ambient temperature (25°C) on % CT specimens of
304HCu SS extracted from indigenous tubes and also tubes obtained from an international
manufacturer, with the crack growth oriented along the length of the tube. Preliminary results,
without crack closure correction, indicate that the FCG behaviour of both the tube materials is
comparable (Fig. 11). The tubes from the international manufacturer are with smaller grain
size of ASTM no. 9 and the roughness-induced crack closure is expected to be smaller
compared to that in the indigenous tube material with grain size of ASTM no. 7-8. The crack
closure analyses and testing at elevated temperatures are in progress. Also, the oscillations
observed in Fig. 11 are typical of the high-resolution crack length measurements, and
represent intermittent microstructural barriers like grain boundaries.
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Figure 11: Fatigue crack growth plots for 304HCu SS tube materials tested at 25°C, using
15Hz frequency and load ratio of 0.1

8. Concluding Remarks

(D) Based on the inputs from stage-wise metallurgical characterisation during
manufacturing, the process flow sheet was optimised for successfully manufacturing
52 mm diameter seamless tubes of 304HCu SS and Alloy 617M, with wall thickness
of 9.5 and 11.9 mm, respectively.

(2)  The welding procedures were developed and qualified for welding of 304HCu SS
tubes using ER625, ER617 and ER304HCu filler wires, of Alloy 617M tubes using
ERG617 filler wires, and dissimilar welding of 304HCu SS tubes to Alloy 617M tubes
using ER617 filler wires.
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3) Tensile, creep, low-cycle fatigue, impact, quasi-static fracture and fatigue crack
growth properties have been evaluated for both the indigenously developed 304HCu
SS and Alloy 617M tube materials and their weld joints. The results of mechanical
properties of both the tube materials and their weld joints indicate that these properties
are comparable to the internationally reported values as also the codified values in the
VdTUV (German) standard.
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Abstract

Martensitic Grade 91 steel is a high strength material developed and intensively used for tubes and pipes in new
ultra super critical power plants and refurbishment projects for components subject to temperatures up to 600°C.
This advanced martensitic material has high strength at high temperature, and more specifically high creep
rupture strength, which is only guaranteed if the correct microstructure, tempered martensite with fine
precipitates, is achieved. Hence, the chemical composition and the received heat treatment are essential
parameters.

A critical manufacturing step is welding. After welding and after each repair weld, a Post Weld Heat Treatment
(PWHT) is required in order to restore the properties of the material. However, subsequent heat treatments on the
same base material adjacent to the weld can have a detrimental effect on its properties, so the total number of
PWHT's should be limited. There is no consensus yet as to where this limit lays.

The objective of the investigation was to determine the maximum number of PWHT's that a base material can
undergo without a significant negative impact on its properties (yield strength, tensile strength, ductility, fracture
toughness, hardness, creep strength, etc.). Therefore, simulations of a single and multiple PWHT's were
performed in a furnace on an ex-service Grade 91 material. Mechanical properties of the material were
characterized before and after each simulation. Finally, the results were reviewed and the maximum allowable
number of PWHT's was determined.

Keywords: multiple PWHT, Grade 91, creep strength
1. Introduction

Martensitic Grade 91 steel is widely used in refurbishment projects and new power plants for
components subject to temperatures up to 600°C. The Grade 91 steel owes its strength largely
to the presence of fine precipitates in a martensitic structure. This structure has a high tensile
strength at high temperatures and a high creep resistance. Failure to achieve the optimum
microstructure during original steel production or to maintain this microstructure during
subsequent component fabrication, plant construction or component repair, will significantly
impair the mechanical properties of the alloy and can lead to premature failures. Hence, the
chemical composition and the received heat treatments are essential parameters.

A critical manufacturing step is welding. After welding untempered martensite is formed in

the weld and HAZ. Therefore after each weld or repair weld, a Post Weld Heat Treatment
(PWHT) is required in order to obtain a tempered martensite and to restore the properties of
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the material. During the lifetime of piping components, repair welds are often performed for
different reasons, with as a consequence that another PWHT needs to be performed. However,
subsequent heat treatments on the same base metal surrounding the weld (Heat Affected
Zone, HAZ) can have a detrimental effect on its properties, so the total number of PWHT's on
the same material should be limited.

The influence of multiple PWHT's has been studied before, however, there is no consensus
yet as to where exactly the limit lays. The effect of multiple PWHT’s on mechanical
properties has been studied by Dey et al. [1] on real weld joints. The samples were subjected
to a single PWHT at 760°C during variable holding times, up to 12 hours, which represents
about 3 PWHT's. This heat treatment has been found to have no adverse effect on the tensile
properties and impact toughness of the weld joint. This was confirmed by microstructural
examinations and hardness measurements. Spiegel [2] showed that a heat treatment at 770°C
during 14 hours had no effect on the hardness (HV10) of a P91 base metal and no significant
effect on the yield strength. The conservative rule of thumb that is currently used in industry
is a maximum of 3 PWHT’s.

The objective of this investigation was to determine the maximum number of PWHT's that the
base metal can undergo without a significant negative impact on its properties (yield strength,
tensile strength, fracture toughness, hardness and creep rupture strength). Therefore,
simulations of single and multiple PWHT's were performed on an ex-service P91 pipe.
Mechanical and creep properties of the material were characterized before and after
simulation of different numbers of PWHT's. The results were reviewed and the maximum
allowable number of PWHT's was determined.

2. Experimental set-up
2.1. Material
An ex-service P91 pipe, which had been in service for about 39500h at an average

temperature of 570°C was used. The chemical composition and mechanical properties of the
material are shown in Table 1.
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Table 1: Chemical composition and mechanical properties of the used ex-service P91

material
Time in operation [h] 39500
Average metal temperature in operation[°C] 570
Chemical composition measured C 0.1
with ICP spectroscopy [wt%] Mn 0.36
Si 0.34
S 0.004
P 0.015
Cr 8.7
Ni 0.16
Mo 0.98
Cu 0.14
\Y 0.2
Nb 0.09
Al 0.01
N 0.04
Mechanical properties measured in the longitudinal direction
Yield strength [MPa] 631
Tensile strength [MPa] 760
Elongation [%] 46
Impact energy [J] 106
Hardness [HV10] 209

2.2. Post Weld Heat Treatment (PWHT) simulations

Typical PWHT temperatures for P91 are between 740 and 760°C. The duration at the PWHT
temperature depends on the thickness of the component. Holding times of 1h/25mm thickness
are recommended with a minimum of 2h for Shielded Metal Arc Welding (SMAW) and 4h
for Submerged Arc Welding (SAW). For the simulation of the PWHT’s, a temperature of
760°C was chosen, representing a worst case concerning material degradation. Each sample
was introduced in a furnace for a global heat treatment at 760°C for specific holding times
ranging from 3h to 21h, hence simulating up to 7 subsequent PWHT's of 3h:

— step 1: Heating up to 400°C

— step 2: Slow heating at maximum heating rate of 150°C/hour

— step 3: Annealing at 760°C during “a multiple of” 3 hours holding time

— step 4: Slow cooling at a maximum cooling rate of 150°C/hour

2.3. Determination of properties after PWHT's
2.3.1. Mechanical properties

For each sample tensile tests (ISO 6892-1:2009) in the transversal direction and impact
toughness tests (Charpy V-notch, 1SO 148:2010) have been performed at room temperature.
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2.3.2. Microstructure
The microstructure of the samples was checked with an Olympus PMG3 Light Optical
Microscope (LOM) on embedded cross sections after etching with Villella.

2.3.3. Hardness
For each sample Vickers Hardness (HV10) was determined with a Struers Duramin A300
table-top hardness tester as the average of 20 measurements on embedded cross sections.

2.3.4. Creep strength
Short term creep tests at 650°C and 100MPa were carried out on selected samples on a single
specimen direct weight creep tester with continuous strain monitoring.

3. Results
3.1. Mechanical properties

The evolution of the tensile strength, yield strength, elongation and toughness in function of
the number of PWHT's is shown in Figure 1 and Figure 2. According to the EN 10216-
2:2007, the minimum ultimate tensile strength is 630 MPa, the minimum yield strength is 450
MPa and the minimum elongation in the transversal direction is 17%. Based on thresholds for
tensile strength and yield strength, the maximum acceptable holding time at 760°C is 18
hours. The elongation is above minimum requirements for all analyzed samples. Impact
toughness was close to 200J for all samples up to 18h holding time at 760°C and started to
decrease after 21h.
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Figure 1: Evolution of the mechanical properties in the transversal direction as a function of
the holding time at 760°C. a) Tensile and yield strength; b) elongation.
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Figure 2: Evolution of the Charpy V-notch toughness at room temperature as a function of
the holding time at the PWHT temperature of 760°C.

3.2. Microstructure

Figure 3 shows the evolution of the microstructure after several simulated PWHT's. The
original microstructure is tempered martensite, with a clearly visible lath structure. The
annealing at the PWHT temperature of 760°C causes an agglomeration and coarsening of
carbide precipitates and a fading of the lath structure. This can already be observed after 6h of
annealing (equivalent of 2 PWHT's). After 21 h at 760°C (equivalent of 7 PWHT's) the
microstructure is clearly over-tempered martensite.
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Figure 3: LOM micrographs after etching with Villella showing the evolution of the
microstructure after several PWHT's. a) Before PWHT; b) after 6h at 760°C; c) after 15h at
760°C d) after 21h at 760°C

3.3. Hardness

Figure 4 shows the evolution of the hardness in function of the number of PWHT's. The
hardness shows a sharp decrease after 18 hours holding time at 760°C. Recommended
hardness for Grade91 components entering service is between 200-290 HV10. Generally, a
hardness that is lower than 190 HV10 is not acceptable [3].

66



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

215

4\213
210

205 204

= \’/0\’\

S .

; 200 - min hardness, GDFSUEZ A

= 202 202 201

A

g 195

°

£ 196 196

I .
190 - min hardness, VGB \
185 187
180 T T T T T T 1

0 3 6 9 12 15 18 21

Holding time [h]

Figure 4: Evolution of the hardness as a function of the holding time at 760°C.

3.4. Creep strength

Based on the results of the mechanical tests and microstructural investigation the samples that
were annealed at 760°C for 15h and 21h were selected for the creep testing. Results of the
short term creep tests are shown in Figure 5. The creep strength of the ex-service material
with no PWHT is still slightly above the average value for Grade 91. After 15h at 760°C,
creep strength is lower, but still within the +/-20% scatterband. After 21h at 760°C, however,
creep strength has dropped below the -20% curve. Since the time to rupture of the tests was
very limited (<200h for the post PWHT's samples), it is advisable to confirm these results
with longer term creep tests.
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Figure 5: Creep test results at 650°C compared with the ECCC master curve for Grade 91
material [4].

4. Discussion

Based on the results of the mechanical testing, microstructural investigation, hardness
measurements and short term creep tests, the investigated Grade 91 material can undergo up
to 15h of annealing at 760°C, without a significant negative impact on its properties.
However, when trying to translate these results into a general guideline for the maximum
allowed number of PWHT?’s, several considerations have to be made.

The used material had an average creep strength to start with. For material with a creep
strength closer to the lower boundary, the total allowed number of hours at 760°C could be
lower. The initial creep strength depends on the exact chemical composition and the received
normalising and tempering conditions.

Both the PWHT temperature and holding time can vary in practice. Temperatures will
typically vary between 740°C and 760°C, so the simulations are conservative. The duration at
the PWHT temperature depends on the thickness of the component and can be more than 4 h
for thick-walled components. Holding times of 1h/25mm thickness are recommended with a
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minimum of 2h for Shielded Metal Arc Welding (SMAW) and 4h for Submerged Arc
Welding (SAW).

The simulation of multiple PWHT's was done by increasing the holding time at 760°C. The
heating up and cooling down was only done once. Since some degradation will take place
during these heating and cooling periods, the influence of real multiple PWHT's will be
slightly larger. In order to estimate the importance of this heating and cooling period the
Larson Miller Parameter (LMP) was used:
LMP (t,T) = T[K](31 + log(t[h])

As illustrated in Figure 6 the heating and cooling curves were approached by a series of small
time intervals at constant temperatures. For each temperature the equivalent time at 760°C
was determined by using the LMP. The sum of all these contributions gives the time needed
at 760°C to have the same degradation as during the heating and cooling period. For the
PWHT simulation in the furnace this equivalent time at 760°C was determined to be 0.2h.

760
760 =
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i
450 - / B —
i
275 | e
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Figure 6: Illustration of how the heating curve was approached by subsequent time steps at
constant temperature.

If repair is carried out after several years of service some material ageing has already taken
place and hence the total amount of hours at 760°C before significant influence on the
properties will be lower, compared to what is allowed on new material. The same LMP
approach can be used to estimate this influence. For the tested material, the 39500h at 570°C
corresponds to an equivalent time at 760°C of only 0.01h. As an example, 100 000h operating
at 580°C corresponds to 0.05h at 760°C and 100 000h operating at 600°C corresponds to
0.27h at 760°C. This shows that, although there is an influence of the service time, this
influence is small compared to the influence of a PWHT.

In practice, the complete history of the component that needs to be repaired has to be taken
into account (service life, previous repairs, etc.) when evaluating if an extra PWHT can be
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done. An equivalent LMP for the component can be calculated and compared with the LMP
of 33244 for the 15h holding at 760°C.

5. Conclusion

The current investigation revealed that for Grade 91, based on PWHT’s of 4 hours at 760°C,
maximum 3 PWHT’s are acceptable.

If longer PWHT times are necessary (e.g. for thicknesses>100mm) or if the initial creep
strength of the material is close to the lower boundary, the number of PWHT's should be
limited to 2.

In practice, the complete history of the component that needs to be repaired has to be taken
into account (service life, previous repairs, etc.) when evaluating if an extra PWHT can be
done. An equivalent LMP for the component can be calculated. If the sum of this LMP and
the equivalent LMP of the planned PWHT is still below 33244, the repair will have no
significant influence on the properties of the surrounding base material.

Long term creep tests in order to confirm these results are planned. In addition, confirmation
tests on real welds are ongoing to check the exact failure locations.
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Abstract

The microstructure of two Z-phase strengthened steels was characterized in different heat treatment conditions,
as-tempered and after 1000 hours ageing at 650°C. A high Cr content together with Ta and N additions were
used to stimulate the formation of a fine distribution of Z-phase as strengthening particles in both alloys. Atom
probe tomography, transmission electron microscopy, and scanning electron microscopy were employed for a
detailed characterization of the microstructure. The Al steel contained very little carbon, which resulted in a fast
transformation from MX to Z-phase. In the A2 steel that contained a higher carbon content and an addition of
Cu, the MX to Z-phase transformation was slower. The Cu addition to the A2 steel improved Laves-phase
distribution and morphology.

Keywords: 9-12% chromium steels; precipitation hardening; APT; TEM.
1. Introduction

In steam power plants, higher thermal efficiency and lower fuel consumption is achievable at
higher steam temperatures and pressure. Developments in heat-resistant steels with better
creep strength have contributed to a major increase in the efficiency of steam power plants.
Martensitic 9-12% Cr steels have been playing an important role during the last decades
towards achieving higher efficiency. At higher temperature and pressure, both improved creep
strength and improved corrosion resistance are required to avoid material failures [1].

Several attempts towards improving the creep resistance of steels with high corrosion
resistance (11-12% Cr) at least for 100,000 hours at 650°C have resulted in better creep
strength only up to 10,000 hours. For longer creep times, the material experienced a dramatic
loss of creep strength due to the transformation of fine MX (M =V, Nb, Ta; X = C, N)
precipitates into coarse Z-phase (CrMN, M =V, Nb, Ta) particles [2].

By considering the fact that Z-phase is thermodynamically more stable at 650°C, John Hald
and Hilmar Danielsen suggested to use Z-phase as strengthening phase instead of MX [3]. In
the present study, Atom Probe Tomography (APT), Transmission Electron Microscopy
(TEM), and Scanning Electron Microscopy (SEM) were employed to characterize the
microstructure evolution during ageing of two trial Z-phase strengthened alloys.

2. Experimental methods

2.1 Materials

The chemical composition of two experimental steels received from the Technical University
of Denmark is provided in Table 1. These steels are supposed to form small Ta containing Z-
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phase (CrTaN) since it is believed that Ta results in a finer distribution of Z-phase compared
to Nb-based Z-phase [2]. The main differences between the two experimental steels are in
their carbon and copper content.

The A1l steel was austenitized at 1150°C for 1 hour and tempered at 650°C for 24 hours. The
A2 steel was austenitized at 1150°C for 1 hour and then underwent double step tempering of
6 hours at 650°C followed by 6 hours at 740°C. The Al steel was studied in the as-tempered
condition and after 981 hours ageing at 650°C. The A2 steel was studied in the as-tempered
condition and after 1000 hours ageing at 650°C. The Charpy V-notch impact toughness of the
two steels in the as-tempered condition was determined at room temperature to 2.3 J and 76.3
J for Al and A2 steels, respectively.

Table 1. Composition of Z-phase strengthened steel A1 and A2 (Fe in balance).

Steel Ni Co Cr W Ta C B N Si Mn Cu
at% 048 7.01 1284 0.89 0.12 002 0.02 013 060 049 O
wt% 050 7.30 11.79 2.90 0.39 0.005 0.004 0.033 0.30 0.48 0
at% 0.18 3.35 13.13 0.76 0.11 0.28 0.03 020 062 0.22 1.73
wt% 0.19 350 1210 247 036 0.06 0.006 0.049 031 021 1.95

Steel Al

Steel A2

2.2. Specimen preparation

TEM specimens were prepared by electropolishing in 10% perchloric acid + 90% methanol.
Note that this electrolyte preferentially etches away Cu particles and subsequently holes are
left in the TEM specimens. Thus in the HAADF (high angle annular dark field) micrographs
obtained from the electropolished specimens, most of the black contrast (holes) within the
steel matrix are footprints of Cu particles.

Standard grinding and polishing process was employed to prepare specimens for SEM anal-
ysis. Sample preparation for APT was done according to the method reported by Liu et al. [4].

2.3. Electron microscopy

A Leo Ultra 55 Field Emission Gun SEM (FEG-SEM) equipped with an Oxford Inca Energy
Dispersive X-ray Spectrometry (EDS) system, and a FEI Tecnai LaBg gun TEM equipped
with an EDAX X-ray detector and the TIA EDS software, were employed for a detailed
characterization of the microstructure of both steels. For SEM several accelerating voltages
between 5 and 20 kV were used. The TEM was operated at 200 kV.

2.4 Atom Probe Tomography

APT is by far the most powerful analytical method to study the chemical composition of
different phases at an atomic level. It determines the chemical composition based on counting
the number of atoms of each type. An Imago LEAP 3000X HR local electrode APT was
employed to study the chemical composition of precipitates smaller than 50 nm. During
analysis the specimen was held at a temperature of 55-56 K. The instrument was operated in
pulsed laser mode with a laser pulse energy of 0.3 nJ. The data collected by the instrument
was further analyzed using the IVAS 3.4.6 software.
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3. Results

The microstructure of the two experimental steels at different heat treatment condition was
investigated by using SEM, TEM, and APT.

3.1 Steel Al

Decreasing the C content to 0.02 atomic % aimed at making the system simple and easy to
study by excluding M23Cs and MX carbonitrides, and to test whether a dense Z-phase
distribution could be obtained. If so, it would be a proof of concept of the idea of Z-phase
strengthening.

3.1.2 Steel Al in the as-tempered condition

Figure 1 shows backscattered electron (BSE) micrographs obtained by SEM from the Al steel
in the as-tempered condition. The contrast obtained in these micrographs is mainly due to the
difference in atomic number. EDS point analyses showed that the bright phases are rich in W,
suggesting they are Laves-phase (Fe,W). It worth noticing that some Laves-phase particles
appear continuously along prior austenite grain boundaries (PAGB) and inside grains. The
prior austenite grain size was determined to 114 pm.

S PAGB/ -/ ¢

4
/

Continuous

L // :

Figure 1. SEM/BSE micrographs of the Al steel in the as-tempered condition at two different
magnifications. Note that at some areas, an almost continuous Laves-phase formed along the
PAGBs.

Figure 2 shows a reconstruction of an APT data set obtained for the Al steel in the as-
tempered condition. In this image, each purple dot is a TaN ion. Chemical composition of
these particles varies depending on their size. They mainly contain Ta, Cr, and N. Thus,
already after tempering a dense distribution of what appears to be Z-phase was obtained.
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Figure 2. Reconstruction of an APT data set obtained from the Al steel in the as-tempered
condition. Purple dots are TaN ions (box size: 120x70x70 nm?).

3.1.2 Steel Al aged for 981 hours at 650°C

Figure 3 shows SEM/BSE micrographs of the Al steel after 981 hours ageing at 650°C. At
this stage, continuous Laves-phase still exists at PAGBs. Besides we can see Laves-phase of
equiaxed morphology inside PAGs and at lath boundaries. SEM/EDS elemental mapping of
the Al steel after 981 hours ageing at 650°C is provided in Figure 4, which illustrates the
Laves-phase distribution via the W map. Considering the very small amount of C in this alloy,
it is not surprising that in all our SEM analyses we could find only one relatively big particle
rich in Cr, which might be a My3Cs particle. Z-phase particles are still smaller than the
detection limit of SEM/EDS even after 981 hours ageing at 650°C.

v
7,
S =~ PAGB
7 4
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(5 Fe;W.

Figure 3. SEM/BSE micrographs of the Al steel aged at 650°C for 981 hours.

Using APT a dense distribution of small nitride precipitates was found. The chemical
composition of one of these precipitates obtained from APT is provided in Table 2. It is
obvious from the nitrogen content and the high Cr content that Z-phase has formed.

Table 2. Chemical composition (at%) of a Z-phase precipitate in the Al steel aged at 650°C
for 981 hours.

Ta Cr N C W Vv Fe
Z-phase 255 35.4 33.9 0.5 0.3 1.1 1.3
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Cr -
Figure 4. SEM/EDS elemental mapping of the Al steel aged at 650°C for 981 hours.

3.2 Steel A2

The A2 steel contains more carbon compared to the Al steel. This addition of C might affect
the Z-phase formation process. This was studied in detail in the as-tempered condition and
after 1000 hours ageing at 650°C. In addition, how Cu addition in the A2 steel affects the
microstructure was also studied in detail.

3.2.1 Steel A2 in the as-tempered condition

Figure 5 shows a rather big BN particle with irregular morphology as well as a spherical
primary TaC particle. TaC precipitates exist in different sizes ranging from 300 nm to 1 pm.
The EDS spectra obtained from aforementioned particles are provided in Figure 5.

TaC

1 um

Figure 5. SEM secondary electron micrograph of the A2 steel in the as-tempered condition
together with EDS spectra from the TaC and BN particles.
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Figure 6 shows HAADF-STEM micrographs of the A2 steel in the as-tempered condition. It
can be seen that Laves-phase particles (bright contrast), a few hundred nm in size and
equiaxed in shape, are mostly distributed at PAGBs. This is also true for M,3Cs precipitates
(gray contrast), while Cu ‘‘particles’’ (black contrast) are distributed at PAGBs, lath
boundaries and inside laths. The prior austenite grain size was 50 pm.

: 7
M;3Cs /
P g
— Equiaxed
Fe,W

—

Figure 6. HAADF-STEM image of the A2 steel in the as-tempered condition showing Laves-
phase (bright contrast), M23Cs (gray contrast) mostly at PAGBs, and footprints of Cu
particles (black contrast) at PAGBs, lath boundaries and inside laths.

For the A2 steel in the as-tempered condition, a total volume of 2.2 x 10° nm® was
investigated using APT. Two relatively big (= 40 nm) Cr+N-rich particles were found. They
contain roughly 75% Cr and 22% N (in atomic percentage) and the concentration of other
elements are low. The chemical composition suggests Cr,N.

In the APT analysis, a Ta(C, N) particle was identified. The chemical composition of this
particle is provided in Table 3. The high amount of C might make it harder for these particles
to transform to Z-phase. One 15 nm Z-phase precipitate was analyzed by using APT. The
chemical composition of this particle is also provided in Table 3.

Table 3. Chemical composition (at%) of particles in the A2 steel obtained by APT. The results
were obtained from one particle of each type.

Cr Ta N C B V Fe

A2 (as-tempered) Ta(C,N) 13.1 381 16.7 259 - - 42
A2 (1000 haged) Ta(C,N) 4.7 500 118 294 - 0.7 27
A2 (as-tempered)  Z-phase 36.6 25.1 248 24 07 07 91
A2 (1000 haged) Z-phase 40.8 258 245 06 - 08 7.0

3.2.2 Steel A2 aged for 1000 hours at 650°C

In Figure 7, SEM/BSE micrograph of the A2 steel aged for 1000 hours is shown. It shows that
particles do not only exist at PAGBs but also at lath boundaries and inside laths after ageing
for 1000 hours. Further EDX analysis showed that these particles are Laves-phase and M3Cs.
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Figure 7. SEM/BSE micrographs of the A2 steel aged for 1000 hours at 650°C.

In Figure 8, STEM/EDS elemental mapping shows different particles in the A2 steel after
1000 hours ageing at 650°C. Laves-phase (W map), M»3Cs (Cr and C maps) are shown as
well as one particle rich in Cr and N approximately 400 nm in size (marked by red arrow).
Black contrast is footprint of Cu particles. As is highlighted in Figure 8, we can see Laves-
phase precipitates adjacent to Cu particles.

Figure 8. HAADF-STEM/EDS elemental mapping of the A2 steel aged for 1000 hours at
650°C showing Laves-phase, M23Cs, and Cr+N-rich particles (red arrow).

In Figure 9, STEM/EDS elemental mapping of small particles (<100nm) shows that they are
enriched in Ta and Cr. EDS is not an accurate method for quantifying the light elements N
and C. Therefore, using EDS it was not possible to distinguish if the particles are Z-phase or

Ta(C, N).
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Figure 9. HAADF-STEM/EDS elemental mapping of the A2 steel aged for 1000 h at 650°C.

For The A2 steel aged for 1000 hours at 650°C a total volume of 2.07x10° nm® was investi-
gated using APT. One Ta(C, N) particle of 30 nm was analyzed. The chemical composition
of this particle is provided in Table 3. This kind of particle was also seen in the A2 steel in the
as-tempered condition. Z-phase precipitates were observed in the APT analysis. The chemical
composition of Z-phase particle is provided in Table 4.

4. Discussion
4.1 Primary particles

Two families of primary particles were characterized: BN and TaC particles. BN particles
were found in the A2 steel. They may separate first from the melt during casting and consume
both beneficial B and N. Boron has the effect of hindering the M,3Cs coarsening [4] and N
was supposed to form nitrides and Z-phase. An optimum relation between B and N
concentrations to avoid BN formation was suggested by Abe [5]. Thus the B and N content of
the A2 steel needs to be modified.

Primary TaC particles exist in both alloys. TaC consumes Ta, which was supposed to
participate in Z-phase formation. However, TaC particles can lock PAGBs and restrict grain
coarsening during the austenitization process. The A2 steel contains much more C compared
to Al, thus in A2 there are more TaC particles that pin the grain boundaries and decrease
grain growth. The prior austenite grain size in A2 is approximately half of the prior austenite
grain size in Al.

4.2 Laves-phase
Laves-phase is an important precipitate in 9-12% Cr steels that significantly affects the
microstructure and mechanical properties. Some authors believe that Laves-phase formation

is detrimental to materials performance mainly due to depletion of W from matrix and
subsequently decreased solid solution strengthening of W [6], while some other authors have
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shown that formation of fine Laves-phase at sub-grain boundaries and grain boundaries
retards the recovery of these boundaries [7]. Thus Laves-phase distribution and morphology
must be controlled in order to improve the creep strength of the material. In the Al steel we
have continuous precipitation of Laves-phase along some of the PAGBs, which resulted in
poor impact toughness. The morphology and distribution of Laves-phase have been modified
in the A2 steel. There might be two reasons for this modification. Firstly, in A2, Cu was
added to the steel. It is believed that Cu particles form during the first step of tempering and
act as nucleation sites for Laves-phase particles [8]. This is shown in Figure 8 where we can
see Laves-phase particles closely connected to Cu particles. Secondly, formation of M;3Ce
will result in regions depleted in Cr adjacent to M23Cg and subsequently high amounts of W
are left in this region, and this is beneficial for Laves-phase formation [7].

4.3 Z-phase vs. MX

It is known that Z-phase is formed by transformation from MX precipitates [9]. In the Al
steel, a high Cr content together with Ta and N resulted in a fast transformation from MX
particles to Z-phase. Thus a fine distribution of Z-phase is achieved even in the as-tempered
condition. A high Co content is also believed to accelerate the formation of Z-phase [3]. By
considering the fact that Z-phase is thermodynamically the most stable nitride phase in 9-12%
Cr steel at 650°C, it is believed that this fine distribution of Z-phase obtained in the as-
tempered condition will not be transformed to any other phases during ageing and
subsequently will contribute greatly to the creep strength of the alloy.

In the A2 steel, the high amount of C resulted in formation of M,3Cs and secondary Ta(C, N)
that both attract Cr (see Table 3). Both particles consume some Cr and subsequently less Cr is
left in the matrix to form Z-phase. However, in A2 steel APT analysis proved the existence of
Z-phase in the as-tempered condition together with Ta(C, N). By considering the existence of
Ta(C, N) in the aged specimen of A2 for 1000 hours, it is believed that phase transformation
from MX to Z-phase in the A2 steel, which contains a high amount of C, is not as fast as
phase transformation in the Al steel.

In the Al steel a fine distribution of Z-phase was achieved, while in the A2 steel, the
distribution of Z-phase in not as dense as in the Al steel.

4.4 M23C6 and M,X

The very small amount of carbon in the Al steel resulted in a high matrix concentration of Cr
to form Z-phase. However in the A2 steel containing more C, we can see that already in the
as-tempered condition M»3Cgs formed in equiaxed morphology along PAGB and after ageing,
also at lath boundaries and inside grains. M23Cs particles improve the creep strength of the
material by particle strengthening and by retarding the sub-grain growth [7]. The presence of
B decreases the coarsening rate of M,3Cg [2], which increases creep resistance of the steel.

The chemical composition of Cr+N-rich particles suggests that they are M,X particles. In four

random APT analyses, two MyX precipitates were found, however S(T)EM/EDS
investigations show very small amount of these particles in the A2 steel.
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5. Conclusions

In the Al steel a high Cr content together with Ta and N additions, high amounts of Co and
very little C resulted in a fast transformation from MX particles to Z-phase during tempering.
In the A2 steel with 0.06 wt. % C, this transformation is much slower. Thus the concept of Z-
phase strengthened 12% Cr steels was shown to work in practice, at least for low C contents.

In the Al steel (no Cu and very little C) some Laves-phase formed continuously along
PAGBs resulting in poor impact toughness. In the A2 steel the distribution of Laves-phase
was affected by Cu particles that act as nucleation sites for Laves-phase particles. This results
in separate equiaxed precipitates a few hundred nm in size and a good toughness.
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Abstract

Increasing thermal loads, temperatures and pressures in boilers and steam systems is attractive to improve the
efficiency and operational economy of power and process plants. The adoption of new high strength, modified
2% Cr steels can be an option, provided that these will perform for the required component life. Challenges have
arisen when using new high strength T/P23 and T/P24 steels for waterwalls, superheaters and steam lines. This
paper reviews the recent understanding of the applicability and limitations of these steels in welded components.
A range of causative reasons are proposed for the not entirely successful application of the P/T23 and P/T24
particularly in waterwalls and steam lines. The complexity of optimising weld properties is demonstrated in view
of unforgiving material response especially at weld defects, as well as of high weldment hardness and limited
ductility. Selection of filler metal type and composition is elucidated with respect to propensity to low weld
metal ductility, such as low creep ductility damage or reheat cracking. The role of structural rigidity and actual
constraint conditions in real components is discussed, as it comes to adopting filler metals with the aim of either
increasing weld creep strength or ensuring adequate creep ductility, as well as to whether to conduct or omit the
subsequent PWHT. One of the most persistent remaining challenging issues concerns welded thick-wall
applications for high temperature headers, steam pipes or turbines, where the weld metal tends to show very
limited creep ductility. More recently, setbacks have been seen in the attempts to use T24 in welded water walls
of large boiler plants. Multiple causes have been proposed for the observed early waterwall cracking, and again,
the problems concentrate on welds that tend to exhibit reduced creep ductility.

Keywords: power plant, high-temperature, T/P23 steel, T/P24 steel, creep, ductility, cracking
1. Introduction

In principle, efficiency and operational economy of power and process plants can be
improved, and equipment size reduced by increasing thermal loads, temperatures and
pressures of the process. As this has been well known for a long time and the allowable high
temperature material strength levels only gradually increased, the improvement has been
relatively slow [1]. A more emerging challenge is the increasingly variable supply from other
renewable sources of power than hydro, as in the remaining thermal power plants of the grid
life of major components can be reduced by the more fluctuating operation. In addition, when
higher strength material is selected for optimised process and to limit section size and
sensitivity to more fluctuating operation, other complications may intervene from e.g.
unfavourable creep ductility, thermal properties, or weld behaviour. This paper compares
conventional and newer creep resistant steels in terms of expected and observed properties
and suitability for the changing modes of operation. The selected examples include the

81



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

experience and suggested limitations with e.g. welded T/P23 and T/P24 in comparison with
conventional low alloy steels.

Low-alloy Cr-Mo steels like T22 (10CrMo09-10) are widely used since 1940’s at steam
temperatures up to 540-565°C. The steel shows fair weldability and ductility, but only modest
creep strength. For strength improvement at similar temperature range, modified low-alloy
steels have been developed with small additions of elements that improve hardenability and
form strengthening precipitates. Early versions of such grades like 0.5CMV (14MoV6-3) steel
were successful in considerably improving the uniaxial creep strength at modest operating
temperatures, but were also found to suffer from lower creep ductility than Cr-Mo steels,
resulting in relatively short mean time to creep cavitation and cracking in the plant inspection
statistics [2]. More recently, newer modified grades P/T23 (7CrWVMoNb9-6) and P/T24
(7CrMoVTiB10-10) have been introduced with higher hardenability, small additions of
precipitation forming elements such as V, Ti, Nb, W, B and/or N and more complex tempered
bainitic to martensitic (Figure 1) microstructure [3, 4]. Again, limitations and operational
setbacks have been observed when aiming to benefit from the improved creep strength in
waterwalls or steam lines. These have been associated with sensitivity to microstructure, weld
quality control and/or defects and operating environment, and have resulted in premature
failures in service [5]. Any increase in parent material creep strength is hence of little use if it
is not reasonably matched by sufficient ductility and properties of welds. As a result, the
modified 2% Cr steels are not yet common in waterwalls or steam lines, but mainly used in a
narrow range of applications, such as superheaters. These limitations are now obstacles in
applying materials that once appeared to be cost effective solutions for a supercritical plant.

Figure 1: As-new parent microstructure of P24 steel [6].

2. Materials and experiments

The standard compositions [7, 8] of the ferritic steels 0.5CMV, T/P22, T/P23, T/P24 and X20
are shown in Table 1.

82



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

Table 1: Composition of selected conventional and modified pipe and tube steels [7, 8].

Steel C Cr Ni Mo | W \Y Nb Ti | Other

14MoV63 0.10 |0.30 0.50 - 022 - - -

0.5CMV 0.15 |0.60 [0.30 [0.70 0.28

10CrMo9-10 0.08 |2.00 0.90 - - - - -

T22 0.14 |2.50 [0.30 [1.10

7CrWVMoNb9-6 [0.04 |1.90 - |0.05 [1.45 |0.20 |0.02 - |N<0.03

T23 0.10 |2.60 0.30 |1.75 |0.30 [0.08 B 0.0005...0.006
7CrMoVTiB10-10 [0.05 |2.20 - |0.90 - |0.20 - ]0.05 [N<0.010

T24 0.10 |2.60 1.10 0.30 0.10 |B 0.0015...0.007
X20CrMoV11-1 0.17 |10.0 {0.30 [0.80 - |0.25 - - |Al<0.040

X20 0.23 |12.5 [0.80 [1.20 0.35

The arc welding consumables are mostly of roughly matching composition, with some
compensation for arc burn losses. In case of P/T24, for example, the arc loss of Ti can be so
extensive and difficult to control that Nb instead of Ti may be selected (i.e. the approximate
composition of the P/T23 consumable). On the other hand, higher levels of elements like V,
Nb and B will increase creep strength but this can be at the expense of ductility and resistance
to cracking [9-15]. For higher ductility and toughness in the weld metal, undermatching
consumables corresponding to P/T22 could be used. This may work when the welds are not
fully loaded and/or are partly strengthened via dilution by the parent metal for additional
alloying (i.e. relatively thin sections and butt-welds with narrow grooves), but the approach is
less effective for multipass welds of thick-wall sections. As an example, SMAW butt weld
made with Thermanit 24 consumables on @ 400 x 30 mm P24 pipe was subjected to cross-
weld creep testing after passing weld qualification tests (NDE, hardness, tensile, bending,
impact and reheat cracking tests), and metallography to show no deviations or damage [6].
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Figure 2: Vickers (HV1) hardness profile across the P24 weldment [6].

An example of the P24 weldment hardness profile in Figure 2 shows that the Nb-alloyed P24
type SMAW weld metal exhibits hardness level equivalent to the grain-coarsened HAZ, and
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that satisfactorily low weldment maximum hardness (<< 300 HV) is obtained in the PWHT
condition (740°C/2 h).

3. Weld integrity and creep performance

The creep testing results of the example P24 component and its weldment are shown in Figure
3 as a Wilshire plot; for modelling and formulation for this purpose, see [6]. A comparison is
also shown to the expected parent metal (P24) mean strength, given as three interpretations, as
well as to a lower bound line of a weld strength factor WSF = 0.64; WSF is the ratio of
(cross)-welded and parent metal rupture strength for the same temperature and time to
rupture. It is seen that there is no clear difference between cross-weld and (longitudinal) weld
metal test results. This was confirmed in inspection, showing grain boundary creep failures in
the weld metal (Figure 4) with elongation of less than 10%. Hence even when the parent
alloys remain quite ductile, creep ductility is considerably reduced in welded P/T23 and
P/T24 [10]. Like in many low alloy steels, creep ductility may pass through a minimum by
decreasing first and then growing again with increasing time to fracture. Overall, however, the
ductility levels of welded P/T24 are lower than in the conventional Cr-Mo steels, perhaps
somewhat similar to 14MoV6-3.
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Figure 3: P24 cross-weld (CW) and weld metal (WM) data in comparison with PM and WSF
models.
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Figure 4: Grain boundary cracking of weld metal after CW creep test of P24 [6].

4. Indicators and mitigation of low ductility

It is common observation that increasing material strength tends to reduce its ability to deform
and yield without damage like cracking or fracture. This certainly applies to low-alloy Cr-Mo
steels and many other steels, and one of the early lessons was with the steel 0.5CMV
(14MoV63) that like P/T23 and P/T24 contains vanadium for precipitate (MX) strengthening.
In spite of showing better creep strength than P22, this steel has fallen into disuse in new
plants partly because of its propensity to creep cavitation and cracking in welded joints. The
difference to P22 appears as lower elongation and reduction of area (RA) under nearly any
testing conditions including those in standard qualification tests [4]. However, details will
also matter, and detrimental features can include even partially martensitic weldment
microstructure that can be sensitive to hydrogen damage and stress corrosion cracking,
simultaneously with the increased likelihood of crack extension from weld defects [3, 5].

Material’s low ductility can be indicated by high hardness, but the often quoted limit of 350
HV may not be sufficiently restrictive to guarantee safe, crack-free welds. In practice this will
frequently mean requirements to use preheating for welding (e.g. 150°C), possibly followed
by PWHT [5, 9-11]. Unfortunately, PWHT will compromise one of the major original
advantages of low-alloy Cr-Mo steel tubes, i.e. the option to assemble large scale structures
without mandatory PWHT. The compounding effects related to, or indicated by low ductility
will be further aggravated by the effects of ageing that can further reduce ductility and
toughness. Even if the impact of ageing were temporary and largely removed by long term
service at sufficiently high temperature [11], this will not help if the period of low ductility
will already introduce damage to a component. Any attempt to repair such damage can start
the low ductility cycle from the beginning and therefore may not be of much help without
removal or mitigation of the original challenge. The complexity of optimising weld properties
was clearly demonstrated in a recent work [17, 18] on thick-section tube multipass welds in
P23 (Table 2): while the as-welded condition exhibited excessive weld metal hardness (well
above 350 HV) and poor impact toughness (less than 10 J at RT), the subsequent PWHT
resulted in reheat cracking in the weld metal irrespective of simultaneously improved
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toughness and decreased weld hardness. In this context, it was found that reheat cracking
sensitivity of P23 weld metal can be reduced by selecting a filler material with its chemical
composition more closely matching to T/P24, and that T/P24 is obviously much less
susceptible to reheat cracking than T/P23 (see Table 3).

Table 2: Hardness of P23 weldment, simulated HAZs and Gleeble re-heated welds [17, 18].

Weld/simulated microstructure Condition Hardness (HV5)
actual weld metal as-welded (final bead) 313, 328
actual weld metal as-welded 315 - 353
actual weld metal re-heated (softened) © 288 — 312
actual weld metal reheated (coarse-grained) © 353 — 384

actual CGHAZ close to fusion boundary 341 - 368
actual FGHAZ ~ 1.5 mm from fusion boundary 324
actual ICHAZ ~ 2.0 mm from fusion boundary 285
Gleeble-reheated weld metal FG(R)-CG(R)-WM 358 — 371
Gleeble-reheated weld metal SC(R)-CG(R)-WM ™ 374 - 385
Gleeble CGHAZ as-simulated 356
Gleeble CGHAZ PWHT 216
Gleeble FGHAZ as-simulated 311
Gleeble FGHAZ PWHT 190
Gleeble IC(R)-CGHAZ as-simulated 291
P23 grade steel as-delivered 194 — 203

(* Note: reheated by repetitive thermal cycles caused by multiple-pass welding.
(** Note: reheated by multiple thermal Gleeble simulation cycles c.f. Table 3.

Any measures to reduce local hardness and improve toughness and ductility can be of
assistance, for example by shifting details of parent metal and weld composition, and the
process of fabrication and heat treatments for better plasticity. In the case of the example P24
weld, selecting the Nb-alloyed consumable for welding P24 was enough to result in
satisfactory as-fabricated properties and to remove any cracking indications from the welded
joint before creep testing. However, low ductility damage and cracking in weld metal
reappeared when subjected to medium term creep loading (up to about 10 000 h). Further
improvement through extended process optimization does not seem to be particularly easy.
Alternatively, an improved and more ductile weld metal, i.e. a new consumable, could be
sought. Previous experience has shown [15] that maximising the weld metal creep strength at
the expense of creep ductility, for instance by adding large amounts of Nb and B into P23
consumable, can recoil on increased propensity to weld metal reheat cracking (Table 3). A
compromise with creep strength is possible, for example there is no reason to assume better
than 80% of parent creep strength for the cross-weld case. All-weld metal P24 specimens
extracted in the direction of the weld beads were not significantly more ductile than the cross-
weld specimens in creep, although the all-weld metal specimens showed a longer creep life in
uniaxial testing.

Overall, low ductility makes material unforgiving against straining under constraint (e.g. in
rigid, high-restraint structures), and against any crack-like defects. Therefore low creep
ductility may translate into poor performance of welded components that are subjected to
more realistic loading conditions than the same material in uniaxial creep testing. Time to
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failure in cross-weld specimens can correspond closely to the 80% strength level of the mean
parent material strength, but may fall slightly lower when compared to the actual parent
material strength (see Figure 2). In addition to weld metal, also the coarse-grained heat
affected zone (CGHAZ) can show low ductility and significant sensitivity to damage.

Table 3: BWI Reheat Cracking Test results for the thermally re-heated microstructures of
P23 (high-Nb-Ti-B) and P24 (Ni-Nb-Ti-free) grade multipass weld metals [17, 18].

Weld metal specimen / Weld configuration | Specimen Reduction of area
Case orientation RA (%)
P23 weldment; high-Nb -W-Ti-B type filler metal B323(experimental)
circumferential transverse 3.0
CG(R)-WM_10 pipe butt-weld 3.0
welded pad longitudinal 1.7
1.4
circumferential transverse 15
FG(R)-CG(R)-WM_10 pipe butt-weld 15
welded pad longitudinal 16
17
‘P24’ weldment; Ni-Nb-Ti-free type filler metal intended for P24 steel grade
circumferential transverse 18
CG(R)-WM_10 pipe butt-weld 15
welded pad longitudinal 19
19
circumferential transverse 28
FG(R)-CG(R)-WM_10 pipe butt-weld 28
welded pad longitudinal 33
32
IC(R)-CG(R)-WM_10 welded pad longitudinal 43
42
SC(R)-CG(R)-WM_10 welded pad longitudinal 19
16

Note: CG(R)-WM: Tp1 = 1340°C ; FG(R)-CG(R)-WM: Tp1 = 1340°C & Tp2 = 1020°C ; IC(R)-CG(R)-WM:
Tpl = 1340°C & Tp2 = 900°C ; SC(R)-CG(R)-WM: Tp1 = 1340°C & Tp2 = 675°C ; t8/5 = 10 sec.; PWHT
=760°C / 2 h (P23 weldment) and 740°C / 2 h (P24’ weldment).

The lessons from X20 steam lines have been more positive: even when creep damage will
appear after extensive time in service, it does not appear without fair early warning as
observable indicators (Figure 5). With respect to the limitations being obstacles for a more
widespread use of low-alloy Cr-Mo steels, it is interesting to compare their behaviour to
vintage high-chromium vanadium-bearing martensitic steel X20. This steel is quite brittle in
as-welded state before tempering, but appears to behave relatively well in long term service as
thick-wall pipe and headers [2]. In spite of low ductility in as-welded as-new condition, and
considerable embrittlement by in-service aging even after proper post-weld heat treatment, the
long term creep ductility of this steel appears to remain quite satisfactory [20]. It is less clear
whether the future will show similarly pleasant experience for the newer martensitic 9% Cr
steels P91 and P92.
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Figure 5: Creep cavitation and cracking in a branch weld heat affected zone at a saddle point
position of a X20 steam line header after 135 000 h of service at 530°C [20].

5. Discussion and conclusions

A range of causative reasons and explanations have been proposed for the not entirely
successful application of the modified 2% Cr steels P/T23 and P/T24 in power plants,
particularly in waterwalls and steam lines. One root cause is high hardenability, resulting in
high hardness and low ductility in welded joints (c.f. Tables 2 and 3), depending on details in
chemical composition, fabrication, welding and heat treatments. For example, variations in
the parent steel carbon content within the permitted standard range (0.05-0.10%) will notably
affect the as-welded hardness, especially at comparatively low heat inputs typical in fillet
welds and one-sided butt welds of boiler tubes. This applies also to weld metal, as the carbon
content in the T/P23 and T/P24 materials can sometimes be greater in the weld metal than the
parent steel (c.f. Figure 2), which then manifests itself as not only high HAZ, but also weld
metal, hardness. This is the case for the thick section P23 steel weldment in Table 2 where the
multiple thermal cycles have resulted in excessive local hardening in the reheated weld metal
regions. In case of P/T23, high weld hardness and poor toughness without PWHT (i.e. the as-
welded condition) may also be difficult to balance with the risk of reheat cracking during
subsequent PWHT (Table 3).

Particular challenges appear when mitigating PWHT is needed for large panel assemblies.
Further ductility and toughness reduction can be expected after subsequent ageing, as well as
reduced creep strength/ductility in welds (reduced WSF), also in thick-wall pipes or headers.
Relatively unforgiving material response to quality deviations, structural constraint and local
stresses add to the challenge particularly at defects from welding or environmental impact.
For instance, one-side welding of thin-wall tubes in all-around-the-clock positions is
technically very demanding and can easily lead to weld defects, such as either incomplete or
excess root penetration, end crater pipe, lack of (root / side-wall) fusion, and root concavity.

Complex microstructures responsible for the combined strength and ductility of parent
material are difficult to sustain in the CGHAZ and weld metal. The welding procedure and
weld process parameters therefore become much more important than for conventional Cr-
Mo steels, and need even further optimisation in the case of modified 2% Cr steels. The
available experience suggests that welding techniques maximising the thermal (normalising)
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effect of successive weld passes (e.g. thinner weld layers) are beneficial in limiting the
CGHAZ and weld metal hardness and associated detrimental phenomena. In general it
remains a challenge to keep the metallurgical design of welding consumables in pace with
that of the new parent steels, and the challenges evidently increase with the section thickness.
The benefit from good creep strength of T23 and T24 is currently realised mainly in
superheaters, i.e. in flexible structures with butt joints only and with typical wall thickness not
exceeding 10—12 mm. The implied limitations from structural restraint to integrity will require
attention to weld design, but high weld creep strength at the expense of ductility can
nevertheless prevent the use of such steels in stiff, rigid or heavy sections. This suggests that
structural design, weld joint design, welding procedures, filler metal compositions and
adoption/omission of PWHT should all be tailored case-specifically, depending on the
stiffness and rigidity of the structure and component in question.

The observed limitations with modified 2% Cr steels imply that higher alloy steels like P91
remain attractive for thick-wall high-pressure pipes and headers even at modest operating
temperatures. The proposed improvements like steel variants with even higher creep strength,
such as new 3% Cr steels [6, 12-14] will not solve the challenge before the issue of weld
performance is settled, but any fair progress could launch the use of such steels in further
applications. While the conventional X20 steel has demonstrated quite satisfactory long term
creep ductility (in spite of its low ductility in as-welded as-new condition), it is not yet clear
whether the service experience will be similar for 9% Cr steels P91 and P92.
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Abstract

The degradation in creep life of Gr.92 after the Acs thermal cycle shows that it is not caused by the grain
refinement but that the reduction of boundary and subboundary hardening is the most important. The 9Cr-boron
steel exhibits substantially the same microstructure as the base metal even after the Acs thermal cycle and hence
substantially the same time to rupture at 650 °C as the base metal. Soluble boron is essential for the change in
o/y transformation behavior during heating of welding and for the production of same microstructure as the base
metal. For suppression of Type IV fracture in HAZ of 9Cr steel welds, the elimination of tempering before
welding or the retension of soluble boron are proposed to obtain enough M»3;Cs carbides at PAGBs, lath and
block boundaries during PWHT. 9Cr-3W-3Co0-0.2V-0.05Nb steel with 120-150 ppm boron and 60-90 ppm
nitrogen (MARBN) exhibits not only much higher creep rupture strength of base metal than P92 but also
substantially no Type IV fracture in HAZ of welded joints at 650 °C.

Keywords: 9Cr steel, welded joint, creep strength, boundary hardening, M23Cs carbide, boron,
Type IV fracture

1. Introduction

In 9 to 12Cr steels, softening zone and fine-grained zone are produced in the heat-affected-
zone (HAZ) of welded joints, which accelerates damage development during creep at elevated
temperature, especially above 600 °C. This is called Type IV fracture and significantly
reduces the creep life of welded joints [1]. The suppression of Type IV fracture is one of the
critical issues to increase the maximum allowable temperature of ferritic steels above 600 °C.

We have revealed that the multi-axial stress condition in HAZ with lower creep strength,
resulting from mechanical constrain effect by the surrounding weld metal and base metal with
higher creep strength, is essential for the formation of creep voids and brittle Type IV fracture
in HAZ of conventional 9 to 12Cr steel welded joints [2]. We have also revealed that the
addition of boron to 9Cr steel produces roughly the same microstructure in HAZ as the base
metal, which effectively suppresses the Type IV fracture [3-6].

In this paper, using simulated-HAZ specimens, we investigate the mechanisms responsible
for the lower creep strength of HAZ in Gr.92 welded joints than its base metal and also the
boron effects on the microstructure evolution in HAZ of 9Cr steel welded joints during
heating of welding. The alloy design for suppression of Type IV fracture in 9Cr steel welds is
also proposed.

2. Experimental procedure
The steels examined were Gr.92 (0.09C-8.73Cr-0.45Mo-1.87W-0.21V-0.06Nb-0.050N-
0.002B) [7] and 9Cr-boron steel (0.08C-9Cr-3W-3Co0-0.2V-0.05Nb in nominal) [4-5]

containing 90 and 130 ppm boron. Nitrogen was not added in the 9Cr-boron steel to avoid the
formation of boron nitrides during normalizing heat treatment. The Gr.92 was normalized at
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1070 °C for 1 h and then tempered at 780 °C for 1 h, while the 9Cr-boron steel was
normalized at 1080 °C for 1 h and then tempered at 800 °C for 1 h. The preparation of
simulated-HAZ specimens are described elsewhere [6]. At a heating rate of 100 K s, the Aci
temperature was found to be 817 and 841 °C for P92 and the 9Cr-boron steel containing 90
ppm boron, respectively, while the Acs temperature was 912 and 920 °C for P92 and the 9Cr-
90 ppm B steel, respectively. The specimens were kept for 0.5 s at various peak temperatures
between 810 and 1125 °C and then cooled to room temperature. Finally, the post weld heat
treatment (PWHT) was carried out for each specimen including the base metal at 740 °C for
4.7 h. The preparation of welded joints is described elsewhere [4].

Creep tests were carried out at 650 °C, using specimens of 6 mm gauge diameter and 30 mm
gauge length for the simulated-HAZ specimens and of 17.5 x Smm cross section and 100 mm
gauge length for the welded joints. Creep tests for the base metals were also carried out at
650 °C, using specimens of 10 mm gauge diameter and 50 mm gauge length.

3. Results and discussion

3.1 Effect of grain size and boundary hardening on creep strength of simulated-HAZ
specimens

Figure 1 shows the time to rupture of the simulated-HAZ specimens of Gr.92, Gr.92N,
Gr.92NN and the 9Cr-90 ppm B steel at 650 °C and 110 MPa, as a function of peak
temperature in the thermal cycle. Gr.92 was subjected to normalizing and tempering heat
treatment, while Gr.92N was subjected to only normalizing but no tempering before the
thermal cycle, Table 1. Gr.92NN was subjected to sub-zero treatment in liquid nitrogen after
normalizing but no tempering before the thermal cycle. In Fig.1, Gr.92 exhibits a significant
decrease in time to rupture after the thermal cycle to a peak temperature near Acs. On the
other hand, the time to rupture of Gr.92N, Gr.92NN and the 9Cr-boron steel is substantially
the same as that of their base metals, independent of peak temperature in the thermal cycle.

Figure 2 shows the grain size and distribution of M23Cs carbides along prior austenite grain
boundaries (PAGBs) in Gr.92, Gr.92N and Gr.92NN after the thermal cycle to a peak
temperature of 950 °C, just above the Acs temperature. Gr.92 is observed to be the fine-
grained microstructure having a prior austenite grain size of smaller than 10 um after theAcs

650 °C, 110 MPa
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Fig.1 Time to rupture of simulated-HAZ specimens at 650 °C and 110 MPa,
as a function of peak temperature in thermal cycle.
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Table 1 Heat treatment conditions before Acs thermal cycle for
Gr.92, Gr.92N and Gr.92NN and microstructure after PWHT

Grain size GB M,3Cq

Heat treatment after PWHT | after PWHT

Gr.92 Normalizing — Tempering — Thermal cycle fine grains poor
Gr.92N Normalizing — Thermal cycle coarse grains enough
Gr.92NN Normalizing — Sub-zero — Thermal cycle fine grains enough

Normalizing : 1070°C x 0.5 h, Tempering : 780 °C x 1 h, Sub-zero : immersed in liquid nitrogen,
Thermal cycle : Peak Temp. 950 °C — PWHT (740°C x4.7 h)

thermal cycle, while Gr.92N exhibits the coarse-grained microstructure even after the Acs
thermal cycle, substantially the same prior austenite grain size as the base metal [4]. The
average prior austenite grain size of the base metals of Gr.92 and Gr.92N is roughly 50 pm.
Gr.92NN exhibits the fine-grained microstructure after the Acs thermal cycle, similar as Gr.92.
Figure 3 shows the transmission electron micrographs inside the grains of the specimens
shown in Fig.2. Very few precipitates are formed along PAGBs in the fine-grained
microstructure of Gr.92 and the lath-block subgrain structure is not clearly seen inside the
grains, suggesting that the boundary and subboundary hardening is significantly reduced in
the Gr.92 after the Acs thermal cycle. Inside the grains, the Gr.92 consists of equiaxed
subgrains with low density of dislocations and sparse distributions of large carbides. The
subboundary hardening, which is inversely proportional to the width of lath and block, has
been shown to be the most important strengthening mechanism in creep of tempered
martensitic steels and is enhanced by fine dispersions of precipitates along lath and block
boundaries. In the Gr.92N and Gr.92NN, not only PAGBs but also lath and block boundaries
are covered by enough M23Cs carbides even after the Acs thermal cycle, similar as the base

(@)  Fine grains Coarse grains Fine grains
' vl o ARy =¥ croann FRETNE

thermal cycle to a peak temperature of 950 °C, just above Acs.
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Fig.3 Transmission electron micrographs of Gr.92, Gr.92N and Gr.92NN
after thermal cycle to a peak temperature of 950 °C, just above Acs.

metal, irrespective of coarse-grains or fine-grains.

It should be noted in Fig.1 that the time to rupture of Gr.92NN is substantially the same as
that of base metal, in spite of fine grains. Therefore, the degradation in creep life in Gr.92
after the Acs thermal cycle shows that it is not caused by the grain refinement but that the
reduction of boundary and subboundary hardening is the most important.

The 9Cr-boron steel basically consists of coarse grains of roughly 200 to 300 um after the
Acs thermal cycle, which is substantially the same as that of base metal, and of fine grains of
10 to 50 um along PAGBs of coarse grains, Fig. 4. PAGBs of the coarse grains are covered

Base metal 950°C heating + PWHT
v o] ! 78 Ty | i

Fig.4 Optical micrograph of 9Cr-90 ppm boron steel base metal and that
after thermal cycle to a peak temperature of 950 °C, just above Acs.

Fig.5 (a) precipitation of Fe7Ws-4 phase at GBs of fine grains and
(b) tempered martensitic microstructure inside grain of 9Cr-90 ppm boron steel
after heat cycle to a peak temperature of 950°C and subsequent PWHT.
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by enough M23Cs carbides even after the Acs thermal cycle, substantially the same as the base
metal. It should be noted that a large number of FesWe-u phase precipitates at grain O
boundaries of the fine grains during PWHT, Fig. 5(a) [6]. Inside the grains, the tempered
martensitic microstructure substantially consists of blocks, Fig. 5(b). Therefore, the boundary
and subboundary hardening is enough in the 9Cr-boron steel even after the Acs thermal cycle,
resulting in no reduction of creep strength in the Acs- HAZ.

3.2 Creep deformation behavior of simulated-HAZ specimens

Figure 6 shows the creep rate versus time curves for the Acs simulated-HAZ specimens of
Gr.92, Gr.92N and Gr.92NN at 90 and 110 MPa at 650 °C, comparing with those for the
Gr.92 base metal. The creep rate curves consist of the primary or transient creep region,
where the creep rate decreases with time, and of the tertiary or acceleration creep region,
where the creep rate increases with time after reaching a minimum creep rate. There is no
steady-state region. The onset of acceleration creep takes place at earlier times in the Acs
simulated-HAZ specimens of Gr.92 than in the other specimens, resulting in higher minimum
creep rates and shorter time to rupture.
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Fig. 6 Creep rate versus time curves of Acs simulated-HAZ specimens of Gr.92, Gr.92N and
Gr.92NN at 650°C, 110 and 90 MPa, comparing with those of Gr.92 base metal.

Figure 7 shows the change in kernel average misorientation (KAM) and boundary length in
an area of 120 x 120 um for the Acs simulated-HAZ specimens of Gr.92, Gr.92N, Gr.92NN
and 9Cr-90ppm boron before and after creep at 650 °C and 110 MPa [7]. The decrease in
KAM reflects the recovery of dislocations during creep, while the decrease in boundary
length reflects the coarsening of laths, blocks and packets inside the grains. The present
results indicate the microstructure recovery during creep is more significant in the Acs
simulated-HAZ specimens of Gr.92 than in those of Gr.92N, Gr.92NN and 9Cr-boron steel.

The equiaxed subgrains with low density of dislocations and sparse distributions of large
carbides in the Gr.92 after the Acs thermal cycle shown in Fig.3 suggest a lower resistance to
creep deformation in the initial stage of creep than the lath martensitic microstructure with
enough M23Cs carbides at lath boundaries in the Gr.92N and Gr.92NN. This results in higher
creep rates in the transient region in the Acs simulated-HAZ specimens of Gr.92, which
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Fig. 7 Change in KAM and boundary length for Gr.92, Gr.92N, Gr.92NN
and 9Cr-90ppm boron by creep at 650 °C and 110 MPa.

promotes the microstructure recovery during creep and hence promotes the onset of
acceleration creep.

The creep rate curves of the Acs simulated-HAZ specimens of 9Cr-boron steel are
substantially the same as those of the base metal.

3.3 Microstructure evolution in HAZ during heating of welding

In Gr.92, the nucleation and growth of y phase by diffusive transformation take place during
heating, producing the fine-grained microstructure when the peak temperature is not so high,
as shown in Fig. 8. Carbonitrides such as M23Cs also become dissolved during heating but
cannot dissolve completely, when the peak temperature is not so high. The dissolved carbon
atoms precipitate again as M23Cs carbides during PWHT at 740 °C. Whether new grain
boundaries are covered by enough M23Cs carbides or not depends on the amount of new grain
boundaries and dissolved carbon atoms. When the peak temperature is not so high, at around
Acs temperature, the amount of dissolved carbon atoms is only a little bit, while a large
number of new grain boundaries is produced, Fig.8. This causes the very few M23Cs carbides
along new grain boundaries in the Gr.92 after the heating to a peak temperature near Acs
followed by PWHT. It should be noted that the temperature range for the formation of fine-
grained microstructure in the Gr.92 is overlapped with that for the very few M23Cs carbides
along new grain boundaries, Fig.8. This suggests that the observations of fine-grained HAZ
provide us an indication of very few M23C¢ carbides along new grain boundaries, suggesting
the reduction of boundary and sub-boundary hardening.

The reconstitution of original austenite grain structure in Gr.92N is due to an austenite
memory effect. Shirane et al. observed 3 vol% retained austenite in Gr.92 after normalizing
[8]. The austenite memory effect has been shown to be a consequence of the growth of thin
films of retained austenite in starting martensitic microstructure during subsequent heating [9-
10]. The growing thin films of retained austenite coalesce on impingement, which leads to
the reconstitution of original austenite grain structure and reproduces the same grain size as
the original austenite. In Gr.92NN, the 3 vol% retained austenite present after normalizing
completely transforms to martensite during sub-zero treatment in liquid nitrogen. This
sugegst that no austenite memory effect is available in Gr.92NN during heating and that the
nucleation and growth of y phase by diffusive transformation takes place during heating,
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Fig. 8 Schematics of change in grain size and amount of M23Cs carbides
in Gr.92 during heating.

resulting in fine-grained microstructure, similar as Gr.92.

In the Gr.92N and Gr.92NN, no M23Cs carbide presents before the thermal cycle and all the
carbon atoms are in solution, because of no tempering, Table 1. Therefore, the precipitation
of enough M23Cs carbides takes place preferentially at PAGBs, lath and block boundaries
during PWHT. The PHWT for Gr.92N and Gr.92NN corresponds to a temepring heat
treatment at low temperature of 740 °C.

The direct observation of the 9Cr-130 ppm boron steel surface using a confocal scanning
laser microscope during heating clearly shows a high surface relief, suggesting that
martensitic transformation takes place in the 9Cr-boron steel during heating [4-5]. The
martensitic transformation introduces a high density of dislocations during heating, but
recrystallization cannot take place, because boron retards recrystallization. This suggests no
production of new grain boundaries. Therefore, the resultant microstructure of 9Cr-boron
steel after PWHT exhibits enough M23Cs carbides along PAGBs and block boundaries, which
is substantially the same as that of the original microstructure.

The formation of fine grains along PAGBs of coarse grains shown in Fig.4 suggests that at
first the nucleation of y phase by diffusive transformation takes place preferentially at GBs
during heating but martensitic transformation takes place inside the grain. The nucleation of y
phase is promoted at GBs, because strained regions at GBs enable nuclei to be formed with a
much smaller free energy. On the other hand, the grain boundary segregation of boron
reduces the interfacial energy Gu. for a/o boundary and makes the o/ boundaries less
effective as heterogeneous nucleation sites for y phase. This retards diffusive o/y
transformation, and hence martensitic reverse transformation by shear can take place during
heating, similar as maraging steel. Using a binding energy of 62.7 kJ/mol [11] between boron
and grain boundary reported for type 316 stainless steel, the grain boundary segregation of
boron is estimated to be several % to 10 % at 950 °C [4-5]. We think that the driving force for
diffusive o/y transformation during heating is a little bit larger at PAGBs than the retardation
effect by boron near GBs but that the formation of fine grains is limited near PAGBs of coarse
grains by the retardation effect due to boron, Fig.9(a). The driving force for diffusive a/y
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transformation is considered to be much smaller inside the grain than near PAGBs, because
strained regions are limited near GBs. The retardation effect by boron is also smaller inside
the grain than near PAGBs, because of no GB segregation of boron inside the grain. The
present results that the martensitic a/y transformation takes place inside the grain during
heating suggest that the retardation effect by boron is larger inside the grain than the driving
force for nucleation of y by diffusive o/y transformation, Fig.9(a). The soluble boron
concentration in the matrix is estimated to be about 20 ppm, as shown in Fig.9(c), by
assuming the initial boron concentration is 100 ppm, the enriched boron concentration in
M23Cs carbides is 0.5% (Fig.9(b)) and the mole fraction of M23Cs carbides is 0.0016 by
thermo-calc. We think that the soluble boron concentration of 20 ppm in the matrix is enough
to retard the diffusive a/y transformation and hence the martensitic o/y transformation takes
place inside the grain during heating.
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Fig. 9 (a) driving force for diffusive transformation and retardation effect by boron,
(b) enrichment of boron in M23Cs near PAGBs and (c) boron distribution in 9Cr-boron steel.

3.4 Alloy design for suppression of Type IV fracture in 9Cr steel welds

In order to suppress the Type IV damage in HAZ of Gr.92 welded joints, the elimination of
tempering heat treatment before welding is proposed. The elimination of tempering causes
the precipitation of enough M23Cs carbides at PAGBs, lath and block boundaries during
PWHT, which resdults in no reduction of boundary hardening and hence no degradation in
creep strength of HAZ, as shown for Gr.92NN. The present scenario can also be applied to
Gr.91 and Gr.122.

With respect to Gr.91 welded joints, recently a new pre-weld heat treatment at lower
temperature was proposed by Yu et al [12] to mitigate the Type IV damage. A welded joint
specimen subjected to tempering at lower pre-weld tempering temperature (LTT) of 650 °C
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exhibits a significantly lower steady-state creep rate and a significantly longer creep life at
650 °C than the specimen subjected to tempering at the higher pre-weld tempering
temperature (HTT) of 760 °C. Poor M23Cs carbides are distributed along new grain
boundaries (GBs) of fine-grained HAZ in the HTT specimen after PWHT, while enough
M23Cs carbides are observed along new GBs of fine-grained HAZ in the LTT specimen.
Their results provide one solution to extending the life of Gr.91 welded joints by control of
carbide distributions at GBs in HAZ.

The soluble boron is essential for the martensitic reverse transformation in 9Cr-boron steel
during heating of welding. Excess addition of boron and nitrogen promotes the formation of
boron nitrides during normalizing heat treatment, which significantly reduces soluble boron
and soluble nitrogen concentrations. We observed a large number of boron nitrides of several
pm in Gr.92, examined in the present work, which contained 20 ppm boron and 0.05 % (500
ppm) nitrogen. This suggests substantially no boron effect in Gr.92.

Based on the suppression of Type IV fracture using boron and the improvement of long-
term creep strength of base metal by using both boron and MX nitride without any formation
of boron nitrides during normalizing heat treatment, a 9Cr-3W-3Co0-0.2V-0.05Nb steel
containing 120-150 ppm boron and 60-90 ppm nitrogen was alloy-designed. The steel is
denoted MARBN, which means martensitic 9Cr steel strengthened by boron and MX nitrides.
Figure 10 shows the creep rupture data for the base metal and welded joints of MARBN at
650 °C, together with those for P92 [14]. MARBN exhibits not only much higher creep
rupture strength of base metal than P92 but also substantially no degradation in creep rupture
strength of welded joints compared with base metal, indicating no Type IV fracture.
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Fig. 10 Creep rupture data for base metal and welded joints of MARBN and P92 at 650 °C.

4. Summary

(1) The simulated-HAZ specimens of Gr.92 exhibit the fine-grained microstructure after the
Acs thermal cycle, where very few precipitates are formed along PAGBs and the lath-
block subgrain structure is not clearly seen inside the grain. The degradation in creep life
in Gr.92 after the Acs thermal cycle is not caused by the grain refinement but that the
reduction of boundary and sub-boundary hardening is the most important.
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(2) The simulated-HAZ specimens of 9Cr-boron steels exhibit substantially the same
microstructure as the base metal even after the Acs thermal cycle and hence substantially
the same time to rupture as the base metal, independent of peak temperature.

(3) For suppression of Type IV fracture in HAZ of 9Cr steel welds, the elimination of
tempering before welding or the retension of soluble boron are proposed to obtain enough
M23Cs carbides at PAGBSs, lath and block boundaries during PWHT.

(4) 9Cr-3W-3Co0-0.2V-0.05Nb steel with 120-150 ppm boron and 60-90 ppm nitrogen
(MARBN) exhibits not only much higher creep rupture strength of base metal than P92
but also substantially no degradation in creep strength due to Type IV fracture in HAZ of
welded joints at 650 °C.
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Abstract

Research project aiming to commercialize 700°C class pulverized coal advanced ultra-supercritical (A-USC)
pressure power generation has been conducted in Japan. In the A-USC boiler, Ni or Ni-Fe base alloys are used
for high temperature parts at 650-700°C, and advanced high Cr ferritic steels are planning to be used at lower
temperature parts than 650°C. In the dissimilar welds between Ni base alloy and high Cr steels, Type-IV failure
and creep-fatigue are the major concerns. Because the high B-9Cr steel developed in National Institute for
Materials Science (NIMS) has improved creep strength in weldments, it is one of the candidate materials for A-
USC boilers. In the present paper, creep tests were conducted on the dissimilar welded joints between Ni base
alloys and high B-9Cr steels. Microstructures and creep damages in the dissimilar welded joints were
investigated. In the heat affected zone (HAZ) of the high B-9Cr steels, fine-grained microstructures were not
formed and the grain size of the base metal was retained. Consequently, the creep rupture life of the dissimilar
welded joints using high B-9Cr steel was 5-10 times longer than that of the conventional 9Cr steel welded joints
at 650°C.

Keywords: A-USC boiler, High B-9Cr steel, Dissimilar welded joint, Creep
1. Introduction

Research project aiming to commercialize 700°C class pulverized coal advanced ultra-
supercritical (A-USC) pressure power generation has been conducted from 2008 in Japan. By
raising the current USC steam conditions of 600 °C and 25MPa to A-USC conditions of 700
°C and 35MPa, the net thermal efficiency is improved from 42% to 46-48% and CO;
emissions can be reduced by more than 10%. In the A-USC boiler, Ni or Ni-Fe base alloys
such as Alloy 617, Alloy 263, Alloy 740, Alloy 141 and HR6W would be used for the high
temperature parts at 650-700 °C. At temperatures lower than 650 °C, advanced high Cr ferritic
steels would be used in order to reduce the costs of materials. High boron 9Cr (high B-9Cr)
steel, low carbon 9Cr (LC-9Cr) steel and SAVE12AD steel are candidate high-Cr steels [1].
In the A-USC research project, creep rupture, fatigue, oxidation, corrosion, welding and
bending tests are being conducted on the above alloys and steels. In the dissimilar welds
between Ni base alloy and high Cr steel, Type-IV failure and thermal-fatigue (creep-fatigue)
are concerns. Since the 9Cr-3W-3Co-VNb steel containing about 0.01% boron and low
nitrogen (high B-9Cr steel) developed in National Institute for Materials Science (NIMS) has
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improved creep strength not only in the base metal but also in the welded joint [2, 3], it is one
of the candidate materials for the Japanese A-USC boiler [1].

In the present paper, creep tests of the dissimilar welded joints between high B-9Cr steels and
Ni base alloys for A-USC boilers were conducted at 650 ‘C. Microstructures and creep
damages in the dissimilar welded joints were investigated. Creep damage was evaluated using
damage mechanics for comparison with the experimental results.

2. Experimental procedure
2.1. Materials

Two kinds of the high B-9Cr steels; MARBN10 steel (9Cr-3W-3Co-VNb-0.01B-0.003N) and
MARBNI12 steel (9Cr-2.6W-3Co-VNb-0.01B-0.007N) were prepared. The chemical
compositions are shown in Table 1. Figure 1 shows the solubility product for boron nitride
(BN) at normalizing temperatures 1000-1050 °C [4]. In the present steels, 0.01% boron was
added to maximize the grain boundary strengthening effect of boron. Nitrogen content was
lower than 0.01 % to avoid the formation of boron nitride (BN). The MARBNI2 steel
contains more nitrogen than the MARBNI1O0 steel. Plate thickness was 25 mm. These steel
plates were normalized at 1100 °C for 1 h and tempered at 800 °C for 1 h.

Table 1: Chemical compositions of the present high B-9Cr steels (wt. %).

C Si Mn P S Cr \ Mo Co Ni v Nb N (6] B Sol.Al
MARBNI10| 0.078  0.29 0.54  0.003 0.001 9.11 313 <001 3.03 <0.01 021 0.052 0.0030 0.003 0.010 0.001

MARBNI2| 0.081 030 053 0.001 0.001 9.09 262 <001 3.02 <00l 021 0.052 0.0072 0.003 0.011 0.001

Nitrogen ( ppm)
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Figure 1: Solubility product for boron nitride (BN) at normalizing temperatures
1050-1100 °C [4]
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2.2. Welding

Four kinds of dissimilar welded joints between high B-9Cr steels (MARBNI10 steel and
MARBNI12 steel) and Ni base alloys for A-USC boilers (Alloy 617 and Alloy 263) were
prepared by gas tungsten arc (GTA) welding using Inconel 82 filler wire, as shown in Figure
2. These welded joints had a U-groove with a 20 ° groove angle. All dissimilar welded joints
were given post weld heat treatment (PWHT) at 740 °C for 4 h. Weld defects were not
detected in the radiographic examination and magnetic particle testing.

2.3. Creep tests

Creep tests of the base metals were conducted using round bar-type specimens 6 mm in
diameter and 30 mm in gauge length. Creep tests of the dissimilar welded joints were
conducted at 650 °C using the smooth plate type specimens 17.5 x 5 mm in section and 100
mm in gauge length as shown in Figure 3.

MARBN10steel | 182 Alloy 617
MARBN12steel ~ "cON€ Alloy 263
/ g S

Figure 2: Dissimilar welded joints used in the present study.

M18 x P2.5-2

——>|
LA
~

175

b

30 100 30 18¢

Figure 3: Creep test specimen for the dissimilar welded joint.

3. Results and discussion
3.1. Microstructures of HAZ of high B-9Cr steel
Figure 4 shows the crystallographic orientation distribution maps for the normal direction of

the specimen and the grain boundary maps of the base metal and HAZ of the high B-9Cr steel
in the dissimilar welded joint (MARBNI10 steel-Alloy 263 weld) obtained by the electron
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back-scattered diffraction (EBSD) analysis. EBSD analysis was conducted using a hexagonal
grid at steps of 2 pm. In the grain boundary maps, grain boundaries with misorientation from
15 ° to 48 ° were drawn and their length was measured. Kernel average misorientation (KAM)
at points with misorientation from 0 ° to 5 ° was calculated in order to investigate the changes
of dislocation structures.

The base metal of the present steel shows tempered martensitic structures having a grain
boundary length per unit area of 28.7 mm' and KAM of 1.83 (Figure 4(a)). In the
conventional high Cr steels, HAZ at 1.5 mm from the fusion boundary correspond to fine-
grained HAZ with average grain size of about 5 um. In the present high B-9Cr steel, however,
the fine-grained microstructures were not formed at a distance of 1.5 mm from the fusion
boundary. In this region, the grain size of the base metal was retained and small grains were
formed only on the prior-austenite grain boundaries (Figure 4(b)). The grain boundary length
per unit area was 82.9 mm™' and KAM was 1.94 for Figure 4(b). At a distance of 0.5 mm from
the fusion boundary, recrystallization occurred and the grain size was more than several tens
of micrometers (Figure 4(c)). The grain boundary length per unit area was 68.4 mm™ and
KAM was 2.22 for Figure 4(c).

2, 100um s it

Orientation distribution map  Orientati

T T Lt VTR

PN

Grain boundary map Grain boundary map

(a) Base metal (b) HAZ at 1.5mm from (c) HAZ at 0.5mm from
fusion boundary fusion boundary

Figure 4 : Crystallographic orientation distribution maps for the normal direction and
grain boundary maps (15-48°) of the base metal and HAZ of the high B-9Cr steel
in the dissimilar welded joint (MARBN10 steel-Alloy 263 weld).
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In the conventional high Cr steel welds, Type-IV creep damages form in the fine-grained
HAZ with average grain size of about 5 um; consequently, the creep strength of welds
decreases more than that of base metals [5, 6]. These results in Figure 4 confirm that the HAZ
microstructures of high B-9Cr steel are considerably different from those of the conventional
high Cr ferritic steels, and soluble free boron is essential in suppressing grain refinement
during weld thermal cycle. We consider that the free boron decreases the grain boundary
energies, and suppresses the nucleation of y phase from the grain boundaries by diffusional
transformation, causing the martensitic reverse transformation. Similar phenomena of the
martensitic reverse transformation where the original grain size and crystal orientation were
retained after heating up to Acs transformation temperature have also been reported in the
maraging steels [7] and 12Cr turbine rotor steels containing boron [8].

3.2. Creep test results of the similar welded joints

We have also conducted the creep tests of simulated HAZ and similar welded joints of high
B-9Cr steels. The simulated HAZ specimens were produced using a weld simulator (Gleeble
test machine) by heat treatment: rapid heating to a peak temperature of 950 °C followed by
gas cooling. A similar welded joint of the high B-9Cr steel was also prepared using 9Cr filler
wire. Figure 5 shows the creep rupture times of the base metal, simulated HAZ and similar
welded joint of the present high B-9Cr steel (MARBNI12 steel) at 650 °C. All of the base
metal, simulated HAZ and similar welded joint of the high B-9Cr steel showed higher creep
strength than those of the conventional 9Cr steel (Gr.92 steel). The similar welded joints of
the high B-9 Cr steel fractured in the 9Cr weld metal, not in the HAZ (Type-IV). These
results mean that the creep strength of the HAZ of the high B-9Cr steel was considerably
improved; it is higher than that of the conventional 9Cr weld metal.

200 T T T
MARBN12 650C
= 100 - B
o L 4
s i il
(9]
(%2} L N .
2 \
5 - \'\“.\ i
50 - “‘\‘\ i
BM : Base metal
' HAZ: Simulated HAZ N
Weld: Welded joint Weld
30 1 1ol 1 1ol 1 10l 1L 11
10 100 1000 10000 100000

Time to rupture (h)

Figure 5: Creep rupture times of the base metal, simulated HAZ and similar welded joint
using the 9Cr wire for the present high B-9Cr steel (MARBNI2 steel) at 650 °C.
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3.3. Creep strength of the dissimilar welded joints for A-USC

Figure 6 shows the relations between stress and creep rupture times of the base metals of high
B-9Cr steels and four kinds of the present dissimilar welded joints at 650 °C. Open symbols
show the rupture times of the base metals and solid symbols show those of the dissimilar
welded joints. The creep strength of the base metal of the high B-9Cr steels was higher than
that of the conventional 9Cr steel (Gr.92 steel) due to the grain boundary strengthening effect
of boron. The creep strength of base metal of the MARBNI12 steel with 0.007 % N was higher
than that of the MARBN10 steel with 0.003 % N.

Creep rupture tests of the dissimilar welded joints were conducted at 650 °C for 160, 140, 120
and 100 MPa. The dissimilar welded joints using the high B-9Cr steels showed creep rupture
times 5-10 times longer than that of the Gr.92 steel welded joint at 100 MPa. The differences
of the creep strength between dissimilar welded joints and base metals are small up to 20000h
at 650 °C, and we are now investigating the creep strength at lower stress conditions of 90 and
80 MPa.

The dissimilar welded joints fractured in the base metal of high B-9Cr steel under the higher
stress conditions, and in the fusion boundary between high B-9Cr steel and Ni base weld
metal (Inconel 82) under the lower stress conditions. None of the present dissimilar welded
joints using high B-9Cr steels showed Type-1V failure in the HAZ, and their creep rupture
lives were much longer than those of the conventional 9Cr steel welded joints that showed
Type-IV failure at the present creep test conditions. This means that the microstructures and
creep strength of the HAZ were considerably improved in the high B-9Cr steel, which

200 T T T
MARBN10 MARBN12 650°C
e A
TR, .
= 100 | B
= i 1 Target
2 L | arge
2 <= BM:80MPa
£ . 9Cr steel
2 O MARBN10 base metal . base metal _<Z Target
A MARBN10-Alloy 617 weld WSRF:0.7
50 - m MARBN10-Alloy 263 weld 1
O MARBN12 base metal i
- A MARBN12-Alloy 617 weld )
m MARBN12-Alloy 263 weld g
30 111l " I Loav ol 1 L1 o1l 1 111
10 100 1000 10000 100000

Time to rupture (h)

Figure 6: Creep rupture times of the base metals of the high B-9Cr steels and the dissimilar
welded joints between high B-9Cr steels and Ni base alloys for A-USC boiler at 650 °C.
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contains 0.01 % boron and low nitrogen (<0.01 %), due to the effect of soluble boron. The
grain boundary strengthening of boron is effective not only in the base metal but also in the
HAZ of welded joints.

We have investigated the microstructures and creep damages in the creep ruptured dissimilar
welded joints. Figure 7 shows the specimen (MARBNI12 steel-Alloy 617 weld) that ruptured
at 650 °C and 140 MPa for 5619h, and its microstructures and creep damages in the HAZ. It
was observed that a creep crack formed and propagated along the fusion boundary at the
bottom surface of the U-groove, and then plastic collapse occurred in the high B-9Cr steel. In
the HAZ at about 1.5 mm from the fusion boundary, a small number of creep voids were
observed, as shown in Figure 7. This area corresponds to Figure 4(b) where the grain size of
the base metal was retained and small grains formed only on the prior-austenite grain
boundaries. Creep voids in the HAZ of high B-9Cr steel were observed on the prior-austenite
grain boundaries with large grain size. It is considered that the void coalescence and crack
formation, which causes Type-IV failure, are suppressed and, consequently, the life of welded
joints is improved in these HAZ microstructures of high B-9Cr steel compared with the fine-
grained HAZ microstructures of conventional high Cr steels.

Weld metal
MARBNI12 steel  (Inconel 82)

Figure 7: Dissimilar welded specimen (MARBN 12 steel-Alloy 617 weld) ruptured at 650 “C
and 140 MPa for 5619h, and its microstructures and creep damages in the HAZ.
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3.4. Damage analysis of the dissimilar welded joint

We have also conducted the creep damage analysis for the present dissimilar welded joint.
The following equations were used [9, 10].

e=¢g,+¢,t¢e te, 8
& =pAT @
n S
EZEA O Y m (3)
g 2 |l-o] o,
do _ M[ozo-1 +(1—a)0'€q]’ o )

dr (1+¢)(1-w)

where f is the coefficient of thermal expansion, ¢, is the maximum principal stress, o, is the
equivalent stress, w is the damage variable, and 4, n, m, M, ¢ and y are the material constants
for creep. a is the parameter that describes material behaviour in a multiaxial stress state.
These material constants were decided to fit the experimental uniaxial creep curves of the
base metal and the simulated HAZ of high B-9Cr steel and Alloy 617 at 650°C. Since the
creep data of weld metal, Inconel 82, was not obtained, it was substituted by that of Alloy 617.

Weld metal
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Figure 8: Variations in equivalent strain, stress triaxial factor and creep damage along
the path in the HAZ of the dissimilar welded joint (MARBN12 steel-Alloy617 weld)
after 10000h creep at 650°C and 100MPa.
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Figure 9: Comparison of the computed rupture times and experimental rupture times
of the present dissimilar welded joint.

We have investigated the creep damage distribution using the three-dimensional finite-
element (FE) model of the dissimilar welded joint. Figure 8 shows the variations in equivalent
strain, stress triaxial factor (7F) and creep damage () in the HAZ of the high B-9Cr steel
along the plate thickness direction of the dissimilar welded joint (MARBNI12 steel-Alloy617
weld) after 10000h creep at 650°C and 100MPa. Creep damage was higher near the fusion
boundary at the bottom surface of the U-groove due to the mechanical constraint effect of Ni
base weld metal. Computed failure times, when creep damage of one element reaches 1.0,
also correspond well to the experimental rupture times as shown in Figure 9. These computed
results confirm that the experimental results of failure location and creep rupture times of the
dissimilar welded joints were reasonable.

4. Conclusions

In the present paper, creep tests of the dissimilar welded joints between high B-9Cr steels and
Ni base alloys, which will be used in the 700 °C class pulverized coal power system (A-USC),
were conducted. The results can be summarized as follows:

1) For the high B-9Cr steels, fine-grained microstructures observed in the conventional high
Cr steels were not formed in the HAZ. Free soluble boron on the grain boundaries is
considered to decrease the grain boundary energy and change the mechanisms of the a-y
transformation during the weld thermal cycle.

2) The creep rupture lives of the present dissimilar welded joints between high B-9Cr steels
and Ni base alloys were 5-10 times longer than those of the conventional 9Cr steel welded
joints at 650 °C.
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The failure location of dissimilar welded joints was the base metal or fusion boundary. A
small number of creep voids were observed in the HAZ with large grain size; however,
Type-IV failure did not occur after about 20000 h at 650°C. The grain boundary
strengthening effect of boron is useful not only in the base metal but also in the HAZ for
high B-9Cr steel.

The computed results using the damage mechanics equations confirm that the
experimental results of failure location and creep rupture times of the present dissimilar
welded joints were reasonable.
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STEEL WELDS
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Abstract

High Cr ferritic steels have been used in the 600°C class ultra-super critical (USC) thermal power plants. More
than a decade has passed from the application of high Cr steels to USC power plants in Japan, and the Type-IV
creep damages in heat-affected zone (HAZ) of welded components are concerns. In the present study,
microstructural changes and damage evolution behaviours in HAZ during creep were investigated for the ASME
Gr.91 and Gr.122 steel weld joints. Creep voids formed at an early stage of life and coalesced to form a macro
crack at 0.8 of life for the Gr.91 steel weld. On the other hand, for the high strengthened Gr.122 steel weld, a
small amount of Type-IV creep voids formed at 0.5 of life, increased slightly until 0.9 of life and rapid crack
growth occurred after that. Kernel average misorientation (KAM) and grain boundary length of fine-grained
HAZ obtained by EBSD decreased and saturated till 0.2 of life in the Gr.91 steel weld, whereas they decreased
after 0.5 of life in the Gr.122 steel weld. It was found that the recovery of dislocation structures in HAZ was
completed at early stage of life for the Gr.91 steel weld, whereas it occurred after recrystallization at the later
stage of life for the Gr.122 steel weld. These differences of microstructural changes was considered to relate to
the differences of Type-IV creep damage behaviour; early initiation of creep voids at 0.2 of life in the Gr.91 steel
weld and later damage evolution after 0.5 of life in the Gr.122 steel weld. From these results, remaining life
assessment methods for high Cr steel welds were discussed.

Keywords: High Cr ferritic steel, Weld, Creep, Type-IV damage, Microstructural change
1. Introduction

In order to improve the efficiency of thermal power plant, the pressure and temperature
conditions of steam have been continuously increased. In 1990s, the high Cr ferritic heat
resisting steels were applied to the boiler components in 600 °C class ultra super critical
(USC) thermal power plants in Japan. The base metals of these steels with tempered
martensite structures have excellent high temperature strength; however, fine-grained
structures without lath-martensite are formed in the heat-affected zone (HAZ) during weld
thermal-cycle and the creep strength of welds decreases than the base metals. The Type-IV
failure along the inter-critical and fine-grained HAZ of weld joints is caused through the
nucleation and growth of creep voids and cracks during long-term services at elevated
temperatures [1-8]. Recently, it was recommended to take the weld strength reduction factor
(WSRF) into account for the high temperature design using high Cr steels [9, 10]. It is
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important to understand the microstructural changes and damage evolutions in HAZ during
creep for the remaining life assessment of weld components.

In the present paper, aiming to contribute to the remaining life assessment methods for high
Cr steel welds, we have investigated the Type-IV creep damage evolutions and
microstructural degradations through interrupting creep tests using the large-scale welded
joint specimens. Remaining life assessment methods of high Cr steel welds were discussed
based on the experimental results.

2. Experimental procedure
2.1. Materials and welding

The materials investigated are the Gr.91 steel (9Cr-1Mo-VNb steel) plate with a thickness of
25mm and the Gr.122 steel (11Cr-0.4Mo-2W-CuVND steel) plate with a thickness of 30mm.
Their chemical compositions are shown in Table 1. These plates were welded by gas tungsten
arc (GTA) welding using a double U groove. The filler wires with matching compositions
were used for GTA welding. Cross sectional view of the welded joints for the Gr. 91 and Gr.
122 steels are shown in Figure 1. After welding, a post-weld heat treatment (PWHT) was
conducted at 745 °C for 60 min for the Gr.91 steel weld and for 75 min for the Gr.122 steel
weld. The simulated fine-grained HAZ (f-HAZ) specimens were produced using a weld
simulator (a Gleeble testing machine) by rapid heating to a peak temperature of 900 °C for the
Gr.91 steel and 950 °C for the Gr.122 steel, respectively.

2.2. Creep tests

Creep tests of the base metal and simulated f-HAZ were conducted using smooth bar
specimens and those of the welded joints were conducted using smooth plate type specimens

Table 1: Chemical compositions of material used (mass%,).

C Si Mn P S Cu Ni Cr w Mo 4 Nb Al N B
Gr. 91 | 0.10 | 0.25 | 0.43 [ 0.006 | 0.002 | 0.012 | 0.06 | 8.87 - 0.93 |1 0.19 | 0.07 | 0.014 | 0.060 -
Gr. 122 0.11 | 0.28 | 0.62 | 0.015 | 0.002 | 0.98 | 0.39 | 10.54 | 1.82 | 0.32 | 0.19 | 0.05 | 0.001 | 0.063 | 0.003

25mm

Gr. 91 welded joint Gr. 122 welded joint
Figure 1: Cross sectional view of the welded joints for the Gr. 91 and Gr. 122 steels.
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of 17.5 x 5 mm?” in cross-section and 100 mm in gauge length (S-welded joint) at 550, 600
and 650 °C [7]. Creep interruption tests were conducted using a large-scale thick plate type
specimen (L-welded joint) of 21 x 21 mm” in cross-section and 100 mm in gauge length for
the Gr.91 steel weld, and of 24.5 x 24.5 mm? in cross-section and 120 mm in gauge length for
the Gr.122 steel weld, which included the full original plate thickness close to the structural
components [7, 8]. Creep test specimens for the simulated HAZ and L-welded joint of the
Gr.122 steel are shown in Figure 2.

Creep tests were conducted using several L-welded joint specimens at 600 °C and interrupted
at several time steps. Because creep voids formed inside the specimen, we cut the specimens
in the centre of the specimen width after interruption of creep tests, and observed the Type-IV
creep voids in HAZ using SEM or laser-microscope. The number and size of creep voids were
measured using the image processing software. Changes of microstructures in fine-grained
HAZ were investigated by measuring Kernel average misorientation (KAM) and grain
boundary length using EBSD (Electron backscatter diffraction). KAM was measured as a
parameter to evaluate dislocation density [11].

-

amcan D)

(gauge length)

(a)

‘ [ 120 (gauge length) ]\’

165
300

(mm)
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Figure 2: Creep test specimens for the (a) simulated HAZ and (b) welded joint
of the Gr.122 steel.

3. Results and discussion

3.1. Creep strength of welded joints

Figure 3 and 4 shows the relations between stress and creep rupture times for the base metal,
simulated f-HAZ and welded joints of the Gr.91 and Gr.122 steels, respectively. Figure 5

compares the creep rupture ductility (reduction of area) for the base metal and simulated f-
HAZ of the Gr.91 and Gr.122 steels. The failure locations of the welded joint specimens are
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indicated with the subscripts attached to the plots, where BM means failure in base metal,
HAZ means Type-IV failure in the fine-grained HAZ and WM means failure in weld metal.

In the Gr.91 steel weld, the Type-IV failure occurred after 10,000h at 550 °C and 1,000h at
600 °C. The differences in creep rupture times between welded joint and base metal tended to
widen with decreasing stress at all temperatures. The creep rupture times of the simulated f-
HAZ were more than one order shorter than those of the base metal for the same stresses.

300 T T T
BM BM
550°C HAZ
200
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Figure 3: Creep rupture times of the base metal, simulated f~-HAZ and welded joints
of the Gr.91 steel.
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Figure 4: Creep rupture times of the base metal, simulated f-HAZ and welded joints
of the Gr.122 steel.
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For the Gr.122 steel welds, Type-IV failure did not occur at 550 °C within this test conditions
(<20,000h). It occurred after 5,000 h at 600 °C. The creep rupture times of the simulated f-
HAZ were nearly the same as the base metal at 550 °C within this test range; they decreased
than the base metal after 5,000 h at 600 °C. The differences in creep rupture times between
base metal and simulated f-HAZ were large at all test conditions for the Gr.91 steel, whereas
they appeared at lower stress conditions than 140 MPa at 600 °C for the Gr.122 steel. At these
test conditions, the simulated f-HAZ of the Gr.122 steel revealed void-type intergranular
failure and its creep ductility decreased from 75% to 35% as shown in Figure 5.
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Figure 5: Creep rupture ductility of the base metal and simulated f-HAZ
of the Gr.91 and Gr.122 steel.

3.2. Evolution of Type-1V creep damage

Creep rupture times of the L-welded joints were 8,853 h at 600 °C and 90 MPa for the Gr.91
steel, and 16,340 h at 600 °C and 100 MPa for the Gr.122 steel; they also showed the Type-IV
failure and their rupture times were slightly longer than the S-welded joints as shown in
Figures. 3 and 4. We have conducted the creep interruption tests using the L-welded joints for
both steels at these test conditions and investigated the processes of Type-IV damage and
fracture. Figure 6 shows the binary images of creep voids and cracks observed in HAZ of the
central cross-section of the L-welded joints of the Gr.91 steel creep-interrupted at 600 °C and
90 MPa. It was found that a small number of creep voids formed at about 0.2 of creep rupture
life, and the number of voids increased with time, and then coalesced to form a crack at 0.8 of
life. Creep voids and cracks were mostly observed in the area about 20% below the plate
surfaces.

The area fraction of creep voids in the HAZ of the Gr.91 and Gr.122 steel welds are plotted

against the life ratio (#/¢,) in Figure 7. In this figure, the area fraction of creep voids in the area
about 20% below the plate surfaces, where the creep voids mostly formed, are plotted. It was
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Figure 6: Binary images of creep voids and cracks observed in the HAZ of a central
cross-section of the L-welded joints for the Gr.91 steel crept at 600 °C and 90 MPa.
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Figure 7: Changes of the area fraction of creep voids in HAZ during creep
of the Gr.91 and Gr.122 steel welds at 600 °C.

found that the Type-IV damage behaviour and amounts of creep voids were considerably
different for both steel welds. In the Gr.91 steel weld, Type-IV creep voids formed at the
early stage 0.2 of creep life and increased gradually with elapse of time. On the other hand, in
the Gr.122 steel weld, only a small amount of creep voids formed at 0.5 of creep life and
slightly increased till 0.92 of life. Type-IV cracks did not form still at 0.92 of life; it was
observed in the specimen interrupted at 0.98 of life as shown in the photo of Figure 7.

The formation and growth of creep voids were suppressed during steady-state condition;
however, the crack growth rate in the accelerated stage was high for the high strengthened
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Gr.122 steel. The lower creep ductility of the Gr.122 steel shown in Figure 5 is related to
these damage behaviours.

3.3. Microstructural changes in HAZ

Changes of microstructures in HAZ of the creep-interrupted L-welded joints were observed
using SEM, TEM and EBSD. Hardness measurement and microstructural observation were
conducted on the cross-section about 30% below the plate surface. KAM and grain boundary
length were calculated from the EBSD data. Figure 8 shows the changes in the grain boundary
length in the fine-grained HAZ during creep for both steel welds. Here, length of grain
boundaries with misorientation from 5° to 65° is plotted as prior austenitic boundaries. For the
f-HAZ in the Gr.91 steel weld, the grain boundary length decreased till 0.2 of life and
saturated after that. On the other hand, for the ffHAZ in the Gr.122 steel weld, the grain
boundary length increased till 0.5 of life, and then decreased after that. The decrease of grain
boundary length occurs due to the recovery of microstructures during creep.

Figure 9 shows the changes in the micro-hardness and KAM during creep in the fine-grained
HAZ of both steel welds. Here, average value of KAM is plotted excluding the points whose
misorientation is larger than 5° in order to investigate the changes of dislocation structures.
For the fine-grained HAZ in the Gr.91 steel weld, hardness and KAM decreased till 0.2 of life
and saturated to constant value. In the Gr.122 steel weld, however, they did not change till 0.5
of life and then decreased after that. The decrease of KAM and hardness occurs due to the
recovery of dislocation structures. Because the grain boundary length increased without
changing KAM and hardness till 0.5 of life, dynamic recrystallization was considered to be
occurred in the fine-grained HAZ of the Gr.122 steel. Figure 10 compares the grain boundary
structure before creep with that after creep for 0.46 of rupture time. It was observed that the
gain refinement occurred after creep due to dynamic recrystallization.

These differences of microstructural changes are considered to relate to the differences of
creep damage behaviour for these two steels. In the Gr.91 steel weld, the recovery of
dislocation structures of fine-grained HAZ occurs at early stage of life, and then early
initiation and evolution of Type-IV creep voids occur as shown in Figure 7. In the Gr.122
steel weld, the recovery of dislocation structures occurs after recrystallization of the fine-
grained HAZ, and then damage evolution occurs at the later stage of life.

From these experimental results, we consider about the methods for the residual life
assessment of welded components of high Cr steels as follows. For the Gr.91 steel weld,
ultrasonic nondestructive testing is available for residual life assessment because creep voids
and cracks increase gradually inside the plate thickness. Creep damage can be detected at 0.7
of life for the present Gr.91 steel weld using phased array ultrasonic testing [12]. Hardness
measurement and microstructural observation are not available because their changes saturate
in the early stage of life. Local necking on the specimen surface in HAZ is also available
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because the creep ductility is high for the Gr.91 steel. For the Gr.122 steel weld, ultrasonic
testing may be difficult to detect Type-IV creep damages because the amount of voids are
small and crack grows rapidly after 0.9 of life. Evaluation of hardness and dislocation
structures (KAM) is considered to be available because they change in the latter half of life.
Local necking on the specimen surface was scarcely observed for the Gr.122 steel weld with
low creep ductility. Since changes in hardness and dislocation density during creep might be
smaller at the plate surfaces than that inside the plate thickness with creep damages, further
attention would be necessary.
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Figure 8: Changes in the grain boundary length in the fine-grained HAZ during creep
for the Gr.91 and Gr.122 steel welds measured by EBSD.
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Figure 9: Changes in the micro hardness and KAM in the fine-grained HAZ during creep
for the Gr.91 and Gr.122 steel welds measured by EBSD.
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Figure 10: Grain boundary structures (a) before creep and (b) after creep for 0.46 of rupture

time for the HAZ of Gr.122 steel welds.
Dynamic recrystallization was observed in Figure 10(b).

4. Conclusions

In the present paper, creep strength, Type-IV damage evolution and microstructural change
during creep in the Gr.91 and Gr.122 steel welds were investigated quantitatively using the
large-scale welded joint specimens. The results are summarized as follows:

1y

2)

3)

4

5)

In the Gr.91 steel weld, the Type-IV failure occurred after 10,000h at 550 °C and 1,000h
at 600 °C. In the Gr.122 steel weld, Type-IV failure did not occur at 550 °C within this test
range (<20,000h); it occurred after 5,000 h at 600 °C.

Type-IV creep voids in the Gr.91 steel weld formed at the early stage 0.2 of creep life,
increased with elapse of time, and then coalesced to form a macro crack after 0.8 of life.

In the Gr.122 steel weld, a small number of Type-IV creep voids formed at 0.5 of life,
increased slightly till 0.9 of life, and then rapid crack growth occurred after that. The area
fraction of creep voids in the Gr.122 steel weld was much smaller than that in the Gr.91
steel weld.

In the Gr.91 steel weld, the recovery of dislocation structures of fine-grained HAZ
occurred at early stage 0.2 of life, and was followed by early initiation and evolution of
Type-IV creep voids. In the Gr.122 steel weld, the recovery of dislocation structures
occurred after recrystallization of fine-grained HAZ, and then damage evolution occurred
at the later stage of life.

From the above experimental results, for the Gr.91 steel weld; it is considered that
ultrasonic nondestructive testing etc. is available for the residual life assessment because
creep voids and cracks increase gradually inside the plate thickness. Hardness
measurement and microstructural observation of fine-grained HAZ are not available
because their changes saturate in the early stage of life.
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6) For the Gr.122 steel weld, ultrasonic testing is considered to be difficult to detect Type-IV
creep damages because the amount of voids are small and crack grows rapidly after 0.9 of
life. Evaluation of hardness and dislocation structures (KAM) is considered to be available
for the residual life assessment because they change after 0.5 of life.
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Abstract
Bolts in gas turbine units are often subjected to severe work conditions at high service temperatures, for which
the relaxation of the initial stress, generated by the tightening couples, can become significant. Besides, since in
such conditions re-tightening operations become necessary, the stress trend must be accurately calculated and
predicted in order to avoid inappropriate value before every maintenance interval of the turbine.
A constitutive equation based on the Continuum Damage Mechanics (CDM) formalism, describing the creep and
stress relaxation behaviour of a martensitic steel, has been developed and evaluated. Creep tests were performed
at 520°C with applied stresses producing a strain € = 1 % in a time range of 1000-10000 h. The stress relaxation
tests were performed at 520°C, with initial stress at 300 MPa corresponding to a strain in the range of 0.2 %. The
specimens were reloaded several times in order to simulate the aforesaid service conditions of bolts. In this work
it is proposed a set of equations, with parameters obtained by creep tests interpolation, able to accurately
reproduce and well predict the experimental relaxation behaviour of the steel under investigation. The model,
fitted on creep tests, includes a term accounting for the internal stress, entailing the capability to foresee the
changes in stress relaxation during successive reloading of the same specimens (or, alternatively, during
successive re-tightening of the same bolt).
The advantage of such approach (i.e. calculating relaxation data from creep tests) consists mainly in the
possibility to perform evaluations and assessments even without stress relaxation data, which are more expensive
to collect experimentally and rarer to find in literature.

Keywords: creep, stress relaxation, constitutive equation, gas turbine components,
martensitic steel

1. Introduction

Most of the theoretical and practical studies on creep phenomena are often limited to analyze
a few features of the creep curves as functions of the test parameters: usually the minimum
strain rate, the time to achieve a determined strain level (¢ = 1 % for instance), the time to
rupture and the strain at failure. High temperature components are usually designed on the
basis of these parameters: however such design procedures results in being very conservative.
This is because most of such design approaches cannot properly predict the stress
redistribution that occurs on the components during the operational conditions because of
creep deformation mechanisms. In order to avoid over-conservative design, but at the same
time ensuring the proper safety and reliability of the components, it would be more useful to
take into account constitutive equations able to describe the evolution of creep strain as a
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function of time, for a given set of test conditions. Furthermore, these equations are requested
to be able to predict stresses beyond the experimentally investigated ones, and accurately
describe the behavior of the material subjected to complex experimental conditions, like non-
constant stresses and temperatures along time, as it occurs in operating components.

By a practical point of view the parameters of these equations developed for creep tests,
relatively inexpensive and easy to perform, can be suitable to predict also the stress relaxation
behaviour, omitting to carry out an high number of expensive and difficult stress relaxation
tests.

In this work a constitutive equation is proposed, based on the Continuum Damage Mechanics
(CDM) formalism, able to well interpolate the experimental creep curves of a martensitic steel
for bolts in gas turbine units. The proposed equation can predict correctly also the behavior of
the considered steel during stress relaxation. Furthermore, the possibility to describe
satisfactorily also the stress relaxation during subsequent reloading on the same material is
showed, thus simulating the usual bolts re-tightening during maintenance. A careful
calculation of its value is indeed necessary to avoid inappropriate operations for the following
maintenance intervals.

2. Experimental

Creep tests at constant stress have been carried out at 520°C with stress values between 150
and 300 MPa on cylindrical specimens having 5.6 mm gauge diameter and 28.0 mm gauge
length. The elongation has been continuously monitored using two capacitive transducers
connected, outside the furnace, to extensometers clamped to the ridges delimiting the
specimen gauge length. After assembling the specimens on creep instrumentation, they have
been partially loaded at room temperature and at the test temperature to calculate the Young
modulus of the material and to verify the assembly of the test and the absence of applied
bending on the specimen. Before the actual start of the test, the specimens have been
maintained at least an hour at the test temperature. This temperature and its gradient along the
specimen length have been continuously monitored by three R-type thermocouples applied
along the gauge length of the specimen.

In this paper all strains are true strains, defined by ¢ = In(1+4I/l,) with Al=1-1,, where I, and
Al are the initial length and the elongation of the specimen gauge length during creep,
respectively. The creep tests have been generally interrupted when a strain of 1 % has been
achieved. Stress relaxation tests have been carried out on specimens with the same geometry
as that for the creep tests at the temperature of 520°C, using an electromechanical servo-
assisted test machine. The imposed strain &~ 0.19 %, corresponding to an initial stress of 300
MPa, have been achieved in 60 s. After a relaxation time of about 200 hours, the sample has
been reloaded at 300 MPa, re-starting the stress relaxation stress on the same specimen. This
procedure has been repeated several times.

The material considered for the experimental tests is a martensitic steel for bolts in turbines
power plants.
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3. Results
3.1 Experimental data

The experimental creep curves are showed in Figure 1, whilst the Norton plot, i.e. minimum
creep rate vs. applied stress, is reported in Figure 2.

In Figure 3, a stress relaxation test consisting of two subsequent reloading after the first one is
reported: the stress relaxation rate is very fast during the first loading on the as-received
specimen and it is slower during the subsequent ones for the hardened material. Note that all
three stress relaxation tests have been carried out with an initial stress of 300 MPa
corresponding to an initial elastic strain of about 0.19%.

520°C
120 : : : : :
1,00 f-------- doocoooond §ooooeee booeoooos deees S Ea
: Fi : P
: S : Pe :
: s ! : a® ;
~ 080 ommmoe HEY e rTT PR R
e i : : 1 :
£ 060 : i : " i
e R 1 T
1] 1
-9 H
8 0,40 fo-mm gt fomnmeenen
[} e 300 MPa
020 . ; A
1 H H 225 MPa
0,00 # : : : :
0 500 1000 1500 2000 2500 3000
Time (h)
T R —
s
£
E ,,,,,,,,,
=
=%
[
5
-
[
* 200 MPa
e175MPa |
* 150 MPa
0 2000 4000 6000 8000 10000 12000
Time (h)

Figure 1: Creep tests carried out at 520°C for a) o= 300, 250, 200 MPa and b) o= 200,
175, 150 MPa.
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Figure 3: Stress relaxation test with two reloadings after the first loading carried out on the
same specimen.

3.2 Modelling
In stress relaxation tests the imposed strain & is defined as:

& = o(t)E + g + &(t) €))
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with E the Young modulus, o the applied stress, g, the instantaneous plastic strain at the
loading time (if the applied stress is lower than the elastic limit, then g, = 0) and &(t) the
time-dependent strain because of the creep mechanisms. Differentiating Eq.(1) with respect to
time, it gives:

6=—Eé& 2)

At the beginning of the test o = oy and & = 0. Increasing t the activation of the creep
mechanisms produces an increase of strain (£,> 0) and so a decrease of the stress c-according

to Eq.(2). Assuming that the constitutive equation of creep is the Norton's typical equation:

& =Ao! 3)

A and n are constants independent of stress on first approximation, whilst A depends on
temperature. Substituting Eq.(3) in Eq.(2), after integration the following relationship is found

[1]:

1 o\ 4
S EAm-Do [1_(00) J

Eq.(4) represents the time needed for reaching a stress ostarting from an initial stress op. In
engineering applications Eq.(4) is also used to indicate the dependence of relaxed stress on an
average strain rate, defined as the ratio of a fixed strain, ¢ = 1% for instance, to the time
requested to achieve it, that is t(.=1s): the average rate will be 1%/t(.=10). This average creep
rates can be interpolated by Eq.(3), resulting in values of A and n different from those
obtained by fitting the minimum creep rates of secondary creep stage. This leads to new (and
less conservative) predictions of Eq.(4). In Figure 4 the experimental data from the stress
relaxation test carried out on the as-received material are compared with the predictions
calculated by Eq.(4) with the parameters A and n obtained from the minimum creep rates
(Figure 2) and the average strain rates (1%/t(;=1%) and 0.2%/t(, =0.20)).

In Figure 4 it is clear that the use of Eq.(4) leads to a no good prediction for the experimental
stress relaxation rate, whatever strain rate is used in Eq.(3). Note that the average rate for
strain £ = 0.2% well describes the beginning of the test, because it is more similar to the actual
strain rate at low creep strains, namely during the primary stage of the creep curve. It is
noteworthy that in stress relaxation tests, the initial elastic strain partly becomes, with time,
plastic strain because of the creep processes. The accumulating plastic strains are small,
having a value lower than the loaded elastic strain, that is & < ov/E. Therefore, the operating
creep mechanisms regard the primary stage, when the strain rate is significantly higher than
both the minimum rate and the aforesaid average rates. A better modelling can be thus
obtained by taking into account the actual creep curve during the primary regime of creep
curves. Furthermore, the approach of Eq.(4) results insensitive to the reloading conditions on
the same specimen (i.e. the simulation of a second relaxation curve after re-tightening will be
identical to the first relaxation, which is not what happens experimentally, see Fig. 3).
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Figure 4: Comparison between the stress relaxation curve and the modelling by eq.(4) using
the minimum creep rates, and the average strain rates (1%/t(;=1%) and 0.2%/t(.=0.2%)).

In order to describe the primary stage for engineering alloys, the following differential
equation system has been proposed [2]:

& =#(1-9) 5)
$=Hé, —Rs

The first equation describes the creep strain rate £, as a function of the variable s, correlated

to the occurrence of an internal stress in the material. The second one represents the evolution
rate for s with time. Such variable is equal to zero at the test start, increasing up to a constant
saturation value sss when the minimum creep rate is achieved. By interpolating the creep
curves for different stresses and temperatures, the value of three parameters &,, H and R are

determined as functions of the test conditions, namely

& =6(0,T)

H=H(o,T) (6)
R=R(aT)

Including these relationship into Eq.(5), the creep curves can be predicted for any stress and
temperature condition. It is noteworthy that Eq.(5) and (6) can model tests with varying stress

and/or temperature, through updating the parameters in Eq.(6) to the new values of stress and
temperature.
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Interpolating creep curves with Eq.(5) to obtain the aforesaid three parameters can be
complicated. However, such difficulties can be easily overcome by considering the analytical
solution of Eq.(5):

g, = ep[L—exp(—rt)]+ &gt @

&, rand &g are functions of the parameters of Eq.(5):

Hs?
&p = (78')2 dimension of the primary stage of the creep curve
(Hé, +R)
r= (Hg'i + R) characteristic curvature radius of the primary stage of the creep curve (8)
(Re;) o
Egg =7 identifying the steady state of the creep curve
ss (H‘éi + R) fying y p

&, rand &5 can be determined from a single creep curve as reported in Figure 5.

_ R

- * (H +R)

Strain
\

&,
/ 1
T Time
Figure 5: Typical creep curve with a decelerating primary stage followed by a secondary
steady state: & is the strain due to the primary stage, &, the initial strain rate and &y the
minimum creep rate (slope of the red broken line).

Note that Eq.(7) represents the typical primary stage describe by McVetty-Garofalo [3,4],
whilst Eq.(5) and the analytical solution of Eq.(7) are equivalent. The first one is more
suitable for finite elements calculations or to simulate test conditions at variable stress and/or
temperature, e.g. tensile test or stress relaxation. The analytical solution can be useful to
obtain the parameter values ¢p, r and &g that interpolate the experimental creep curves, to

calculate successively the parameters &,, H and R by the following relationships:
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& = Spr+£ss

&l
R=— i (©)
el + &g
2
&l
H= . Y
(8pr+gss)

3.3 Comparison between the experimental data and the proposed modelling

The interpolation of the creep curves by Eq.(7) allows to determine the dependence of
parameters &, r and &, on the test conditions:

&5=&(0,T)

r=r(o,T) (10)

Ess = Ess (U!T )

Since the plastic strain during the relaxation test is very small, only the first part of the creep
curves has been interpolated, up to a strain of 0.4%, i.e. when the primary stage is finished
and the strain rate can be considered constant. In this approach, the creep curves have not
been interpolated with Eq.(7) through the ordinary least squares methods to have the best fit,
but & and £ have been graphically obtained as showed in Figure 5, whilst r has been chosen
in order to have the best interpolation. Figure 2 and Figure 6 show the parameter values
obtained for the single creep curves. Through their interpolation versus o, a power law for
é.and r, and a linear relationship for &, , have been found:

& =4.64-10"c-1.77-10
r = 1.58.10M o *% (11)
ées= 1.35-10%53%
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Figure 6: Experimental values for the parameters &, and r with their interpolation by Eq.(11).
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In Figure 7 the primary stage of the experimental creep curves are compared with the curves
predicted by Eq.(5), with parameters values calculated according to Eq.(11).
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Figure 7: Experimental creep curves compared with Egs.(5) and the parameters by Eqgs.(11)
(continuous outline curves), focused on the primary stage and the initial part of steady state.

The relationships in Eq.(11) are used to determine the dependence of the parameters &, R

and H on stress and temperature through Eqgs. (9). To sum up, considering Eq.(2) and (5) ina
single system as follows:

o = —E¢g,
¢, =é.(1-59) (12)
$ = Hé, —Rs

and using the relationships by Eq.(6) obtained from the creep curves, it is possible to predict
the stress relaxation curves. The experimental stress relaxation tests are compared with the
predictions by the numerical integrations of the Eq.(12) in Figure 8.

At the beginning of the first relaxation test, the parameter associated to the internal stress s is
equal to zero, then it increases according to Eq.(12). In the subsequent reloading on the same
specimen, since the material has been already subjected to stress relaxation, the initial s will
be the value achieved at the end of the previous relaxation test. Note that the presented model
describes experimental data more accurately than the procedures based on minimum/average
creep test, being able to well describe the repeated stress relaxation.
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Figure 8: Experimental stress relaxation tests with two repeated strain reloadings:
comparison with the proposed modelling (continuous outline curves).

3. Conclusion

The presented work aims at describing a modelling procedure for stress relaxation behavior.
Unlike conventional methods, where the conventional minimum/average creep rates are used,
the presented model takes into account the primary stage of the creep curves (since it concerns
the strain levels typical of the relaxation phenomena) and an internal stress parameter (to
account for the evolution of primary creep deformation in a scenario of multiple re-loadings).
The model parameters as functions of stress o and temperature T have been determined
through interpolation of the creep curves by equations that can describe the aforesaid primary
stage. Such parameters are used in the construction of the interpolation model for the stress
relaxation test. The proposed method can predict the relaxation behavior significantly better
than the conventional ones. Furthermore, the model can adequately describe repeated
reloading on the same specimen, which cannot be done by the conventional models.
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Abstract

The paper presents results of research on the influence of long term ageing at times up to 20 000 hours and the
temperature of 600°C on the microstructure and mechanical properties of GX12CrMoVNbN91 (GP91) cast steel.
A detailed microstructural research of the GP91 cast steel after ageing process was carried out with TEM and
included: analysis of secondary phases morphology, changes in the dislocation substructure (dislocation density
and mean diameter of subgrains). Whereas mechanical properties of the cast steel included a hardness test, static
tensile test and impact energy measurements. In the microstructure of the GP91 cast steel after ageing, the
processes of recovery and polygonization of matrix, and coagulation of M,3Cg carbides were observed. Ageing
of the investigated cast steel resulted in a slight decrease in the strength properties (YS, TS, HV30), which was
accompanied by significant decrease in impact energy.

Key words: 9%Cr cast steel, ageing, microstructure, TEM, mechanical properties
1. Introduction

Environmental requirements connected with the EU directives on limiting the emission of
CO,, SO, NOy into the atmosphere, as well as the economic requirements that aim for
reducing fuel consumption and increasing the power efficiency, force the power industry to
raise the thermal efficiency of power units. Increasing the thermal efficiency of power units
(up to around 50% as a target) and limiting the emission is directly related to the application
of high parameters of steam, the so-called supercritical parameters. Higher steam parameters
require introducing new grades of steels and cast steels in the power industry, that have an
increased resistance to creeping and oxidation at the temperature of ca. 600°C. The steels used
so far did not fulfill the requirements set for high-temperature creep resisting materials [1, 2].
The new steels for power industry were developed as a result of modification in the chemical
composition of the previously used creep-resisting steels. Thus, a number of new grades of
high-chromium martensitic steels have been found, including: P/T91, P/T92, E911, VM12.
Apart from the high-chromium martensitic steels, also new grades of cast steels are being
introduced into the power industry. The new high-chromium martensitic cast steels have been
developed to replace the so far used low alloy Cr—Mo or Cr—Mo-V cast steels. Martensitic
cast steels are formed on the basis chemical composition of martensitic steels, for example,
the GX12CrMoVNDbN9-1 (GP91) cast steel is based on the chemical composition of
X10CrMoVNDbN9-1 (P/T91) steel, whilst the GX12CrMWVNbN10-1-1 (GX12) cast steel -
on the chemical composition of E911 steel. The above cast steels are designed for work in the
creeping conditions at the temperature not higher than 600°C [3, 4].
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The behaviour of high mechanical properties of martensitic cast steels during the service
depends on the stability of their microstructure at elevated temperature. One of the methods of
estimating the changes that run in the microstructure and in the morphology of precipitates,
and their influence on the properties is performing long-term ageing at the temperature similar
to the temperature of the expected service [3, 5-8]. Such simulation allows understanding the
mechanisms of microstructure degradation in high-temperature creep resisting materials and
is a highly significant issue when estimating and forecasting the time of safe operation of the
appliances.

2. Material and methodology of research

The material for research was high-chromium GX12CrMoVNNnN9-1 (GP91) cast steel of
chemical composition presented in Table 1.

Table 1.Chemical composition of GX12CrMoVNbN9-1 (GP91) cast steel, %mass
C | Mn|Si| P | S |Cr|Mo|V |Nb|N

0.12|0.47 | 0.31 | 0.014 | 0.004 | 8.22 | 0.90 | 0.12 | 0.07 | 0.04

The research was carried out on the GP91 cast steel in the as-received condition (after heat
treatment - 1040°C/12h/oil, 760°C/12h/air 750°C/8h/furnace) and after 20 000 hours of ageing
at the temperature of 600°C. The influence of heat treatment on the microstructure and
mechanical properties of GP91 cast steel is shown inter alia in [9]. The study of the
microstructure was carried out using the transmission electron microscope JEOL JEM 200CX
and TITAN 80-300 with the use of thin foils. The morphology of precipitates was determined
by means of extraction carbon replicas and thin foils using the selective electron diffraction.
The tests of mechanical properties included the following: static test of tension, impact
strength tests performed on the standard Charpy ,,v” test pieces and measurement of hardness
with the Vickers method with the microindenter load of 30 kG.

3. Microstructure and mechanical properties of GP91 cast steel in the as-received state

In the as-received state (after the heat treatment) the GP91 cast steel is characterized by a
microstructure of lath tempered martensite with numerous precipitations.

In the microstructure, not only the retained lath substructure of martensite was observed, but
also the areas of polygonized ferrite (Fig. 1). After the heat treatment, the dislocation density
inside subgrains and the mean width of subgrains amounted to: 2.95x10™ m? and 0.708 pum,
respectively [8].

The microstructure of the examined cast steel is a ,typical” microstructure for the hardened
and tempered creep resisting steels/cast steels containing 9-12% Cr [7, 10-12]. Performed
identifications of carbide phases have shown two types of precipitates in the microstructure of
GP91 cast steel in the as-received state: M23Cg carbides and precipitates of the MX type (Fig.
2).
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The My3Cs carbides of diverse morphology were mostly revealed on the boundaries of prior
austenite grain and the boundaries of martensite laths. In the examined cast steel, two
morphology types of the MX precipitates were observed: the spherical shaped ones, rich in
niobium — NbC and lamellar precipitates, rich in vanadium — VVX. The precipitates of the MX
type were revealed mostly inside the laths of martensite on the dislocations and on the
boundaries of subgrains. The vanadium-rich fine-dispersive secondary MX precipitates
strengthen the examined cast steel (precipitation strengthening), however the role of the
primary niobium-rich MX precipitates is actually limited to impeding the grain growth during
austenitizing [13]. The MX precipitates are characterized by very high stability, they anchor
the dislocations and impede their movement, at the same time providing high resistance to
creeping. Whilst the Mj3Ce carbides stabilize the subgrain microstructure of martensite,
impeding the movement of dislocation boundaries [11]. The mean diameters of My3Cg carbides
and MX precipitates in the examined cast steel in the as-received condition amounted to: 127
nm and 19 nm, respectively[8].

Fig.2. Morphology of precipitates in the GP91 cast steel in the as-received condition:
A) M33Csq; B) MX; TEM, extraction carbon replica

Literature data [11, 12] also show that in the high-chromium steels/cast steels, the
precipitations called ,,V — wings” can occur. They consist of a spherical NbX precipitate and
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the lamellar nitride precipitates VX, nucleating on the NbX precipitate. In the examined cast
steel, however, such a type of complex precipitations was not observed.

Mechanical properties of the investigated cast steel determined at room temperature and the
minimum requirements [14] are shown in Table 2.

Table 2. Mechanical properties of GP91 cast steel in the as-received condition

YS, TS, El, KV, HV30
MPa MPa % J
468 632 26 154 209

min. 450 min. 600 | min. 15 | min. 30

Mechanical properties of GP91 cast steel in the as-received state determined with the static
test (yield strength — YS; tensile strength — TS, elongation — ELl.) fulfilled the minimum
requirements for this grade of material. The examined cast steel was characterized by high
fracture energy KV amounting to 154 J, similar to the ductility of other grades of steels/cast
steels used in the power industry [5, 7, 10]. High fracture energy KV > 100 J of the examined
cast steel in the as-received state is necessary, since as the literature data show, e.g.[15, 16],
during long-term service of low alloy steels/cast steels at elevated temperature, the decreasing
of impact strength KV runs faster compared to the mechanical properties. The fall of impact
strength KV is accompanied by a shift of the nil ductility temperature (NDT) to a positive
temperature.

4. Microstructure and mechanical properties of GP91 cast steel after ageing

An example of the microstructure of GP91 cast steel after 20 000 hours of ageing at the
temperature of 600°C is presented in Fig. 2.

| !
Fig. 2. Microstructure of GP91 cast steel after long-term ageing, TEM, thin foil

After 20 000 hours of ageing at the temperature of 600°C, the microstructure of the
investigated cast steel was similar to the as-received condition, that is both were observed: the
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retained lath substructure of tempered martensite with large density of dislocations, as well as
the polygonized ferrite substructure. The microareas observed in the microstructure permeated
one other.

Fig. 3. Mlcrostructure recovery in GP91 cast steel after ageing, TEM, thin foil

However, long-term ageing at the temperature of 600°C contributed to a gradual
disappearance of lath microstructure of tempered martensite, as a result of the processes of
recovery and polygonization of the matrix (Fig. 3). The effect of the above processes was the
observed decrease in the dislocation density to the level of 2.36 10 m™ and growth of the
subgrain width — 0.805 pm.

Performed identifications in the aged cast steel showed the occurrence of My3Cs and MX
precipitates, as well as the precipitations of the intermetallic Laves phase (Fig. 4).

Laves - phase [-1-11]

Fig. 4. Preupltatlon of the Laves phase i |n the cats steel after the ageing process (a), solved
electron diffractogram of the Laves phase (b), TEM, thin foil

In the case of the M,3Cs and MX precipitates, similarly as in the as-received state, they were
respectively revealed: on the boundaries of grains/laths and inside the grains/laths. The
precipitations of the Laves phase were mostly observed on the boundaries of grains, often
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near the My3Cg carbides. The calculated mean diameter of Mj3Cs carbides and the Laves
phase in the cast steel after ageing amounted to: 107 and 267 nm, respectively.

The amount of M23Cg carbides, with their size smaller than the average, amounted to 38% for
the as-received state, and 80% of the whole population after ageing. Moreover, after ageing,
the M,3Cg carbides were seen several times as big, compared to the mean diameter (Fig. 2),
which constituted around 12% of the population. In the Authors’ view, this explicitly
indicates that the process of coagulation of M»3Cg carbides is running.

The influence of Laves phase on the microstructure and mechanical properties of high-
chromium steels/cast steels is clearly negative. The precipitation and growth of Laves phase
causes matrix depletion of substitution elements (chromium, molybdenum) as a result of their
diffusion from the matrix to this phase, which leads to the quickening of the processes of
recovery and polygonization of the matrix. At the same time, matrix depletion of alloy
elements, which are also the components of M,3Cg carbides, slows down the processes of
coagulation of these carbides. Additionally, the Laves phase precipitating on the boundaries
has a negative influence on the ductility of the investigated cast steel. According to studies
[17], the precipitations of Laves phase with the mean diameter larger than 130 nm contribute
to the change of the mechanism of cracking in the creep resisting steel, from the ductile to the
brittle one (transcrystalline fissile). Moreover, they are the main cause for a rapid decrease in
the creep resistance of the 9% Cr type steel.

Apart from the above-mentioned precipitates in the microstructure of the examined cast steel
also single precipitates of NbCrN (Z phase) were revealed — Fig. 5. The mean diameter of
these precipitates amounted to 61.43 nm. Precipitation of the Z phase in high-chromium
steels/cast steels is connected with the transformation of metastable precipitates of the MX
type into more thermodynamically stable precipitates of compound nitride. This causes a
disappearance of the precipitation strengthening with MX type particles, which in martensitic
steels containing at least 10% Cr results in a very rapid decrease in the creep strength and is
the main mechanism of degradation of these steels, serviced at the temperature above 600°C
[18]. In steels/cast steels containing on average 9% Cr, according to the literature data [18,
19], the precipitations of the Z phase were observed at the earliest after 10° h. The presence of
single NbCrN precipitates in the microstructure of the examined cast steel should probably be
associated with the microsegregation of chemical composition occurring in the cast steel,
which can locally cause favourable conditions for the formation of his phase. Nevertheless,
the revealed precipitations of Z phase in the GP91 cast steel after 20 000 hours of ageing
require further research.

Performed research on the mechanical properties of GP91 cast steel, after the process of
isothermal ageing at the temperature of 600°C, has shown that the properties determined for
the examined material by means of the static test of tension and hardness HV30 practically
did not decrease, or that the drop of a given parameter value did not exceed 5% (Fig. 6a-6c).
Similar course of changes in mechanical properties of aged high-chromium steels was
observed inter alia in the works [5, 7]. Similar strength properties — TS and YS, as well as
hardness HV30 of the investigated cast steel in the as-received condition and after ageing,
suggest that the observed process of softening of the matrix, as a result of the recovery and
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polygonization processes, is partly compensated by other processes, such as the precipitation
of secondary phases.
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Fig. 5. Precipitations of NbCrN phase (Z phase) in the examined cast steel (a), solved
electron diffractogram of Z phase (b), EDS spectrum from the analysed Z phase (c)
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The fracture energy KV of the GP91 cast steel in the as-received state (after the heat
treatment) amounted to 154 J (Table II), whilst after 20 000 hours of ageing at the
temperature of 600°C, it decreased to the level of 50 J (Fig. 6d). This indicates around 70%
reduction of crack resistance of the examined cast steel compared to the as-received state. The
main reason for the reduction of the impact strength KV of the investigated cast steel should
be seen not only in the precipitation and growth of Laves phase, as suggested by other
researchers as well [9, 17, 20]. It should also be seen in the growth of the amount of M»3Cq
carbides precipitated on the boundaries of grains, forming the so-called ,,continuous grid of
precipitates” in some areas (Fig. 7), and in the disappearance of lath microstructure of
tempered martensite (Fig. 2, 3).

Fig. 7. Grid of M3Cs carbides on grain boundaries in the microstructure of GP91 cast steel
after the ageing process [8]

Another possible cause influencing the decrease in ductility of the examined cast steel can be
perceived in the segregation of atoms of additions, such as, for example, phosphorus to the
grain boundaries or packet boundaries, which was not investigated in this study. However, the
study results presented inter alia in [21] show that such a process is possible. The considerable
decrease in impact strength KV of the examined cast steel is probably a resultant of the above
processes running in the microstructure during ageing.

5. Conclusions

1.  Long-term ageing of GP91 cast steel leads to a gradual disappearance of the lath
microstructure of tempered martensite in favour of the more thermodynamically stable
microstructure of polygonized ferrite. The ageing process also contributes to the
precipitation of Laves phase. Moreover, in the microstructure of the examined cast steel,
single precipitates of NbCrN phase were observed.

2. The process of long-term ageing has a little influence on the changes in strength
properties (YS, TS) and hardness HV30, which shows that the process of matrix
softening is partly compensated by the precipitation of secondary phases.
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A significant decrease in impact strength KV should be mostly associated with the
precipitation of Laves phase on the boundaries of grains. Moreover, the impact strength
decrease is also influenced by the precipitation of M,3C¢ carbides and the disappearance
of lath microstructure of martensite. This indicates the need to aim for increasing the
stability of precipitations of Laves phase and My3Cg carbides, and the subgrain
microstructure of martensite.
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Abstract

Cross-weld creep performance in Grade 91 (Modified 9Cr-1Mo, ASTM A387) steel weldments has successfully
been improved through a thermo-mechanical treatment (TMT) process prior to welding. Aus-forging/-rolling
combined with subsequent aus-aging were applied into the Grade 91 steel in order to promote precipitation
kinetics of MX in the base metal which increased the creep resistance drastically. Such pre-existing MX
precipitates are also expected to be stable during welding process at the FGHAZ and contribute to prevent
degradation of creep resistance at the FGHAZ region. Dense carbide dispersion was observed in the optimized
TMT sample, which effectively contributed to an improved cross-weld creep properties compared to that of the
standard heat-treated sample, after post-weld heat treatment. The base metal also showed sufficient room-
temperature toughness comparable to the standard heat-treated samples, indicating that the optimized TMT could
be one of the solutions to minimize Type IV failure of the CSEF steels without sacrificing the balanced
properties.

Keywords: Grade 91, thermo-mechanical treatment, weld, creep
1. Introduction

Creep strength-enhanced ferritic (CSEF) steels containing 9-12Cr are widely used as high
temperature structural components, such as coal-fired boilers, heat-recovery steam generators,
and piping systems in newly developed high-efficiency fossil power plants, because of their
excellent creep properties at elevated temperatures as well as relatively inexpensive material
costs [1,2]. However, there were numerous reports that the CSEF steel weldments exhibited
unexpected, short creep-rupture lives compared to the base metals, which was due to the
formation of non-equilibrium, weakened microstructure in fine grained heat affected zone
(FGHAZ) [3-10]. Such premature failures of welded components at FGHAZ, so-called
“Type-1V failures”, could result in lowering the weld strength reduction factor (WSRF) of the
materials as low as 40-50%, especially in the test/service conditions above 550 °C [11,12].
Therefore, minimizing or eliminating such weakened microstructure formation at FGHAZ
would be the key to improve the performance of CSEF steels.
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In late 1980’s, it was reported that a Grade 91 steel (modified 9Cr-1Mo with V, Nb, and N,
ASTM A387) applied relatively lower temperature pre-weld tempering (e.g. 621 °C) showed
improved cross-weld creep properties after post weld heat treatment (PWHT) compared to
that of the materials applied a standard pre-weld tempering (e.g. 760 °C) [13]. This result
indicated a potential solution to minimize Type IV failure problem through non-standard pre-
weld heat treatment. Present authors recently reported an in-situ high energy X-ray diffraction
study of the HAZ simulating heat-treated Grade 91 samples [14,15], which revealed that the
standard heat-treated sample (tempered at 760 °C) showed incomplete dissolution of My3Cs
(M: mainly Cr) in the heating and cooling process simulating the FGHAZ region during
welding. Coarsening of the residual M3Cg at the FGHAZ took place predominantly during
PWHT, which caused reducing the creep strength significantly. On the other hand, the non-
standard heat-treated sample (tempered at 650 °C) exhibited less M,3Cg formation in the base
metal which allowed complete dissolution of the M,3Cs at the FGHAZ during welding, and
then redistribution of fine My3Cg precipitates occurred during PWHT to increase the
resistance of creep deformation. The improvement of cross-weld creep property of Grade 92
(9Cr-2W base) steels was also reported through the elimination of pre-weld tempering
process, which resulted in re-distribution of M23Cs oOnto prior austenite grain boundaries and
sub-boundaries after PWHT to maintain the creep resistance at FGHAZ similar to the base
metal [16,17]. These results indicate that FGHAZ strengthening after PWHT is the key to
improve the cross-weld creep properties of the CSEF steels.

Klueh et al. [18,19] reported a breakthrough concept for improving creep properties of 9-12Cr
CSEF steels through a thermo-mechanical treatment (TMT) with aus-rolling combined with
aus-aging. This process enhances the formation of the stable MX carbo-nitrides (M: mainly
Nb and V) at austenitizing temperatures by applying hot-work (e.g. rolling or forging) to
introduce dislocations which act as nucleation sites of the MX. The following aus-aging
resulted in a dense MX precipitation before the austenite matrix transformed either to ferrite
at high temperature or to martensite during cooling. The resulting material exhibited almost
two to three orders of magnitude longer creep life at 650 °C and 138 MPa [18]. Since MX
precipitates were stable and would not be dissolved into the matrix at FGHAZ during welding
[14,15], the aus-forging/rolling + aus-aging could be worthwhile trying for a potential
improvement of high temperature creep properties at the FGHAZ.

The objective of this study is to investigate the optimization of the TMT process onto the
Grade 91 steel suitable for the improvement of the cross-weld creep properties via
introduction of stable MX. It should be noted that the non-standard heat treatment described
above also resulted in raising the ductile-brittle transition temperature (DBTT) of the base
metal above room temperature (RT) [20, 21]. Therefore, the improvement of RT toughness of
the base metal is also a major concern, and it has been attempted through a standard
tempering applied after the TMT process.
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2. Experimental Procedures

The chemistry of the Grade 91 steel used in the present study is shown in Table 1. Several
small pieces (50-100 mm x 150-250 mm x 25 mm) were sectioned from a 25 mm-thickness
hot-rolled plate prepared in the previous study [13]. Aus-forging/rolling and subsequent aus-
aging were applied to the Grade 91 steel plates in various conditions to find an optimized,
stable MX dispersion in a martensitic microstructure. The samples were heated to 1050°C and
held for 1 h in Ar gas atmosphere, followed by air-cooling to an intermediate temperature in
the range between 700 °C and 900 °C (just below or above the Ag and Ags at ~820 and 860
°C, respectively, and significantly higher than the Mg at ~400 °C). Once the intermediate
temperature was achieved a 7-17% thickness reduction was applied by forging or rolling with
only one action or pass. The plates were subsequently placed in a furnace for 1 h at the same
temperature that the hot-working was performed, and then air-cooled to RT. The samples
were then tempered at 760 °C for 2 h. Figure 1 shows the temperature profiles of the Grade 91
samples during the TMT at 700, 800, and 900 °C. Manual gas tungsten arc weld (GTAW)
was applied to the TMT + tempered plates with or without the filler metal shown in Table 1,
and then PWHT at 760 °C for 2 h was performed.

Table 1. Chemical compositions of the Grade 91 base metal and filler metal (balanced Fe).

(Wi%%) C Mn Si C Mo Ni V Nb N B

Basemetal 0.08 027 011 861 089 009 021 007 0.06 <0.001
Filler metal 0.08 041 031 862 092 015 024 008 0.04 <0.001

Cross-sectional samples of as-TMT, TMT + tempered, and GTAW + PWHT samples were
prepared by using a conventional metallographic sample preparation, and characterized by
using a light optical microscope (OM). A carbon extraction replica technique was also used
for the detailed characterization of the second-phase (MX) dispersion in selected as-TMT
samples, and the high magnification observation was conducted by using a scanning electron
microscope equipped with a scanning-transmission electron microscope (STEM) mode with
an accelerate voltage of 30 kV.

Micro-Vickers hardness measurements were conducted on cross-sections of the GTAW +
PWHT samples, using a 300g load and automated stage motion, measuring hardness in 50-
100 um steps on a traverse across the base metal, heat affected zone, and weld metal.
Standard cross-weld tensile specimens with a cylindrical gauge section (ASTM ES8, shown in
Figure 2) were machined from the GTAW + PWHT samples, and then creep-rupture tested at
600 °C and 100 MPa in laboratory air. Charpy V-notch impact testing (ASTM E23) was
conducted at room temperature on a standard size specimens (10 mm x 10 mm x 55 mm, with
a 2 mm depth V-notch) machined from a TMT + tempered sample.
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Figure 1: Temperature profiles of the thermo-mechanical heat treatments studied (after
references 20 and 21).
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Figure 2. A drawing of tensile creep-rupture specimen used in this study.

3. Results and Discussion

3.1. Thermo-mechanical treatments

Figure 3 shows microstructure of as-TMT and TMT + tempered samples which were aus-
forged with 7% thickness reduction and then aus-aged at 900, 800, and 700 °C for 1 h.
Hereafter, they are called as “TMT9”, “TMT8”, and “TMT7”, respectively, unless otherwise
noticed. Martensitic microstructure was observed in the as-TMT9 and as-TMT8 samples (3a
and 3b), and they were macroscopically very similar to each other. The microstructures after
tempering (3d and 3e) exhibited a typical tempered martensite of Grade 91 steels. The
detailed observation indicated that a small amount of ferrite grains formed in as-TMT8
sample. On the other hand, no martensite but ferrite + pearlite mixed microstructure was
observed in as-TMT7 sample (3c) and no drastic changes after tempering (3f). These results
indicate that in order to obtain martensitic microstructure the TMT process needs to be
conducted above 800 °C, in the case of applying aus-aging for 1 h.
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Figure 3. OM pictures showing microstructure of as-TMT (a-c) and TMT + tempered (d-f)
samples; the aus-forged and aus-aged temperatures were at 900 °C(a,d), 800 °C (b,e), and
700 °C (c,f).

Figure 4 represents high-angle annular dark-field (HAADF) STEM images of the carbon
extraction replicas taken from as-TMT9 (4a) and as-TMT8 (4b), showing the dispersions of
nano-scale, high-Z element enriched second-phase particles, possibly MX, inside a martensite
lath. It clearly shows that dense particles with the size of 1-3 nm disperse in as-TMT8 sample
which looks very similar to the report by Klueh et al. [18,19], whereas relatively small
number of the particles can be seen in as-TMT9 sample. This result indicates that the kinetics
of MX formation during TMT process can be drawn as a C-curve with a nose close to 800 °C
in a time-temperature-transformation (TTT) diagram, and 900 °C is close to the upper limit
temperature to expect the MX formation after aus-aging.

H

Figure 4. HAADF STEM images of carbon extraction replicas taken from the Grade 91 steel
applied (@) TMT at 900 °C and (b) at 800 °C, showing precipitate dispersions inside
martensite laths.
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3.2. Gas tungsten arc weld

Figure 5 illustrates cross-sectional views of autogenous bead-on-plate GTAW plates applied
a standard heat treatment (5a, normalized at 1050 °C and tempering at 760 °C [20,21]), TMT9
+ tempering (5b), and TMT8 + tempering (5c) prior to the welding, together with the micro-
Vickers hardness color maps super-imposed onto the corresponding measured areas. The
cross-sectional microstructures consist of the weld metal, the heat affected zone, and the base
metal, and there are no significant differences in the configurations among the samples. The
standard heat-treated samples showed a distinct soft zone on the FGHAZ which corresponded
to the area showing the coarse My3Cg formation [14]. Creep-rupture of the cross-welded
specimens also took place typically in this area [20, 21]. The TMT9 + tempered sample also
showed the same hardness distribution with a distinct soft zone on the FGHAZ, indicating
that the TMT process at 900 °C was not beneficial to improve the mechanical properties at
FGHAZ compared to the standard heat-treated sample. On the other hand, the TMT8 +
tempered sample exhibited very high hardness in the base metal together with relatively low
hardness reduction at the FGHAZ. This was presumably due to the dense MX formation
lifting up the hardness of both the base metal and the FGHAZ. Previous study by the authors
revealed that the RT hardness profile could reflect the high temperature creep resistances [21],
so that improved creep properties would also be expected in the TMT8 + tempered sample.

3.3. Creep-rupture testing

Figure 6 shows pictures of the as-welded TMT + tempered plates (6a), and the machined
tensile creep specimens after applying PWHT (6b). The TMT + tempered plates with 11mm-
thickness were machined to make a bevel single U-shape groove, and then the groove was
filled by multi-pass GTAW with a matching Grade 91 filler metal shown in Table 1. Leftover
materials after the specimen machining were used for the microstructure characterization as
well as hardness measurements of the multi-pass GTAW, which showed similar results to the
Figure 5 [21].

Figure 7a represent the creep-rupture curves of both TMT + tempered samples after GTAW
and PWHT, together with those of the standard and non-standard heat-treated samples [20,
21], tested at 600 °C and 100 MPa. The appearances of the creep-ruptured specimens of both
TMT + tempered samples are also shown in Fig. 7b. The TMT8 + tempered sample showed
significant improvement of the cross-weld creep properties with almost doubled creep-life
compared to the standard heat-treated sample, and it was comparable to that of the non-
standard heat-treated sample. The TMT9 + tempered sample, on the other hand, exhibited
very little improvement compared to the standard heat-treated one. The creep-rupture of both
TMT + tempered samples took place at FGHAZ as shown in Fig. 7b, indicating that the creep
properties at FGHAZ dominated the creep deformation of these samples. It should be noted
that the microstructure factors such as prior austenite grain size and average martensite block
width did not show a significant difference between the standard heat-treated sample and the
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TMT samples. Therefore, it is concluded that the improvement of the cross-weld creep
properties is attributed to the formation of dense MX dispersion through the TMT process at
800 °C.

(a)

(b)

(c)

Figure 5. Cross sectional microstructure of the Grade 91 steel after (a) standard normalization and
tempering, (b) TMT at 900 °C + tempering, or (c) TMT at 800 °C + tempering, followed by
autogenous bead-on-plate GTAW + PWHT. The hardness color maps measured across the base
metal, heat affected zone, and weld metal, were super-imposed on the corresponding areas (after
references 20 and 21).

(a)
TMTO+T

s irae 8
= TMT8+T

£

Figure 6. (a) Appearance of the TMT + tempered plates after GTAW on a single-V groove,
and (b) the tensile creep specimens machined from the welded plates after applying PWHT.
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Figure 7. (a) Creep-rupture curves at 600 °C and 100 MPa of the Grade 91 steel applied
thermo-mechanical treatments, together with those with standard and non-standard heat
treatment (after references 20 and 21), and (b) appearance of the creep-ruptured specimens.

3.4. Room temperature toughness

The base metal of the TMT8 + tempered sample also showed improved RT toughness, as
shown in Figure 8. The sample used in the Charpy impact test was aus-rolled at 800 °C with
17% thickness reduction, followed by aus-aged at 800°C for 1h. The average Charpy impact
absorbed energy of the TMT8 + tempered sample was more than 150 J which was comparable
to the standard heat-treated sample, and significantly higher than that of the non-standard
heat-treated sample [20,21]. Therefore, the TMT process at 800 °C combined with a standard
tempering can be described as an optimized TMT process to achieve improved cross-weld
creep properties together with sufficient RT toughness of the base metal.
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Figure 8. Charpy impact test results of the Grade 91 steel applied TMT at 800 °C +
tempering, together with those of the standard and non-standard heat-treated samples (after
references 20 and 21).
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Preliminary hardness analysis of the TMT + tempered sample after GTAW + PWHT revealed
that the higher thickness reduction (= higher amount of hot-working) during the TMT process
resulted in increasing the hardness of both base metal and FGHAZ, indicating that the higher
amount of MX formation could be expected in the sample. The detailed microstructure
characterization of the TMT samples as a function of the thickness reduction during the TMT
process is currently in progress, in order to find further optimized condition of the TMT
process, and the results will be presented elsewhere.

4. Summary

Thermo-mechanical treatment of the Grade 91 (Modified 9Cr-1Mo, ASTM A387) steel has
been studied in order to improve the cross-weld creep performance. Aus-forging/-rolling
combined with subsequent aus-aging were applied to the Grade 91 steel which successfully
promoted MX precipitation in the base metal when the process was conducted at 800 °C.
Such pre-existing MX precipitates contributed to increase the resistance creep deformation at
the FGHAZ region, resulting in improving the cross-weld creep properties compared to that
of the standard heat-treated sample, after post-weld heat treatment. The base metal also
showed sufficient room-temperature ductility comparable to the standard heat-treated
samples. The optimized TMT process could be one of the solutions to minimize Type IV
failure of the CSEF steels without sacrificing the balanced properties.
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Abstract

Commercial, regulatory and social pressures have led the energy industry to seek improvements in
power plant efficiency by increasing the combustion plant operating temperatures from 540 to 700 °C (European
targets, 750 °C in the US) and steam pressures from 180 to 300 bar. These increased operating conditions place
current conventional materials in extremely aggressive environmental conditions. Current ferritic-martensitic
steels do not possess the high temperature corrosion resistance necessary for long term use, with a temperature
limit of ~620 °C. Thus, aluminide coatings to protect against steam side oxidation have been developed for use
on ferritic steels with encouraging results. These coatings combine good high temperature oxidation resistance
through the growth of an Al,Os scale and, in the case of Al slurry, the possibility to apply the coating on an
industrial scale at moderate cost. Whilst there is information on the oxidation properties of the coating there is
little information and understanding of the effect of aluminide coatings on the mechanical behaviour of the
ferritic substrate. Main concerns lie with cracks developing in the coating and the possible penetration of the
cracks into the substrate, the loss of creep strength caused by the diffusion of Al into the substrate and the
formation of AIN precipitates. The purpose therefore of the work reported here was to examine and generate the
necessary data on the microstructural evolution of Al slurry coated P91 alloy subjected to oxidising atmosphere
of 100% flowing steam at 650 °C for times up to 5000 hours at atmospheric pressure. These test pieces were
then used to evaluate the creep properties of as coated and aged samples using creep stresses up to 120MPa.
Results show that the coating prevented breakaway oxidation as expected, thereby showing its protective
potential and the creep results showed that whilst the coated samples entered the tertiary creep zone earlier than
the uncoated ones, cracking and creep of the coating remained confined to the surface of the specimen and that
the ultimate creep rupture time remained within the accepted experimental scatter for this alloy. Examples of
the creep data, microstructure and damage mechanisms are presented.

Keywords: steam oxidation, creep, T91, aluminide, slurry, coating

1. Introduction

The power generation industry is facing the challenge to follow strict regulations to reduce its
environmental impact whilst meeting the increasing demand for power, plant reliability,
availability and maintainability. Improving power plant efficiency by increasing operating
temperatures (by up to 50 °C) is a way to achieve this goal. In facilities using steam turbines,
higher steam temperatures significantly influence the performance of materials used for boiler
components by accelerating the oxidation rate and degrading the mechanical properties.
Current ferritic-martensitic steels have a temperature limit of ~620 °C [1]. The development
of high temperature creep resistant alloys has resulted in a lowering the Cr content in these
alloys which has led to unacceptable high rates of oxidation and spalling [2]. These thick
oxide scales on tube walls cause overheating while exfoliation and spallation reduces the
steam flow because of blockages and the erosion of components located down-stream [3].
Plans to reach steam operating temperatures of 650 to 760 °C will require the development of
new oxidation resistant alloys or the use of expensive Ni- based alloys [1, 4-5]. Surface
engineering of more cost effective materials, like the commonly used ferritic-martensitic
steels, would be a more economical solution [6].
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Promising research [2, 6-9] was carried out on aluminide coatings which combine good high
temperature oxidation resistance and, in the case of an Al slurry, the possibility to apply the
deposition technique to an industrial scale at moderate cost [2]. Most studies have
concentrated on the ferritic substrates, especially the commonly used T/P22, T/P23
(2.25wWt% Cr ferritic steels) [2], T/P91 and T/P92 (9wt% Cr ferritic-martensitic steels) [2, 6,
7,9]. On a ground and degreased substrate, the Al slurry is usually applied by brush followed
by a curing heat treatment [6]. A further heat treatment (reported to be in Ar at 700 °C for 10
hours), produces the desired AlsFe, layer which forms the protective Al,O3 upon exposure
accompanied by a thin FeAl layer close to the substrate. When exposed in steam, the
thickness of the FeAl layer increases to the detriment of the AlsFe, because of the growth of
the Al,Os layer and the inward diffusion of Al in the substrate [6-8]. AIN precipitation occurs
in the Al diffusion zone in substrates containing a minimum amount of N in their initial
composition. These precipitates can also form when N from the environment diffuses
inwardly through the coating toward the substrate [2]. Laboratory tests undertaken on coated
P92 have shown that diffusion aluminide coatings are protective for at least 60,000 hours of
exposure to steam at 650 °C [2]. Failure of the aluminide coatings is due (a) to the formation
of cracks because of the coefficient mismatch between the Fe-Al intermetallic phases and the
substrate [7,8] and (b) to the diffusion of Al into the substrate, leading to the formation of rich
Al precipitates, Kirkendal voids at the coating/substrate interface and the inability to repair
the Al,O3 layer [2].

The progressive formation of AIN precipitates deeper into the substrate as the exposure time
increases through the diffusion of Al from the coating has been one of the main factors
against the application of these coating on an industrial scale. Indeed, it is believed that the
loss of soluble N, that is added to ferritic-martensitic steels to improve their high temperature
mechanical properties, might affect the materials long term creep properties. Creep tests
performed in air on 9wt% Cr ferritic-martensitic steels with as deposited slurry aluminide
coatings showed that a slight loss in creep strength was caused by the weak creep properties
of the FeAl phase and the decrease of these steels’ mechanical properties at temperatures as
high as 650 °C. No evident detrimental effect of the AIN precipitates was reported [10,11].
However, no data on the effect of a prolonged exposure to steam on the creep behaviour of
the steel substrate could be found in the literature.

The purpose therefore of the work presented in this paper is to examine and generate the
necessary data on the microstructural evolution of Al slurry coated P91 alloy subjected to
oxidising atmosphere of 100% flowing steam at 650 °C for times up to 5000 hours at
atmospheric pressure. These test pieces were then used to evaluate the creep properties of as
coated and aged (for up to 3000 hours) samples using creep stresses up to 120MPa.

2. Experimental details

The slurry coating applied to the T91 substrate comprised of fine aluminium power dispersed
in a binder. To obtain the desired even aluminide layer on materials with high oxidation rates
it is advised for the samples to be heat-treated in an atmosphere free of oxygen (preferably
vacuum + Ar) at temperatures below the tempering temperature of the steel (760 °C for T91).
The presence of oxygen in the atmosphere causes the growth of undesirable Fe oxides which
then act as diffusion barrier for the aluminide coating to form. It is also highly recommended
to grind the surface of the samples before coating them with an Al slurry. If the surface is grit-
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blasted, embedded grit particles prevent the diffusion coating from forming a continuous
layer. The coated T91 samples were heat-treated at 750 °C for 2 hours in vacuum+Ar and
slow cooling.

Two forms of sample geometries were used : (a) curved coupons were machined from coated
tubes (15 mm long and 1/6" of the tube circumference wide) that had been previously ground
and (b) flat strips of T91 were electro discharge machines from a section of tube, coated and
then cut into 10 x 10 x 3 mm coupons. Because of the different curvature of the substrate,
different amount of Al slurry was initially deposited on the surface (Figures 1(a) and (b))
which resulted in aluminide coatings with different thicknesses after heat-treatment. The
aluminide coating thickness was ~25 pum on the curved sample and ~15 um on the flat ones
(Figurel 1(c) and (d)). A selection of samples remained uncoated for comparison purposes.

Al slurry before

Alslurry before / heat treatment

heat treatment

= 70 pm

Figure 1 SEM images of cross-section through Al slurry coated (a) curved and (b) flat T91 substrate
before heat-treatment and (c) (d) resulting aluminide coatings respectively after heat-treatment at 750 °C
for 2 hours in vacuum + Ar.

The coated samples were exposed to 100% flowing steam environments at 650 £5 °C, for
durations of 300, 1000, 3000 and 5000 hours. On removal from the furnace the samples were
nickel coated, sectioned and mounted in Bakelite resin and metallographically polished to a
lum diamond surface finish. A Camscan MX2500 SEM fitted with an Oxford Instruments
EDX detector was subsequently used to examine the cross-sectioned samples.

Creep tests were performed using a W.H. Mayes Uniaxial Creep frame which subjects
specimens to a constant stress whilst holding them under an isothermal temperature via a
cylindrical furnace surrounding the load train. Automated load levelling, temperature control
and displacement logging is provided. The creep testing of the slurry aluminide coating
deposited on T91 was performed at 650 £4 °C in air at uniaxial stress values of 80, 100 and
120 MPa. The cylindrical creep test specimens had a parallel gauge length of 40 mm with a
8 mm diameter. Before testing some test specimens were exposed to 100% flowing steam at
650 +5 °C for 1000 and 3000 hours (Table I). Some specimens were removed prior to failure
in an attempt to localise the early formation of voids or cracks in the steels.
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sample Ageing time in steam Cree_p temperature Creep stress Removal time
(at 650°C, hours) in air (°C) (MPa) (hours)
AETI041 none 650 120 92 (entered tertiary)
AETI042 none 650 80 2098 (rupture)
AETI043 1000 650 120 63 (rupture)
AETI044 1000 650 100 377 (entered tertiary)
AETI045 1000 650 80 3504 (rupture)
AETI046 3000 650 80 2174 (rupture)
AETI047 3000 650 100 On-going
AETI048 3000 650 120 On-going

Table | Experimental condition for creep testing of Al slurry coated P91

3. Results

3.1. Steam oxidation of slurry aluminide coated T91

Curved and flat samples of T91 were oxidised in steam at 650 °C for 5000 hours (Figure 2). A
thick duplex oxide comprising of an outer Fe3O,4 and inner Fe-Cr spinel layer was formed and
reached an average thickness of 250 um on the uncoated T91 samples (Figure 2 (a) and (c)).
On the aluminide slurry coated samples (Figure 2(b) and (d)), observation of cross-sections
made through the samples before and after exposure showed the presence of three main
phases: AlsFe,, AI(Cr)Fe and Al diffusion zone. Upon exposure to steam, the AI(Cr)Fe and Al
diffusion layer thicknesses increased due to diffusion of Al into the substrate and the
formation of an Al,O3 scale. After 1000 hours on the flat samples (thinner coating) and 5000
hours on the curved ones (thicker coating), the AlsFe, phase was completely replaced by
AIl(Cr)Fe. The coating prevented the growth of Fe oxides on the ground samples where the
Al-Fe intermetallic layer was continuous after heat-treatment.

The evolution of the different phases present in the aluminide coating is presented in Figure 3.
The graphs shows the gradual disappearance of the AlsFe; phase to be replaced by Al(Cr)Fe
and the growth of the Al diffusion zone with exposure time. The depth of Al penetration was
measured from the interface between the AI(Cr)Fe phase and the Al diffusion zone to the
boundary after which no Al was detected in the substrate using EDX analysis. It is also
recognisable by the presence of AIN precipitates. Despite the different initial coating
thicknesses, the depth of the Al diffusion zone was similar on both curved and flat samples
and reached average depths of 25, 45 and 55 pum after 1000, 3000 and 5000 hours
respectively. However, after 5000 hours exposure, the amount of Al remaining the Al(Cr)Fe
phase was ~ 35 at% in the initially thicker coating and ~20 at% in the thinner one.
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Fe-Cr spinel

Fe,O4

Fe-Cr spinel

Figure 2 SEM images of cross-sections through the (a) uncoated and (b) coated curved T91
samples and (c) the uncoated and (d) coated flat T91 samples after 5000 hours at 650 °C in
steam.
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Figure 3 Thickness of Fe2Al5 (diamonds), Al(Cr)Fe (squares) and Al diffusion zone (circles)
measured on curved (closed symbols) and flat (open symbols) Al slurry coated T91.

155



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

3.2 Creep testing of slurry aluminide coated T91

The hardness of the coated specimen was measured before and after heat-treatment, and after
the aging in steam to ensure that the mechanical integrity of the steels was not affected by
exposure to high temperature. The hardness (Hv30) values obtained were ~224HV for the
substrate before heat-treatment, ~219HV after heat-treatment at 700 °C, ~216HV after 1000
hours in steam and ~216HV after 3000 hours in steam.

The rupture lifetimes (or times of removal from test after having entered tertiary) of the
uniaxial creep testing as a function of applied stress are shown in Figure 4. The creep rupture
strain levels obtained were ~21-24%. The values obtained for the coated T91 creep specimens
are compared to time to fracture values obtained in the literature after the creep testing in air
at 650 °C of uncoated T91 [12]. As expected, increasing the applied stress decreases the creep
life of the specimen. In general, the creep rupture strength of the Al slurry coated T91 samples
was slightly lower than for the uncoated T91 alloy. For the tests performed at 80 MPa, aging
the sample in steam and thus increasing the depth of Al diffusion also decreased the rupture
time. However, the specimen tested under a load of 80 MPa experienced the opposite
phenomena with the aged samples lasting longer than the as-received one even when
considering a standard uncertainty of 2.3% for the rupture time value [13].

Metallographic characterisation of the failed samples under the different conditions showed
typical creep damage with rupture occurring because of the formation of voids and cracks
within the T91 substrate itself rather than because of the presence of the Al slurry coating
(Figure 5). Larger voids were observed on the samples crept under lower stress loads, as there
was more time for the coalescence of the creep voids to occur. Etching the sample with a
Vilella’s reagent revealed an elongation of the martensitic laths close to the rupture location
while the microstructure remained unchanged away from fracture.
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Figure 4 Creep testing results of Al slurry coated T91 with and without aging. Additional data
for the uncoated T91 were found in the literature [12].
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Figure 5 SEM images of cross-sections through al slurry coated T91 after creep test at
650 °C (a) under 80 MPa as-coated, (b) under 120 MPa after 1000 hours aging (AETI1042
and AETI043 respectively).

The images in Figure 6 show the cracks present in the different layers of the coating on the
samples crept under different conditions. The as-received sample crept at 120 MPa was
removed as it just entered the tertiary creep phase (Figure 6(a)). As a result only few vertical
cracks were present in the coating and no significant strain was recorded or observed. Wide
cracks were located and extended along the thickness of the Fe,Als layer. Below them in the
Al(Cr)Fe layer, fine cracks propagated until reaching the Al diffusion zone. Few pores were
present at the interface between the coating and the substrate. The Al diffusion zone was as
thick as an unexposed sample and did not experience any thinning during creep. Figure 6(b)
shows the aluminide coating close to the failure location on a sample crept under a load of
120 MPa after having been aged for 1000 hours in steam. The sample was removed after
rupture which happened after 63 hours. Fe-Al aluminides having very low strength, the
coating sustained extensive damage under creep. Away from the failure area, the
microstructure of the aluminide coating was similar to the one observed on the samples aged
isothermally in steam. Close to the failure area, long wide cracks were located in the Al(Cr)Fe
phase and Al diffusion zone without propagating into the substrate. Large voids could be seen
in the Al diffusion zone. This layer was found to have accommodated the strain through
plastic deformation better than the less ductile Al(Cr)Fe layer which experienced more
cracking. Indeed the Al diffusion zone which has after 1000 hours in steam a ~45 um
thickness was only ~18 pm thick close to failure. The sample crept under a 100 MPa load
after being aged in steam for 1000 hours, shown in Figure 6(c) was removed from the creep
test after having entered the tertiary phase (after 377 hours). A slight necking was observed on
the specimen and under the SEM, small voids were found in the centre of the T91 substrate.
In the necked area, widening cracks were observed in the Al(Cr)Fe layer of the coating. These
cracks connected with pores appearing in the Al diffusion zone. Some Kirkendal voids were
also present at the interface between the coating and the substrate. Slight thinning of the Al
diffusion zone was measured. Figure 6(d) shows the condition of the aluminide coating away
from the rupture area of the sample crept under a load of 80 MPa in as-received condition
which was removed after failure (after 2098 h). Again wide cracks were present in the
Al(Cr)Fe phase. These cracks seem to propagate by the coalescence of voids appearing it the
layer. Few voids were present in the Al diffusion zone.

157



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

f0pm

Al diff

Al diff

0 pm 0 pm

Al diff

10 pm 0 pum

Figure 6 SEM images of cross-sections through al slurry coated T91 after creep test at
650 °C (a) under 120 MPa as-coated, (b) under 120 MPa after 1000 hours aging, (c) under
100 MPa after 1000 hours aging, (d) under 80 MPa as-coated, (¢) under 80 MPa after
1000 hours aging and (f) under a 80 MPa load after 3000 hours aging (AETI042, AETI044,
AETIO045, AETI042, AETI045 and AETI046 respectively).

In Figure 6(e), an image close to the failure area on the sample crept under a 80 MPa load
after aging in steam for 1000 hours shows how large horizontal cracks propagate at the
interface between the Al free substrate and the Al diffusion zone rather than vertically into the
substrate. The thickness of the Al diffusion zone decreased from ~55 to ~30 um. Under a
similar load but an exposure in steam for 3000 h, as depicted in Figure 6(f), a similar mode of
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failure was observed. Wide cracks were present in the Al(Cr)Fe layer and larger Kirkendal
voids were able to elongate and grow during the creep test at the interface between the coating
and the substrate. In the Al diffusion zone, AIN particles acted as preferential sites for void
formation which then elongate parallel to the loading axis. This seems to have helped the
cracks to propagate horizontally rather than vertically into the Al free substrate. The depth of
the Al diffusion zone decreased from ~65 to ~26 pum in areas away and close to rupture
respectively.

4. Discussion

The measurements reported in this paper show that the presence of the aluminide slurry
coating reduced the creep strength of the batch of T91tested,compared to values for uncoated
T91 found in literature. The loss of mechanical strength was by the coating and the Al
diffusion zone, which were less load bearing than the ferritic-martensitic steel itself. This
effect will only be limited to a small portion of the tube thickness as the diffusion follows a
parabolic law and has been seen to slow down after a certain amount of time in steam (Figure
3). However, there could be issues caused by the formation of cracks in the creeping coating
which could expose unprotected steel to steam oxidation. The failure mechanism of the
coating under a mechanical load was observed to start by the formation of a vertical crack in
the Fe,Als or AI(Cr)Fe layers of the coating because of thermal expansion coefficient
mismatch or the formation of voids caused by the applied stress. These cracks then widen
under the constant load. In parallel, the Al diffusion zone becomes thinner with time.
Kirkendal voids appear because of the fast diffusion of Al into the substrate and under
widening cracks other voids are created because of the mechanical load. However these
vertical cracks do not propagate into the substrate. Instead, large voids appear between
portions of the coating which gradually detach from the substrate by horizontal cracks
travelling beneath the Al diffusion zone.

The presence of the Fe,Als phase on as-received samples could be detrimental to a coating
under mechanical loading at elevated temperatures. The difference of coefficient of thermal
expansion between Fe,Als and Fe(Cr)Al promotes the formation of vertical cracks in the top
surface of the coating which can then easily widen and expose the substrate to the oxidising
environment.

5. Conclusion

The aluminide slurry coating deposited on T91 prevented breakaway oxidation after
5000 hours exposure, thereby showing its protective potential. Creep results showed that
whilst the coated samples entered the tertiary creep zone earlier than the uncoated ones,
cracking and creep of the coating remained confined to the surface of the specimen and that
the ultimate creep rupture time remained within the accepted experimental scatter for this
alloy.
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Abstract

Austenitic steel 22Cr-25NiNb-W-Cu (San25) and twstanitic 25Cr-20NiNbN (DMV 310N and HR3C) steels
are candidates to be used in reheater and superhabing, which are the hottest parts of coaldfipower
generation plants operating at 700/720°C. In thaskvihe microstructural evolution of samples expbsetest
loops for time up to 22,000 hours, as well as isotial laboratory aged samples for temperature eénrdimge
650°C to 750°C, for times up to 10,000 hours, Haaen investigated with the aim to improve the usideding

of microstructure stability under severe servicaditions. The investigations have been performedhim
framework of the ECSC MACPLUS project. They wereriea out by light Microscopy, Scanning Electron
Microscopy (SEM), Transmission Electron Microscq@¥M) equipped with Energy Dispersive Spectroscopy
(EDS) combined with Selected Area Diffraction (SABjardness has been also related to the ageingtionsd
For DMV 310N and HR3C steels, CrNbN nitride (Z p&asCr,Fe o phase, MsCs carbide, Nb(C,N) carbo-
nitride, and CRNi,Si(C,N)carbo-nitride (P phase) phase were likely to besgmeon all the samples that were
aged for long time. For San25 steel the commongshag&re CrNbN nitride (Z phase), Laves (Fe,W,Cgseh
M3Cs carbide, Nb(C,N) carbo-nitride, (Cr,Fe,W)phase, and Cu-rich phase. San25 steel is chassxddyy the
highest precipitate fraction, particularly the séenwith the most severe exposition conditions (€7822,000
hours). The precipitation state evolution combiméth the presence of Cu precipitates in San25 secated
with the highest creep strength and hardness values

Keywords: austenitic stainless steels, power plant, micuostre evolution, precipitation

1. Introduction

The continuous trend in efficiency improving in adeed ultrasupercritical (AUSC) coal-
fired power plants for power generation needs aresse in temperature and pressure of the
critical components, namely boiler and turbine. Taiget is to reach efficiency up to 60%
through an increase of steam temperature up to78@% pressure in the range of 350-375
bar. Advanced austenitic steels have been curreisig in reheater and superheater tubing
which are the hottest part of coalfired power gatien plants, and where
corrosion/oxidation conditions (coupled with cresength requirements) are most severe.
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The design principles for advanced austenitic stee¢ to achieve stable microstructure,
high strength by precipitation strengthening anlditsmn hardening through elements W and
Mo, high corrosion resistance with high Cr cont&iitand N, that can suppress the formation
of sigma phase, are added to reach sufficienttstraicstability and good fabricability.

High temperature strength and high creep ruptwength mainly depend on precipitate
strengthening through fine and uniformly disperpadticles of Nb(C, N) (MX), NbCrN (Z
phase). Addition of copper (about 3% wt) to form ghase has been found to significantly
improve the creep-rupture ductility. Cr carbides;sG4, reduce the grain boundary sliding
and the surface cracks that increase the creepgtitteThe formation and stability of Cr
carbides can be increased by addition of Mo.

Long term microstructural stability depends on msétructure evolution which can occur
under severe service conditions for long times.r€madng of Z phase, evolution of s
towards coarse @Ni,Si(C,N) carbo-nitrides (P phase) and the occurr@iamarses phases
(Cr,Fe,(W)) and Laves (R¢/) can have an important role in degrading creepngth,
ductility and corrosion resistance .

In this work microstructure evolution, in termstardness and evolution of the precipitation
state, of 25Cr-20NiNbN (DMV310N and HR3C) and 2Z5NiINbWCu (San25) austenitic
steels have been investigated after expositioresh lbops as well as laboratory isothermal
ageing treatments. Precipitation state charactesizén terms of size, morphology, location
(grain boundary, within grains) and chemical conipms of main phases: MX, MCs, P , Z
carbo-nitrides, Cu and intemetallic phases Lavedgahas been used for monitoring relevant
modifications which can affect long term microsture stability.

2. Materials and Methods
Austenitic 25Cr-20NiNbN (DMV 310N and HR3C) 22CrNEBVCuNbN (San25) steels have

been used for the investigation. The standard at@nsompositions of the austenitic steel
grades are outlined in Table 1.

grade C Si | Mn| Cr | Ni | W [Nb |[Cu|Co| N
DMV 310N 25Cr 20Ni min | 0.05] 0.30 | 1.0 | 24.0-| 20.8/ 0.60-| 0.4 0.18-
max | 0.07| 0.50 | 1.4| 25.0| 21.5 1.50| 0.5 0.24

HR3C 25Cr 20NiNbN min | 0.04 24.0-17.0 0.20 0.15
max | 0.10| 0.75 | 2.0| 26.0| 23.0 0.60 0.35
San25 22Cr 25NIWCUNbBN* rg""lx 0.2 | 0.5/225-/25.0| 3.6-| 05| 3.0 1.5 0.23

Table 1: Standard chemical composition (wt%, Feaha€) of investigated austenitic steels
(*nominal composition).

Samples from exposed tubes in test loops (COMTES ald ETR) and laboratory
isothermal aged samples (from tube and plate) haea used for microstructural assessment.
Samples from tube and plate products in solubilz@tditions have been also investigated as
reference materials. In laboratory isothermal almgatemperature were in the range
600+750°C for time from 1,000 up to 10,000 houmnssérvice, the exposure temperature was
not constant, but the materials were subjectedtteeanal cycleFor the analysis of results
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the high temperature exposure ranges are gengialiyp, with the associated exposure time:
to explain, for a total exposure time of 32000 Isothe sample was exposed at the highest
temperature range for about 22,000 hours.

Metallographic investigations have been carried @utnot exposed (solution treated) and
aged samples by Light Microscopy (LM) and Hardnd@ssts (H\Vo) have also been
performed. Scanning Electron Microscopy (SEM, SEB=, Transmission Electron
Microscopy (TEM-FEG) equipped with Energy Dispeesi8pectroscopy (EDS) combined
with Selected Area Diffraction (SAD) analysis haween performed to assess precipitation
state evolution. TEM observations were carriedasuthin foils prepared from aged samples.
TEM-EDS analysis on extraction replicas was alsafopmed to estimate chemical
composition and the quantitative assessment of g&aral parameters (size distributions,
mean size) of the second phases..

3. Results
3.1. Microstructure characterization

LM analysis showed an austenitic matrix constitligequiaxed grains. Grain size have been
measured on solution treated, laboratory aged ssngnld exposed tubes. Average grain size
in some exposed tube samples varied from a minimb@6 pm in San25 steel (ETR test
loop at Thax 678°C for service time ~22,000 hours) up tou®® DMV310N steel (COMTES
test loop at 586+612°C ~ 22,000 hours). These rdiffees have been associated to previous
different thermomechanical cycle of the tube/plateducts. As expected for all investigated
austenitic steels, the effect of ageing temperaincetime on grain size is likely to be small in
both isothermal treatment and exposure serviceitonsl.

260 SANICRO 25
DMV310N e® N
240 HR3C [ ]
A

5 220 A A 4
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Figure 1 Hardness, Hy, values in isothermal laboratory aged and exposamtples as
function of Larson Miller (LM) parameter of austgaisteels HR3C; DMV310N; and
Sanicro25

Hardness measurements (HfVhave been performed on as received materialsitigol
treated condition), laboratory isothermal aged dampnd exposed tubes. In Figure 1, the
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hardness values are reported as function of Lar8éitier (LM) parameter: t:
LM=(log+20)T(K)/1000 where t is time and T is temakire (K). In the exposed sample T is
the maximum temperature of the high temperaturesxe range.

Starting from material in the solution treated dtind, hardness increases as LM parameter
is increased. Hardness increase of exposed sansplegher than that of laboratory aged
samples, as particularly evident on San25 steeldidss values measured on San25 exposed
samples, in the range between 220+-264418re higher than those of HR3C and DMV310N,
180+240 H\{, respectively. Hardness values for laboratory agand25 resulted lower than
that measured for test loop samples: this diffezezan be explained considering that exposed
materials are tubes whereas aged samples wereftakeplates.

3.2. Precipitation state

Grain boundaries in all samples after solutionttnegat are particle-free. Coarse spherical
and elongated precipitates with round edges, hasizes from 0.2 up to 2 um were observed
within grains. They were identified as MX, of tyfléb)(C,N). This phase was observed in all

Figure 2 TEM micrograph ofr phase on thin foils. a) DMV310N exposed sample at
590+616°C~ 22,000 hours. b). Sanicro25 exposed faatpinax678°C~ 22,000 hours

In laboratory isothermally aged samples and expdseds grain boundaries (GB) were
continuously surrounded by elongated precipitatéh wound edges and size in the range
100+600 nm. They were identified as GB344s; carbides of type (Cr,Fgls in HR3C and
DMV310N alloys and (Cr,WCs in San25. MsCs carbides having cuboidal, platelike and
spherical morphology were also distributed withmaigs. Coarsening of pCs precipitates
located at grain/twin boundaries and within graires observed in all the investigated alloys
after long term aging. Fine particles of NbCrN idiéss (Z phase) having cuboidal and
platelike morphology were distributed within grainghis nitride was often associated to
(Nb)(C,N). Coarse particles of Z phase, elongatéth vound edges morphology, were also
present. Particles ofo (Cr,Fe) phase particles (wWt% 51 Cr, 36 Fe, 13 Niatelike and
elongated with round edges were observed in DMV3{Bijure 2a). In the case of San25
(Figure 2b) , W enrichment, was analyzedifCr,Fe,W) (wt% 42 Cr, 38 Fe , 10 Ni, 10 W)
phase particles.
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Coarse GNi,Si(C,N) (P phase) and large sharp-edged Laves\(Fphase precipitates have
been found in HR3C (DMV310N) and San25 steels spy (Figure 3).

I .

i.,f‘ & 0
ool
RIS
5.

£

3 a) G : %
Figure 3 TEM micrograph of extraction replica: ajfi,Si(C,N) carbo-nitrides in
DMV310N ( 586+612°C): b) Laves (F#&) in Sanicro25 ( 579+605°C) .

~ 10* : : . o 10* .

E x Experimental é x  Experimental

s | Fit E N Fit

@ &

% ™ % x ‘;;(\

h=d ’&x‘& b= 5

g 3 ¥ s 10° %,

510 LS 5

9 e ] S

© g S, < [} K

2 310NbN 10000h@650°C 2 310NbN 3000h@750°C .

= 2 L L L L \\ A n 3 2 L L L L L i

© 10, 1 2 3 4 5 6 7 0 1% 1 2 3 4 5 6 7
Particle Diameter, um a) Particle Diameter, um b)

Figure 4. Cumulative particle distribution efphase in DMV310N laboratory aged samples:
a) 650°C for 10,000 h b) 750°C for 3,000 h.
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Figure 5. Cumulative particle distribution of phasa San25 laboratory aged sample at
700°C for 10,000 h a) Laves phase b) Z phase

The cumulative size distribution of different pelgis types has been assessed for some

laboratory aged samples. The distributions areditb the exponential functiof:= Ne Kd,|
whereN is the total number of particles per unit aredhe slope of the distribution, antthe
equivalent area diameter of the particles. The exgantal results foo particlesin DMV310N
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and Laves and Z phase in San25 are shown in Figarel 5 respectivelyThe typical chemical
composition of phases in laboratory aged sample3GHahd Sanicro25 are shown in Tables 2
and 3.

Aging t Aging Time (h) Ph Cr Nb Ni Si
ing temp. ing Time ase - - - -
gng P ging CI’min Crmax mein meax NImin N'max SImin S'max
Y4 9 32.2 18.2 70.1 0.9 14.3 0.1 0.2
o 35 43.6 0.1 2.4 8.6 13.7 0.2 0.
M23Cs 11.8 78.2 0 4.6 5 26.1 0 3.7
7 1
50 0000 n 238 | 37.8 0 5.1 246 | 458 | 3.3 7.8
Nb (C,N) 5 30.6 14.4 86.2 0.1] 4.5 0.8 7.7
Cr Nitride 30.6 54 0 0 0 0 0 0
V4 25 31.5 30 63.5 0.9 11.7 0.1 0.8
650 10000 c 38.1 44.6 0.6 2.6 8 18.1 0.5 2.1
M,3Ce 28.7 43.2 0.4 5 10.4 27.4 0.4 3.6
Table 2: Chemical composition (wt%) by SEM-EDSifé¢ient phases in HR3C laborator
aged samples for long holding times.
Aging Temp. Aging Time hours|  Pha: Cr Nb Ni Si W
°C gng i C'Fnin Crmax mein meax Nimin Nimax Simiﬂ Simax Wmin Wmax
As received As received 4 24 29/5 116 605 12 419.0.1 0.1
VA 27.4 31 46.5 57 1.1 5.3 0L of 4 6/2
700 10000 Laves| 16.6| 19.2 0 1.4 4.4 1044 3716 51
Cr,N | 544 | 885 0 2.2 0 14.1 0 0 0 18
z 26.6 28 9.7 63.9 19 229 1p 18
650 10000 Laves| 15.5| 26.8 0.8 2 5 235 0{1 0j1 3p.3 505
CrN 35 60 0.3 7.1 213 233 05 1B 36 b

Table 3: Chemical composition (wt%) of differenaipls in Sanicro25 laboratory aged
samples for long holding times.

In Figure.6 isothermal precipitation diagrams aoeighly drafted for DMV310N and
Sanicro25 steels respectively on the base expet@ha&vidence of phases observed in
laboratory aged samples.

800 — 800
DMV310 e San25
750 - O 750 A
I
700 1 MX Z fine 2
M23C6 g 7007
Z coarse g‘ MX
| Zcoarse [Zgine
650 650 | MuCs  (CraN
600 T 600 T
100 1000 10000 100000 100 1000 10000 100000
Time (hours) Time (hours)
a) b)

Figure 6: Isothermal precipitation diagrams in deea) DMV310N; b) San25.
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Precipitates with high Cu content up to 50-55 (wt¥gving mainly spherical morphology,
size in the class range 20+140 nm and average7sizan, were observed on thin foils of
Sanicro25 samples, within grains and located olo@hsions (Figure 7a, b, ¢). The amount of
Fe, Cr, Ni and W in the average chemical compasitias due to matrix contribution because
of their quite small thickness resulting in a gosptrast. SAD image and computing (Figure
7c) was consistent with the crystal structure (feeetred cubic) and lattice parameter (0.3615
nm ) of Cu element.

e’ 4
¢ (Fe,Cr),W Lavi ~d
e
i e -

b) )
Figure 7 TEM micrograph on thin foil of San25 ex@b$678°C/ ~22,000 hour)s:
a) b) Cu rich particles; ¢) SADp analysis Cu FCC0a3615 nm-, zone axis [0 1 -1]

4, Discussion

In this work laboratory aged and test loop exposetterials have been investigated. In
comparing the results hasto be taken in account that for samples frth test loopsthe
exposure temperature was not constant, but theiedaterere subjected to a thermal cycle.
Microstructural modifications, which can affect gpterm microstructure stability, have been
revealed in the present investigation in spiteheflimited aging time: 22,000 hours.

At the level of macroscopic investigation, all gashowed quite similar hardness variations
with increasing temperature and aging time. Stgriiom material in the as solution treated
condition, hardness increases with increasing Livap&ter due to the intense precipitation
that increases with the ageing conditions.

All the investigated steels shows a very complexlion of precipitate state, according to
literature [1-6], that can be summarised as follow:

« San25 steel, characterised by the presence ofjiatralar precipitates: Laves phase,
Z nitride (Figure 5). Ms:Cs, Nb(C,N), o (Figure 2b) and Cu-rich phase (Figure 6)
were also observed.

e Z, 0, M23Cg, NDb(C,N), are present for different temperatumaeti conditions in
DMV310N and HR3C steels

The comparison of size distributions of the whalecipitate population clearly shows a shift
in the distribution peak towards longer sizes las dgeing temperature is increased. The
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broadest size distributions are observed in Sangicadting a fast formation of particles
below 150 nm (Figure 8). Particles in this sizegamive a significant contribution to the
precipitation hardening and it explains why Sanas $uch a high creep strength.

100

I I
-~ SAN25(605°C)  —DMV 310N (612 °C)

80 HR3C (606 °C) SAN25 (678°C)
—HR3C (678 °C) ~e-SAN25 (540°C)
60 —— DMV 310N (540°C) — HR3C(536°C)

N
o

frequency (%)

N
o

200 300 400 500
mean diameter (nm)

Figure 8 Size distribution of total amount of ppEtates (TEM) of exposed samples at
different Taxtemperatures for long time (~22,000 hours).

The precipitate evolution can be interpreted wiith help of thermodynamic phase diagrams:
The equilibrium phase diagrams of HR3C and San@élstcalculated by JMatPro software
(JMatPro 4.1, Stainless Steels DB) are shown irurgif. Precipitate fractions increase

strongly for temperatures from 600°C up to 750°@jcl have been reached during service
exposure.

Complex precipitation involving many phases is ptdl for San25 steel as well as for
HR3C, as confirmed by experimental analyses. Sighmse is very stable in HR3C with
phase fraction up tov20% (wt%): on the contrary calculated sigma phasetibn is

relatively low in Sanicro steel that is charactedidy a large Laves phase fraction, due to W
content.

HR3C Steel
3.5 20 Sanicro 25 steel
' ” 20 |=—M(CNy
g . r1s S |wen g & :'gzsl(jESE
< 25 s 153 s
5 g |—m2c6 | | g 2oy
S 2
g F10® |- = | 1o 8
& 154 5 -'-’\SAIZG(I\C/I:‘) § 10 = Pl Phase
3 2 © & |- 'sIGMA’
o 14 S] 5
s r5 3 f__@ -5 3
0.5 t\\ B S g
0 T T T ! 0 0
600 800 1000 1200 1400 600 800 1000 1200 1400
temperature (°C) temperature (°C)

Figure 9 Equilibrium phase diagrams of HR3C and Zasteels calculated by JMatPro
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According to [4] the following precipitation sequencan be considered for the investigated
25Cr austenitic steels:

MX — MX+M23C6 — MX+M23C6+Z phase-MX+M23C6+Z phase+Cr3Ni2SiN
For 22Cr San25 steel the following precipitatiogueence can be suggested:
MX — MX+M23C6 — MX+M23C6+Z phase-MX+M23C6+Z phase+Laves

It was observed that Z phase was often formed kgleating and growing on niobium

carbonitrides: this can be explained by considetiieag Nb (C,N), formed at high temperature
during fabrication process, is unstable at the sitjom/ageing temperatures and it's
transformed into stable Z phase nitride.

Coarse precipitates influence the room temperatueehanical properties. The precipitate

status evolution including the presence of Cu pitaties in San25 is associated with the
highest hardness values (Figure 1). The high amofinthe brittle phases is generally

associated with a reduction of ductility that cantlbe cause of failure of austenitic steels used
at high temperature [7-10].

The complex precipitation sequence during ageirggbdeen simulated both for DMV 310N
and San25 using MatCalc and the results of theeptesork have been used for set up of
model parameters [11]. For DMV 310N six differemegpitates MsCs, CiN, c-phase, Z-
phase, P-phase (£i,Si(C,N)) and Nb(C,N) were modelled. Five precigtagpes in San25
M,sCs, Z-phase, Nb(C,N), Laves and.Nrwere covered [12]. The time dependence of the
particle radius and the phase fractions was andly$@e contribution of the different
precipitates to the creep strength has been stiadéeavhere[13]. An accurate prediction of
the total strength could be achieved.

5. Conclusion

The experimental results of this work gave evidemufe relevant microstructural
modifications in austenitic steel after long tempasition up to 22,000 hours.

The precipitation and growtlo phase appeared the most dangerous microstructural
modifications. These phases can affect microstracstability andcause reduction in creep
ductility. San25 steel is characterised by the &sghprecipitate fraction, particularly the
sample with more severe exposition conditiong.{1678°C ~22, 000 hours) exhibited the
highest amount of intragranular precipitates (Laydsase, Z phaseg phase). The
precipitation state evolution combined with the serece of Cu precipitates in San25 is
associated with the highest hardness values.
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INFLUENCE OF NICKEL ON THE MECHANICAL PROPERTIES OF A
CREEP RESISTANT CB2 FLUX CORED WIRE WELD METAL
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Abstract
Within the European COST programs the modified 9Cr-1.5Mo-1Co steel with boron addition designated as
“CB2” has evolved as the most promising candidate for cast components, which are already used for service
temperatures up to 620°C. A matching flux cored wire for welding these cast components has been developed.
Nickel is often added to filler metals to increase the toughness of the weld metal at room temperature. On the
other hand Nickel is reported to be detrimental for long term creep properties of martensitic 9%Cr steels.
This paper discusses the influence of Nickel on the mechanical properties of the weld metal. The results of
tensile tests and impact tests of all-weld metal with different Ni-content are compared and microstructural
investigations were performed. Creep rupture tests of a matching joint at 625°C show differences even after
short times.

Keywords:CB2, Flux Cored Wire

1. Introduction

The modified 9Cr-1.5Mo-1Co cast alloy with additional boron, which was developed during
the European COST programs and designated as “CB2”, is utilized for large cast components
used at steam temperatures up to 620°C [1]. To come up with the demand for a highly
productive welding process a matching filler wire has been developed. Originally the
chemical composition of all-weld metal was close to the chemical composition of the base
material, only the Boron content was reduced to decrease hot cracking susceptibility and to
meet the toughness requirements [2]. To enhance impact energy at ambient temperature a
modified version of the flux cored wire with increased Ni-content was developed. Due to the
fact that Nickel is reported to be detrimental to long term creep properties [3] the high Ni-
content version was highly controversial.

The aim of this paper is to investigate the influence of Nickel on mechanical properties and

creep rupture strength at 625°C and to evaluate the effect of post weld heat treatment (PWHT)
on tensile strength and impact energy.
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The influence of nickel on microstructure and its mechanical properties were investigated.
Two different CB2 flux cored wires with a Ni-content of 0.2 wt% and 0.7 wt%, respectively,
were used to perform welding tests. The chemical composition of all-weld metal is listed in

Table 1.

Table 1: Nominal chemical composition of CB2 flux cored wire all-weld metal [wt%].

C Si Mn | Cr | Mo | Co Ni V | Nb | N B

Low Ni

01(02]09|90)| 15|10 | 02| 0.2 |0.03|0.020.005

High Ni

0170207 |90)| 14|10 |07 | 0.2]0.03|0.020.006

2.1 Welding Procedure of All-Weld Metal Samples

All-weld metal samples were welded according to EN 1SO 15792-1 and tensile samples and
impact samples were produced. The welding parameters are listed in Table 2. PWHT was
varied from 710 °C to 760 °C and from 4 h to 48 h (see Table 3).

Table 2: Welding Parameters for All-Weld Metal Samples.

Shielding Gas Ar+18% CO,, 16 I/min
Wire Feed Rate 13 m/min
Voltage 29V

Current 240 A
Preheating 200 °C
Interpass Temperature 260 °C
Welding Speed 30 cm/min

Heat Input 1.4 kJ/mm

tess 12s

Table 3: PWHT for All-Weld Metal Samples.

4h 8h 12h 24 h 48 h
710 °C X X X
720 °C X X X
730 °C X X X X
740 °C X
760 °C X
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2.2 Matching Joints

As the flux cored wire is used for welding of cast components the influence of nickel on
mechanical properties was also tested on matching joints. Seam preparation and layer
sequence are shown in Figure 1. Welding parameters are listed in Table 4.

300

Figure 1: Seam preparation (left) and layer sequence (right) of CB2 matching joint.

Table 4: Welding Parameters of matching CB2 joints.

first pass intermediate and final
passes

Filler metal Bohler CB 2 Ti-FD
Diameter [mm] 1.2
Wire feeding rate [m/min] 11 13
Voltage [V] 28 29
Current [A] 215 245
Preheating/interpass temp. 250 °C/260 °C
Welding position PA (G1)
Shielding gas Ar+18%CQO,, 16 I/min
PWHT 730 °C/8 h, 730 °C/24 h
Base metal CB2

Cross weld samples as well as longitudinal tensile samples and charpy V-notch samples of the
weld metal were prepared. Cross sections for light optical microscopy and hardness
measurements were taken.

Besides, creep rupture tests with cross weld samples and longitudinal weld metal samples

with PWHT 730 °C/24 h were performed at 625 °C with a load of 120 MPa and 100 MPa,
respectively.
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3. Results and Discussion
3.1 Microstructure and Transformation Temperatures

Table 5 shows the transformation temperatures Ac and Acs measured according to ASTM
A1033-10.

Table 5: Transformation temperatures A¢; and Acz of CB2 flux cored wire weld metals
acc. ASTM A1033-10.

Acy [°C] Acs [°C]
0.2 wt% Ni 817 890
0.7 wt% Ni 785 878

The transformation temperatures were lower in samples with higher Ni-content. That
corresponds to published investigations, that the Mn+Ni-content has a very strong effect on
A, temperature in P91 steel grades [4].

Grain size measurements of the weld metal revealed an average grain size of 50 um in the
annealed regions of the multi-pass weld for 0.2 wt% Nickel and 40 um for 0.7 wt% Nickel,
which coincides to the grain refining effect of Nickel [5].

3.2. Mechanical Properties of All-Weld Metal at Ambient Temperature

3.2.1 Influence of PWHT

Figure 2 shows the influence of PWHT on tensile properties of CB2 flux cored wire weld
metal at ambient temperature. The trend lines show that the yield strength and tensile strength
decrease. With higher Ni-content, yield strength is a little higher while there is no significant
difference in tensile strength.

Tensile Properties of CB2 Flux Cores Wire Weld Metal

900

'Y.S. [MPa] 0.2% Ni  #UTS [MPa] 0.2% Ni
850

S $e OY.S.[MPa] 0.7% Ni #UTS [MPa] 0.7% Ni
800 = *

750

700 -G =

Y.S. UTS [MPa]

o
650 e

600 B e

550

500
20,5 21,0 215 22,0

LMP=T(logt+20)*10-3

Figure 2: Influence of PWHT on tensile properties of CB2 flux cored wire weld metals.
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However, with higher annealing temperature and longer annealing time increasing impact
energy can be observed (see Figure 3). The influence of temperature on the results is more
pronounced than the influence of time. This effect is more significant with higher Ni-content.

Impact Energy of CB2 Flux Cored Wire Weld Metal

70
* N
N =¥ sozwni
60 - ©0.7% Ni
2 50 i ==
o I N
& 40 *t——— ="
il .
g _?,-—' *
S -z *
© +--3 .
20 | ¢
10
0 T :
20,5 21,0 21,5 22,0

LMP=T(logt+20)*10

Figure 3: Influence of PWHT on impact energy of CB2 flux cored wire weld metals.

3.2 Matching Joints

3.2.1 Mechanical Properties

Cross tensile samples and longitudinal samples of the weld metal were tested at ambient
temperature. All cross tensile specimens fractured in the base material. The results of the
longitudinal samples are shown in Figure 4. Yield strength and tensile strength decrease with
longer annealing time and elongation increases. Similar to all-weld metal tests, the yield
strength is slightly higher with higher Ni-content, tensile strength and elongation seem to be
unaffected by the Ni-content.
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Figure 4: Results of longitudinal tensile tests of CB2 Weld Metal
with PWHT 730 °C/8 h (left) and 730 °C/24 h(right).
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Figure 5 shows the A,/T-curves of both weld metals with PWHT of 730 °C/8 h and
730 °C/ 24 h, respectively. With higher Ni-content impact energy at ambient temperature is a
little bit higher and the transition temperature is slightly shifted to lower temperatures, but
above 150 °C the upper shelf level of more than 100 J is reached even with low Ni-content

and short PWHT.
PWHT 730 °C/8h PWHT 730°C/24 h
120 120
*

100 100

ol —_—
= & * = a0

(-4
% 60 & %

= 4
c 4 40
20 * 20

0
-100 -50 0 50 100

temperature [°C]

150 200

-50 0 50

100 200

temperature /°C
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Figure 5: Impact energy of CB2 Weld Metal with PWHT 730°C/8h (left) and 730°C/24h(right).

Figure 6 shows hardness mappings of the matching CB2 joints after PWHT 730 °C/8 h and
730 °C/24 h, respectively. There is no significant difference regarding the Ni-content. With
longer annealing time the hardness of the weld metal slightly decreases, the hardness peak at
the fusion line is reduced and the hardness drop in HAZ seems to be wider.
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Figure 6: Hardness mappings of matching CB2 joints.
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3.2.2 Creep Rupture Tests
Creep rupture tests of cross weld and weld metal samples up to 6,500 h were performed at

625 °C. The results are shown in Figure 7. The fracture location is specified for cross weld
specimens.

#Cross Weld 0.7% Ni

Weld Metal 0.7% Ni

#Cross Weld 0.2% Ni

+Weld Metal 0.2% Ni

CB2 trial melt at 625°C @

Creep Rupture Strength [MPa]

Time [h]
Figure 7: Creep Rupture Tests at 625°C.

Weld metal samples with lower Ni-content achieved longer fracture times compared to the
high Ni samples, but all samples tested at 625°C fractured within the -20% scatterband of the
CB2 trial melt. Figure 8 shows the fracture location of the cross weld samples with lower Ni-
content. The 120 MPa specimen fractured in the base material and the 100 MPa specimen
fractured in HAZ. The 100 MPa cross weld sample with 0.7 % Ni also fractured in the HAZ,
whereas the 120 MPa Sample fractured in the weld metal (see Figure 9). Investigation of
microstructure of the broken specimen revealed no significant differences. However,
calculations with the thermokinetic software MatCalc predicted a slightly different evolution
of precipitates with higher phase fraction of M3Cs and MX particles in the low nickel weld
metal, and lower mean radius of laves phase[6].

F/gure 9: Fracture location of cross we/d specimen 0 7 % Ni: 120 MPa (left), 100 MPa (rlght).
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4. Summary

Tensile tests and charpy-V-notch-tests at ambient temperature were performed with all-weld
metal samples after varied PWHT with 0.2 wt% Ni and 0.7 wt% Ni, respectively.
Furthermore, tensile tests and charpy-V-notch-tests from -50 °C to 160 °C of matching joints
with PWHT of 730 °C/8 h and 730 °C/24 h, respectively, were done. The tensile properties
decreased and the impact energy increased with increased PWHT.

Regarding the Ni-content, the investigation of all-weld metal and matching joint weld tests
confirmed that Nickel increases toughness but decreases creep rupture strength also in a CB2
flux cored wire weld metal.

A detailed analysis reveals that a Ni-content of 0.2 wt% in the flux cored wire weld metal,
which is in the same range as the content of the base material, leads to the following results
compared to a Ni-content of 0.7 wt%:

1) The transition temperatures Aq; and Acs are approximately 30 °C higher with lower Ni-
content.

2) The grain size in the annealed region of the multi-pass weld is larger compared to the
weld metal with higher Ni-content.

3) Yield strength is slightly lower, but tensile strength seems to be unaffected by the Ni-
content.

4) Impact energy at room temperature is a little lower and the transition temperature is
slightly higher, but above 150 °C the upper shelf level of more than 100 J is reached even
with PWHT of 730 °C/8 h.

5) Creep rupture tests up to 6,500 h at 625 °C show that weld metal samples with lower Ni-
content achieved longer times. Cross weld samples fractured in HAZ.

Regarding the importance of long term behaviour at service temperature, the increase of Ni-
content should be considered carefully.
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Abstract

Increasing the efficiency of modern steam power plants requires raising the inlet fluid temperature and pressure.
To fulfill these conditions, the materials of cast, rolled and forged parts such as the case, pipes and rotor, need to
be improved.

Variations within the chemical composition of the material as well as appropriate processing steps are of crucial
importance to meet an optimized microstructure for creep exposure. In this work, the influence of heat treatment
on the microstructure of a MARBN and a modified FB2 steel was investigated. Systematic LOM, SEM and
EBSD investigations were performed in order to characterize the microstructure before and after creep testing.
Comparative creep tests carried out at 650°C show that, by applying appropriate heat treatment, creep rupture
time can be increased by more than 100%.

Keywords: MARBN steels, creep, open die forging, rotor, steam turbine, SEM, EBSD
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1. Introduction

Over the last decades a lot of effort has been performed to improve the creep behavior of
ferritic 9% Cr martensitic steels. Over decades Bohler Edelstahl GmbH & Co KG has been a
premium supplier of forged components for the power generation industry, e.g. discs, centre
shafts, turbine shafts, shaft components and accessories for gas and steam turbines. Within the
European COST framework (1987 — 2008) a lot of knowledge has been created within
materials development such as optimizing chemical composition, grain refinement and
homogeneity of large-scale forgings. Within the Austrian framework of KW50+ the concept,
ideas and the knowledge are passed to the next decade. Development of the material runs
hand-in-hand with increasing efficiency of modern state of the art steam power plants.

To further improve the behavior of high Cr steels, investigation of microstructure evolution
during manufacturing as well as in service is essential. Recent developments over the past 15
years in microstructure characterization of high Cr steels by means of the Electron
Backscatter Diffraction (EBSD) technique mounted with a Scanning Electron Microscope
(SEM) [1], extensively used by [2], [3] permits to analyze the substructure after the y to o’
transformation. One other main development is the software package MatCalc by Kozeschnik
and co workers to describe the evolution of microstructure during heat treatment (HT) and
service [4], [5].

Martensite as a sum of all four hardening mechanism [6] is very complex to understand and to
simulate. The evolution of the four hardening mechanisms is not just time related but also
interdependent. For instance considering one time step if solid solution hardening decreases
(matrix loses alloying elements on regular lattice positions) causing either the formation of
new precipitates or precipitate coarsening (i.e. precipitation hardening in- or decreases) at
areas of high dislocation density which act as the nucleation sites and pathways (mobility

decreases) leads to a strong interaction within each hardening mechanism.

2. Experimental

Two chemical compositions of open die forged 9%Cr steels were supplied by Bohler
Edelstahl GmbH & Co KG, see Table.1.
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Table.1 Chemical composition of investigated steels.
COST C|Mn Cr Mo Co| W| V | Nb N B Fe

T570] FB2-2-LN| 0.16/ 0.31/ 8.81) 1.43| 0.97 0.05 0.2| 0.04| 0.011| 0.015| bal.

T516] NPM1-LN| 0.07| 0.50 8.96 0.05| 2.86 2.95 0.2| 0.05| 0.009| 0.010| bal.

Four different prior austenite grain (PAG) sizes of 50um, 100um, 300um and 700um were
created using 2 different hardening times (30min and 3 hours) at 2 different temperature
levels (1150°C and 1100°C), in order to study their influence on creep behavior. After
hardening, the samples were annealed two times at 700°C for 3h.

Light optical microscopy (LOM) after heat treatment was used to evaluate the PAG sizes. The
software package OIM from EDAX [7] was further used to analyze the microstructure after
phase transformation. After heat treatment (HT), creep samples were machined to a diameter
of 7.07mm and creep exposured with 150MPa at 650°C.

3. Results and Discussion

The PAG size after the HT was analyzed on a polished and etched sample, using the linear
interception method. Two different obtained grain sizes of T570 are shown in Fig. 1.

a.) Té?O with 50um grain size.
Fig. 1 LOM for T570 after etching.

After EBSD measurements, the pole figures (PF) in Fig. 1 were analyzed with a specific
software [7] from a selected area inside one PAG. Overlapping with the calculated PF from
the orientation relationship according to Kurdjumov-Sachs (K-S) for the y to o’
transformation, four different colors highlight the signals from the (4x6) 24 variants of the
four parent austenite {111}y planes (also known as packets), each consisting out of six
separate variants (also known as blocks) separated by high angle grain boundaries [8], [9].

182




10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

The PF in Fig. 2 show that all 24 variants are present within one PAG for T516 and T570.
The light intensity of the variants in Fig. 2 b.) is due to the lager block size in T516 which is
discussed later.

T570 [100],

a.) Pole figure (PF) for T570. b.) Pole figure (PF) for T516.
Fig. 2 obtained K-S relationship for T516 and T570.

As an example, the Inverse Pole Figure (IPF) maps in Fig. 3 is related to the PF for T570 in
Fig. 2 a.) and illustrate the packets 1 - 4 within one PAG. Analysis of their size for
comparison was not a feasible option, therefore the grain boundaries from the IPF were
classified according to their misorientation (MO).
Bae AN 7‘\5&\‘ X0

P

a.) Selecfed area for | PF énalysis b.) IPF map for T570 from the black-framed
corresponding to Fig. 2 a.) and Fig. 3 b.). areain a.).
Fig. 3 IPF maps for T570 as an example for packet analysis.
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Fig. 4 shows comparative IPF maps (section of 300x300px with step size of 0.5um) at the
same PAG size for T570 in Fig. 4 a.), for T516 in Fig. 4 b.). The difference of the block size

is evident.

a.) IPF map for T70.
Fig. 4 Comparative IPF maps for T516 and T570.

The grain boundaries were split according their MO into 3 classes to measure their length and
are shown as a histogram in Fig. 5 a.). Class 5°-15° are sub-grain boundaries, showing slight
differences and will not be further discussed. The misorientation angle (MOA) class between
15°-50° is of small amount and mainly refers to PAG [10]. The class between 50°-65° [10],
[11] mainly refers to high angle block boundaries. It exhibits the highest amount and show a

difference of factor 2 between the two steels.
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Fig. 5 MOA in the as HT condition for T570 and T516 at a PAG size of 300um.

The creep behavior of T516 and T570 is shown in Fig. 6 a.). Comparing the PAG sizes for
T570, it was found that a grain size of 300um leads to the best creep behavior. Specimen
700um T570 ruptured before 300um T570 on a statistical basis of four creep tests for each
condition. LOM observations on the fracture surfaces revealed show an intergranular fracture
mechanism with a creep rupture strain of about 10%. From the creep curves, it can further be
seen, that increasing the PAG size leads to a loss of the creep rupture ductility. Regardless of
the PAG sizes, T570 shows shorter less creep rupture time t, than T516. Comparing a PAG
size of 50um, T516 shows a five times longer t.than T570. T516 specimen with PAG sizes of
100pm, 300pum and 700um are still running.

Fig. 6 b.) displays the log creep rupture strain () on the first- and the log Reduction of Area
(RA) on the second y-axis versus the log PAG size for T570. Regression is carried out for g
of T570, suggesting a power law dependency of g=cy®, where vy is the PAG size, c is a
material constant and a is depending on the PAG size between 50um — 700um. From
regression, the exponent a=-0.428 has been found which is close to -0.5 according to Hall-
Petch.
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By comparing Fig. 6 a.) with b.), it can be seen that the PAG size has the main influence on
the &, (for t,<3,000h). For the RA, regression is not representative because RA approximates

two times asymptotically the minimum and maximum «;.

650°C, 150MPa -0- 50ym 7516 - 300um T516 RN % Creep Rupture Strain T570

- 50pym T570 -+~ 300um T570 LN W ¢ Reduction of Area T570
. - 100ym T516 -0~ 700um T516 ST i — Power law fit
1 -+-100pym T570 _-m- 700um T570 AN \ — Power law Fit Leo
| o . ~ r Peaks Fit Function
| ki N N A 5
N a
& N
o ey
= / < N g
2 5 o < reo §
g : o=cy AN z
z 5 c=169 N 3
§ S . g a=-0.428 > f:
< a 50um<PAGB<700um =
1 o g 8
o0—0—o0G A 5 =2
B e g =
< 40
N
K
01
2 5 9 9 A
5x10 1 2x10 5x10 1 P o0 200 0 000

log time [h] log PAG width [um]

a.) Evolution of creep strain measured during b.) Creep rupture ductility, and RA for
interrupted creep tests at 650°C and 150MPa. different PAG sizes for ruptured specimen of
T516 with 100um, 300um and 700um are T570.

still running.

Fig. 6 creep data comparison between T516 and T570.

Plotting the t, versus the PAG size in Fig. 7 a.) shows that a PAG size of T570 between
200um — 600um leads to the longest t; for T570. No conclusion can be drawn for the T516 as

tests are still running but a similar behavior with much higher t, can be expected.

1010 G TsowPa * time to rupture T570) 2 650°C] |— DMF 347HFG
® tmetorupture TS16| 1 N T e TAF 650°C
‘J?) ——0a i O still running T516 ~=- 9Cr, Abe 2007
—— 5 ~ -~ MarBN, Abe 2007
9 4 ® 1570
5x10° .
A T516 (finished) 50um
PO Bt A T516 (still running)

A z
E 21
g °
S 2x10° e 2
2 — H
= —~—_ 1

1x10° H i ,i, 1

4
200 200 600 5x10% 10° 2x10° 5x10° 10
) log time to rupture [n]
PAG width [uim]

a.) Time to rupture versus PAG width. b.) T570, T516, TAF [12], 9Cr [13] and the

MARBN [14] compared to Austenite DMF
347 HFG [15].
Fig. 7 Creep data comparison between T516 and T570.
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Fig. 7 b.) compares the creep behavior at 650°C and 150MPa of different steels: a fine grained
Austenite DMF 347HFG from [15], the TAF steel [12], [16], a low carbon and nitrogen
optimized martensitic steel 9Cr—3W-3Co-V-Nb—-0.05N [13], one of the latest developments
of NIMS, and the two investigated T570, T516 steels. The comparison shows that T570 has a
lower creep rupture strength of the classical MARBN steel of [14]. However, T516 reaches
the DMF 347HFG at each PAG size, outperforming all other 9%Cr steels.

4. Summary and Conclusion

Two chemical compositions of MARBN steel from Bohler Edelstahl, namely T570 and T516
were heat treated with variations on the hardening time and temperature, producing four
different PAG sizes. After the hardening, the samples were tempered two times at 700°C for
3h. The microstructure of T516 and T570 specimens was systematically analyzed with EBSD
before creep exposure at 650°C and 150MPa.

The results show that:

i.) T516 exhibits a lower grain boundary length, corresponding to lager block sizes than
T570 which is mainly responsible for the improved creep rupture time.

ii.) Creep rupture strain mainly depends on the PAG size (measured for t.<3,000h),
following a Hall-Petch type relationship.

iii.) Creep rupture time t. increases with increasing PAG size, with the maximum between
200pum<PAG size<600um for steel T570.

iv.) The MARBN steel T516 outperforms most comparable steels in the literature at each
PAG size in the uniaxial creep test at 650°C and 150MPa.

v.) T516 shows better creep rupture time at 650°C and 150MPa than the austenitic alloy
DMV 347HFG, used for boilers.

T516 shows very promising results when compared to other creep resistant 9% Cr MARBN
steels. Further creep tests at different temperatures and stress levels are needed to confirm the

outstanding behavior.

Acknowledgement: The author thanks for the financial support of the Austrian Research
Promotion Agency (FFG) and Bohler GmbH & Co KG.
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Abstract

The cast steel GX13CrMoCoVNbNB10-1-1 (CB2) developed in the European COST Projects shows the most
promising properties for operating temperatures up to 620°C. Matching flux cored wires, mainly rutile with
additional basic slag forming components, for welding this creep resistant steel, have been developed, too. Not
only the creep properties but also the mechanical properties like impact toughness and tensile strength are of
great importance for the qualification and application of the material in thermal power plants. These mechanical
properties are in a close relationship to microstructural parameters like precipitates, dislocations or voids. Two
different nickel content variants of the weld metal and two different post weld heat treatments have been
investigated with regard to their impact on mechanical properties and microstructure. Results are presented in the

paper.
Keywords: CB2 weld metal, flux-cored-wire, creep resistant steel, toughness, strength
1. Introduction

There is a large growth in the worldwide electricity demand and fossil energy is predicted to
be one of the most important sources for power generation [1]. The ‘International Energy
Agency’ has published in the “World Energy Outlook 2013’ different forecasts, how the
energy demand in the next 20 years will develop — they are shown in Figure 1. It takes into
account only policies enacted as of mid-2013. The ‘New Policies Scenario’ takes account of
existing policies and declared policy intentions; and the ‘450 Scenario’ shows an energy
pathway compatible with a 50% chance of limiting the long-term increase in average global
temperature to 2°C.

The report shows further that the transition away from fossil fuels will take considerable time

to achieve [1]. Until then a proper improvement of efficiencies in fossil fuel power plants is
not only to cover economical interest, but should also decrease the emissions of CO,.
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Figure 1 : World primary energy demand and related CO, emissions by different scenario [1]

The power generation industry is in charge to take materials which allow higher steam
temperature and pressure, to reach these aims. Through improvements in the group of the 9%
Cr steels during the COST project [2], steam temperatures up to 620°C in the family of creep
resistant steels, are nowadays states of the art.

For the production of heavy castings for power stations, welding processes are an important
part of the manufacturing procedure. A rutile, matching CB2 flux-cored wire was developed
for this purpose. It has to reach the excellent creep properties of the cast base material where
among other microstructural features a large PAG (prior austenite grain size) assures the creep
resistance. The weld metal of the flux cored wire and its creep properties in ‘short- and
midterm tests” have been investigated. Results considering a variation of the nickel content
are published in welding in the world [3].

The focus of this contribution is the simulation of microstructure and on first attempts of
modelling mechanical properties based on experimental data. A varying Ni-content is taken
into account as well as the development of the microstructure of the weld metals. Tensile tests
at room temperature and impact toughness tests in a broad temperature range for this
martensitic 9% Cr weld metals have been carried out, because sufficient impact toughness
must be achieved for material qualification processes.

2. Material
2.1. Chemical Composition

Mechanical properties tests of the base material CB2 and of two filler metal compositions
with different nickel contents have been carried out. The chemical composition of a CB2 trial
melt has been taken from the PhD Thesis Schaffernak [4] and is listed in the first line of Table
1. The nominal chemical composition of the weld metals are listed in lines two and three of
the same table [3]. The nickel content of the weld metal was varied to investigate its influence
on the mechanical properties with focus on the Charpy-V-impact toughness.
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Material C Mn | Cr | Mo Si Ti Ni Nb N \Y Co B

CB2 0.12 | 0.88 | 9.20 | 1.49 | 0.20 | 0.002 | 0.17 | 0.06 | 0.02 | 0.21 | 0.98 | 0.011

WM 1 0.10|0.90 | 9.0 | 150|020 | 0.03 | 0.2 | 0.03|0.02| 0.2 | 1.0 | 0.005

WM 2 0.10 | 0.70 | 9.0 | 1.40 | 020 | 0.03 | 0.7 | 0.03 |0.02 | 0.2 | 1.0 | 0.006

Table 1 : Chemical composition of the CB2 base metal and the nominal chemical composition
of two different weld materials, all values in wt%

2.2. Welding Procedure

CB2 base metal plates of 20 mm thickness with U shaped weld preparation were filled with
two different CB2 flux-cored-wires by multilayer welding. The new formed weld metals
thereby were produced as joining weld (neglecting a root pass). The used welding parameters
are given in [5].

Samples were taken in ‘as welded’ condition and after post weld heat treatment of 730 C/8h
and 730°C/24h, respectively. The sample grid is shown in Figure 2.

Figure 2 : Schematic view of welded plate with sample grid.

The Gleeble tests for simulating the heat affected zone (HAZ) and for studying the influence
of welding parameters on the mechanical properties of HAZ were conducted in the frame of
the diploma thesis of Sari¢ [6].

3. Experiments and Results

All tests performed on the two weld metals and on base metal are shown in Table 2. To avoid
confusion, the Gleeble-simulated HAZ tests are not listed in this table.

Microscopic investigations and MatCalc simulations of the BM in different creep conditions

have been done by Ramskogler [7]. Comparisons between BM, HAZ and WML of the crept
samples are already published [8].
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PWHT short PWHT long Crept samples

Material “aswelded” | Jon0c/gny | (730°C/24h) | (625°C/~6500h)

CB2 Base metal Mech. tests, LOM, SEM, MatCalc LOM, SEM, EDX,

(BM) MatCalc [7]
Weld metal 1 LOM, SEM, EDX,
Weld metal 2 Mech. tests, LOM, SEM, TEM, MatCalc TEM, MatCalc

Table 2 : Test matrix of base metal and the two weld metals under different treatment
conditions. LOM...light optical microscopy, SEM...scanning electron microscopy, EDX...
energy dispersive X-ray spectroscopy, TEM... transmission electron microscopy;
MatCalc [9]...numerical precipitation simulations

The focus for the next pages is to compare the two different weld metals in two different
PWHT states.

3.1. Mechanical tests

In general, the ‘as welded state’ is not comparable to the ‘finished’ heat treated material or the
base material in regard to the mechanical testing, because the fresh martensitic structures
without any tempered regions are extremely hard and brittle. For that reasons, weld metal
without treatment, for creep resistant steels, cannot be used in industrial applications.

3.1.1. Tensile Tests

A comparison of the two weld metals with base metal after PWHT is depicted in Figure 3.
Just three measurements of the BM are compared; the two with the shorter fracture elongation
were measured after a long PWHT and that one with the highest strength were measured after
a short PWHT.
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Figure 3 : Tensile strength (TS) and yield strength (YS) on y-axis of base metal and weld
metals, in relation to their elongation to rupture values on x-axis

Weld metals with short treatment show less fracture elongation and have higher strength

values compared to weld metals with longer PWHT. The tested base metal has the lowest
fracture elongation as well as the lowest strength level. Exception is the base metal sample
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with short treatment. Here, the tensile strength and the yield strength are on the same level as
on sample WM1-long and the fracture elongation is even higher, as it is on short treated weld
metal samples. The differences in fracture elongation between the two weld metals are rather
small, but a longer treatment shifts the fracture elongation - systematically to higher values.

3.1.2. Toughness tests

Toughness was mainly measured by using the Charpy-V-impact-test procedure. The used
testing apparatus (300J max energy) is instrumented. Instrumentation details: In the hammer
fin inside, resistance strain gauges (RSG) are implicated. The received signal is forwarded
into the bridge circuit of a transient recorder with a measuring rate of 1MS/s
(MegaSamples/second), transformed into a load value and recorded. Displacement
measurement is positioned directly under the sample position and carried out through an eddy
current sensor; these data are also recorded from the transient recorder.

Charpy-V-tests have been done for a broad range of testing temperatures, because it’s well
known, that the martensitic-ferritic bcc (body-centred-cubic) structure has a distinct transition
region. This means that the amount of energy, the material can absorb and convert into plastic
deformation before it breaks, is much lower at low temperatures. In Figure 4 (left), four
measured Charpy-V-test series from -50°C to +160°C and their approximated sigmoidal
shaped curves [10] are shown. Weld metals 1 and 2 in the two different post weld heat
treatment conditions (short and long) are compared.

As expected, the highest impact values and the lowest transition temperatures are reached
with a longer post weld heat treatment (PWHT). Additionally, it can be seen, that in all two
PWHT cases, the higher Ni-variant (WM2) reveals higher impact values and lower transition
temperatures compared to WML,
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Figure 4 : (Left): Impact toughness values of WM1 (weld metal 1) with low nickel content and
WM2 (weld metal 2) with high nickel content and two different PWHT conditions (8h/730°C —
short; 24h/730°C — long) are compared over a temperature range from -50°C to 160°C.
(Right): One instrumented measurement at RT with 41J, evaluated acc. [11]

The toughness improving nature of nickel is well known [10]; one possible reason for this
effect is the grain and structure fining behaviour of this element. Grain size measurements of
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the normalized regions of the weld metals, show a difference of 25% between the weld
metals; WML is coarser than WM2. The finer the grain is, the higher the toughness rises.

During all Charpy-V tests, load-displacement curves have been recorded and evaluated — see
Figure 4 (right). Evaluation of characteristic forces was carried out according EN I1SO 14556
[11]. So, more information about fracture behaviour than in a regular Charpy-V test can be
obtained [12]. The integral under the curve represents also the absorbed energy. Additionally,
a relation to the crack initiation and crack arrest can be drawn [13].

In weld metals with long heat treatment, fracture toughness tests with single-edge bend (SEB)
samples according ASTM E 1820-08 [14] have been carried out. These results are already
presented [15].

3.2. Metallography

In addition to light optical microscopy (LOM) also different electron microscopy
investigations have been done. Several pictures of LOM are published in [3]. Under the light
microscope no significant differences can be found related to nickel content or PWHT.

3.2.1. Scanning electron microscopy (SEM), energy dispersive X-ray spectroscopy (EDX)

On the one hand, polished and etched microsections have been investigated and on the other
hand, fracture surfaces of broken Charpy-V-samples were studied in detail under the scanning
electron microscope. The most ductile and tough specimen (test at 160°C sample temperature)
of both weld metals are depicted in Figure 5 and Figure 6.

- % vi e e T
Figure 5 : Fracture Surface of WM1-short tested at 160°C with SEM studies of the very
ductile fracture and an EDX scan of a representative particle, Charpy-V-toughness: 105 J

..;%'

h SEM studies of the very
ductile fracture and an EDX scan of a representative particle; Charpy-V-toughness: 106 J

Figure 6 : Fracture Surface of WM2-short tested at 160°C wit

All samples tested at high temperatures, show a ductile fracture with macroscopic shear lips
and dimples on the fracture surface. In these dimples particles or inclusions can be seen. EDX
spectroscopy revealed that they are mostly oxides with background iron signals. SiO; as well
as mixed oxides with Mn, Si and Ti [16] were found in the fracture dimples.
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3.2.2. Transmission electron microscopy (TEM),

The TEM investigations have been carried out with the energy filtered (EFTEM) method.
Additionally, EDX and EELS investigations were performed for characterisation of
precipitates. Some EFTEM images of the ‘as welded” WM are depicted in Figure 7.
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Flgure 7 EFTEM Images of WMl |n the as welded condition W|th Cr-carbides

First image is of elastic scattered electrons. With the possibility to filter the energy-
wavelength the different elements can be distinguished. The matrix consists of iron — this can
be seen on the bright ‘iron-image’. The precipitates are Cr-carbides, as it can be seen on the
chromium and carbon image. In this contribution, just the as welded condition is shown,
because the work is still in progress.

3.3. Simulation

The precipitate evolution can be simulated with the thermo-kinetic software MatCalc [9]. The
used CALPHAD based thermo-dynamic databases for equilibriums and kinetic simulations
are a development ‘prebeta’ product from the MatCalc team [17] at the Technical University
Vienna. Calculation results are discussed and compared with experimental findings in the
next section.

4. Discussion and Comparison
4.1.1. Microstructure WM1 simulated and TEM investigated after welding

The precipitation evolution simulation of the welding process of WML is depicted in Figure 8
and compared with the evaluated TEM measurements.
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Figure 8 : Precipitation 5|mulat|on of multilayer welding, WM1 with comparison of the
measured Cr-carbide values (red triangles), concerning the phase fraction and the mean
radius of precipitates
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The calculation underestimates the phase fraction a bit, or the measured and evaluated TEM
data overestimate the Cr-carbide phase fraction, because only very small regions are
investigated using TEM, questioning the statistical significance. The mean radius is in a good
correlation. Experimentally a mean radius of 18.5 nm was measured whereas the calculated
value of My3Cs is 23 nm. After welding simulation, most of the precipitates are carbides
(M23Cs, M7C3 and cementite), just a small amount of boron-nitrides reveals.

4.1.2. Microstructure WM1 and WM2 after PWHT

After PWHT, the cementite has dissolved completely but the M;C3 carbides are still stable.
The M3Cq carbides grow during heat treatment in quantity (from 0.04 to 0.54 — WM1) and in
extension (from 23nm to 384 nm — WM1), as it can be seen in Table 3.

Phase fraction /% | MyCs | MiCs BN NbC VN ('}Q?H t';()
WML 0.54 178 0.04 0.01 0.00 97.62
WM2 146 0.63 0.07 0.00 0.00 97.84

Mean radius /nm
WM 384 196 121 179 0
WM2 319 160 195 163 0

Table 3 : Comparison of phase composition and mean radius of precipitates of the two weld
metals after long PWHT

There are differences between the two weld metals in forming and developing carbides. The
MX precipitates have small quantities; they grow and coarsen slowly in both weld metals. BN
is neither large nor in great quantities, in both metals, but it has a tendency to coarsen fast. In
simulation BN arise in small quantities, but the ongoing experimental investigations show no
indication for boron nitrides in these weld metals at all.

5. Conclusion

Based on the observations presented in this contribution, the following conclusions can be
drawn:

5.1.1. Strength and fracture elongation
Weld metals with short PWHT have higher strength values and less fracture elongation
compared to weld metals with longer PWHT.

5.1.2. Toughness

e Highest impact values and lowest transition temperatures are reached with a longer
PWHT. Also a higher Ni-content (WM2) reveals higher impact values and lower
transition temperatures, compared to the lower Ni-content (WM1).

e The finer the grain size of the matrix is, the higher the toughness rises.

e Experimental values of regular and instrumented Charpy-V-tests have been evaluated,
some connections with the microstructural behaviour has been shown, e.g.dimples with
inclusions in ductile fracture surfaces.
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5.1.3. Microstructure
In the ‘as welded’ state of WM1, EFTEM investigations revealed a dominance of Cr-carbides.
Numerical precipitate simulations executed with MatCalc, confirmed this development.

6.

7.

Outlook

The relation between precipitate-status and yield strength, based on precipitation
strengthening and solid solution strengthening, is well known and discussed in literature
[18, 19]. So in a next step, with trustworthy simulations, some strength parameters can be
derived in this ongoing work.

Through known damage and toughness models from literature [20-22] and new
approaches, connections between microstructural parameters as precipitates, inclusions
and dislocations will be drawn and a prediction of the toughness should be enabled.
Microstructural precipitate considerations will not sufficiently describe the material in
view to toughness considerations. Here, in a ‘next’ approach, other parameters as
dislocations must be taken into account.
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Abstract

In order to investigate a possibility of improverheanlong-term creep strength of high Cr steel rétwgings by
means of higher temperature tempering treatmeagpcrupture tests and microstructural investigatisere
performed with specimens taken from a COST type, “"€12CrMoWVNbN 10-1-1, material large forging
subjected to normalizing and tempering heat treatsevith final tempering at 690 °C with and without
additional tempering at 730 °C. Creep rupture gfferof the specimens subjected to the additiomapting
heat treatment is lower than that of the sampléisowt the additional tempering over the stresseam@mined.

As the results of microstructural investigations|l-ike structures considered to be caused by nessyin
recovery of tempered martensitic microstructure ve@peared prominently in the steel subjected to the
additional tempering in comparison with the steéheut the additional tempering. Microstructuralotion
during creep exposure and corresponding creep mafwn behaviour is influenced by such differentges
initial microstructure in the as heat treated ctiadi Regarding precipitates, number density gXN\particles
was reduced by the additional tempering in conttashcrease in that of VX particles, and the sifeboth
precipitates was increased with the additional ®nmg. Formation of Z-phase was recognized afteegr
exposure about 10,000 h at 600 °C in the specinsegected to the additional tempering whereas the
precipitation was not found after creep exposureafoout 28,000 h at 600 °C in the materials withthet
additional tempering. Formation and growth of Zghés also considered to be influenced by suclerdiffce in
proportion of the precipitates in the as heat &@abndition.

Keywords: 9-12%Cr steels; turbine rotors; forgingsat treatment; microstructure
1. Introduction

High chromium steel rotor forgings are very impattaomponents relevant to stable service
as well as thermal and electric power generatifigieficy in fossil fuel power plants. A lot
of research activities on alloy design of thoseelstehas been conducting for further
improvements in creep strength, with the aim ofucdtg CQ emissions and fuel
consumption [1,2]. While manufacturing process,tipalarly heat treatment conditions
control the microstructure of those materials, ménsdess influences of the processes on
microstructure and creep strength are still uncleathe case of 12Cr steel boiler materials,
Iseda et al. reported that a higher temperaturgeemny treatment suppresses remarkable
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deterioration of microstructure during creep expesuhereby improving long-term creep
strength [3]. Based on the results, the presenkwgintended to investigate a possibility of
improvement in long-term creep strength of highs€@el rotor forgings by means of higher
temperature tempering conditions. We have examineep rupture tests and microstructural
evolution with the specimens taken from a COST tifpe X12CrMoWVNbN 10-1-1 steel
large trial forging manufactured through the pracssnilar to the products. Those samples
were subjected to various additional tempering hesdatments for our study. This paper
describes the results of those investigations aisduslsion on the effects of higher
temperature tempering conditions on creep streagthmicrostructural change during creep
exposure.

2. Experimental procedures

A trial rotor forging for investigations was maderh an ingot with the weight of 69.5 metric
ton [4]. Specimens examined were taken from théecgosition of the forging barrel having
1290 mm in diameter after quality heat treatme@Gtsemical composition of the samples is
shown in Table 1. In the quality heat treatmentcpss, the forging was solution treated at
1090 °C and quenched in oil followed by double termy at 570 °C and 685 °C. After
sampling and primary mechanical tests, final teiimgehneat treatment at 690 °C was decided
to adjust the target 0.2% vyield stress of about WBta. Additional tempering treatment at
730 °C was done to investigate a possibility of iayement in creep strength by means of
higher temperature tempering treatment. Materiaddsts were subjected to these two type
further tempering conditions, one consists of fitgahpering heat treatment at 690 °C (steel
FT), and the another is composed of the final taingdreatment followed by the additional
tempering at 730 °C (steel AT). Those heat treatrogcles for the specimens including the
quality heat treatments for the trial rotor forgiage shown in Figure 1. Tensile properties of
the materials tested after those tempering heatinients are summarized in Table 2.

Table 1: Chemical composition of materials studi@dass %)
C | Si | Mn P S Ni Cr [ Mo | W | V | Nb N
0.13 | 0.07 | 0.44 | 0.009 | 0.001 | 0.78 | 10.52 | 1.07 | 1.03 | 0.20 | 0.052 | 0.054

Further tempering
Final Tempering | Additional Tempering
1090 °C TFT:690 °C TAT:73O °C

Ter Tar
\ m ﬂc
|<7 Quality heat treatment —>| |<— Further tempering

(Shop furnace) (Labolatory furnace)

Figure 1: Heat treatment cycles of specimens exathin
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Dimension of creep test specimen is 5.5 mm — 7.limdiameter and 25 mm in gage length,
the testing temperature is 600 °C. Microstructwhéervation was performed by optical

microscope, transmission electron microscope (TEMY scanning electron microscope
(SEM) equipped with electron back scattered diffeac (EBSD) system. Analyses of

precipitates with carbon extracted replicas wer@n@red by scanning transmission electron
microscope (STEM) with energy dispersion X-ray (B@Xalyzer.

Table 2 : Results of tensile tests on materialsreénad.

Steel Testing 0.02%YS | 0.2%YS TS El RA
temperature (MPa) (MPa) (MPa) (%) (%)

FT RT 650 744 870 19 57
600 °C 292 368 451 25 81

AT RT 474 535 712 29 69
600 °C 221 274 346 32 88

3. Results and discussion
3.1 Creep strength of the steels

Figure 2 provides a comparison of creep rupturength and rupture ductility on the both
steels. Change in slope of the stress versus timgoture curve to be steeper in the long-term
is observed on both steels, and that is observddgaer stress level for the steel FT in
accordance with the difference in 0.2% yield stiefsthe steels, while the difference in creep
rupture strength is reduced with decrease in apglieess. Ductility of the steel AT is higher
than that of the steel FT and the difference alscrehses with increase in creep exposure
time, though remarkable drop in ductility obseniachigh Cr steel boiler materials is not
recognized for the both steels.
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Figure 2 : Comparison in creep strength and creepture ductility between steel FT and AT.
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3.2. Microstructure after heat treatments

Figure 3 demonstrates the optical micrographs efstiecimens after the final tempering with
and without the additional tempering heat treatmefiempered martensitic structures are
observed and no delta and proeutectoid ferritoismd on them. Prior austenite grain size
numbers are 1.9 for both steels according to theM\$nethod. TEM images of thin foils
after the final tempering with and without addi@rtempering heat treatments are shown in
Figure 4. Fine martensitic lath structures contagniigh density and uniformly distributed
dislocations are recognized in the steel FT, wbiarsened lath, partially cell-like sub-grain
structures and lower dislocation density due tdhéigemperature tempering treatments are
found on the steel AT. There are large oval shafiedoundary particles about 50 to 200 hm
in diameter.

@ 5

A

i SRR R JaGeea >
Figure 3 : Optical micrographs of specimens aftaaftempering treatment in steel FT (a)
and additional tempering treatment in steel AT (b).

| P L

Figure 4: TEM bright field images of thin foils aftfinal témpering treatment in steel FT (a)
and additional tempering treatment in steel AT (b).

Figure 5 displays the bright field images and cositgoelemental maps of extracted replicas
after the final tempering with and without the dabdial tempering heat treatments. The
composite maps are obtained from the elemental rfoapSr, V and Nb, thereby indicating
(Fe,Cr}3Cs in red color, (Cr, V)X pink, NbX green and VX blue as shown in Figur@oband
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(d). There are a lot of p4Cs particles, a few WX and vanadium rich VX precipitates and no
fine niobium rich NbX on both steels. Table 3 isyspary of average diameter of these
particles and number ratio of VX toJM observed on the replicas. Sizes of;®% are almost
same for both steels, whereas those g dnd VX in the steel FT are smaller in comparison
with the steel AT. In addition, number fraction\8X to M.X in the steel AT is higher than
that in the steel FT, and additional tempering terafure has an influence on the
precipitation behaviour. These microstructural Btigations results in that the additional
tempering at 730 °C promotes progression of maitterath recovery, precipitation of VX
and coarsening of pX.

9). "; s ? (b) A.- ’ kﬁ
R > ) - A e “13

$. .

Figure 5 : TEM bright field images and elementalpmavith extract replicas after final
tempering treatment in steel FT (a), (¢) and addisil tempering treatment in steel AT (b),

(d).

Table 3 : Summary of average diameter of partieled number ratio of VX to M observed
on the replicas after additional tempering heagtraents.

Steel Average diameter (nm) Number ratio
M,3Cq M,X VX Nyx/(Nvx+Nwzx)
FT 197 58 38 0.24
AT 194 86 51 0.64

3.3. Microstructure after creep exposure
Figure 6 shows TEM images of the thin foils aftexep rupture. Martensitic laths widths and

cell-like sub-grain sizes increase and dislocatiensities gradually decrease with increase in
creep exposure time for both steels. Figure 7 detnates preferential recovery of the lath
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structure observed in the specimens creep-rupfiarethe both steels. Coarsened sub-grains
with the width of about Zum are found in the sub-micro size martensitic lstifucture as
indicated with arrows in Figure 7, and the marténdiath recovery, hence, progresses
accompanying the preferential recovery with incegascreep exposure time.

Steel AT, t, =11,900h Steel AT, t, =29,500h
Figure 6 : TEM bright field images of thin foilstef creep rupture for both steels.

Figure 7 : Preferential recovery of lath structuresspecimens creep ruptured at 43,300 h on
steel FT (a) and at 29,500 h on steel AT (b).
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We performed the microstructural observations VEBSD mounted on SEM to investigate
the behaviour of lath structure recovery in thgédaareas. Figure 8 shows boundary maps on
the specimens after creep rupture under the apptieds conditions of 120 MPa for both
steels. A line in white and that in yellow indicale boundary with lower angle ranging from
0.5° to 5° and higher angle 5° or more, respedtjvislereby describing an area with dense
white lines as a region having fine martensitib Isiructures and black areas with low density
white lines as a region where martensitic lath vecp progressed. Fraction of black area
extended towards interior of prior austenite gramshe steel AT is higher than that in the
steel FT. In addition, there are some black areasrevpreferential recovery seems to exist
near the prior austenite grain boundaries and ithoption of those black regions in the steel
AT is also larger than that in the steel FT. Recpwd martensitic lath structure, therefore, is
encouraged under the influence of initial microstwe in the as heat treated condition.

Figure 8 : Boundary maps after creierpweixposrmre B?B@Oh in steel FT (a) and for 29,500 h
in steel AT (b).

Figures 9 and 10 show TEM bright field images alanental maps of the extract replicas
after creep rupture for the both steels. Elememtaps of Fe and W are overlaid on the
composite maps, thereby Laves phase is indicateddilpw. Laves phase are already
detected in the specimens ruptured after abou01h0fdr both steels. BX particles in pink
still exist at 43,300 h and 29,500 h for steel Fill &T, respectively, and the size of the
particles gradually increases up to approximat& 8m in average diameter in the case of
the steel FT. Number density of VX precipitatesblue seems to increase with creep
exposure time for both steels, but some of themparécles in pale blue as indicated with
arrows in Figures 9 (c), 9 (d) and 10 (d). Thoseiglas have been identified as Z-phase by
comparing the amount ratios of Nb, V and Cr obtingh EDX analyses. Formation of Z-
phase is recognized on the specimen creep rupairgdl, 900 h of the steel AT. Although Z-
phase is found on the specimen creep ruptured 48800 h of the steel FT, it is not
observed on the specimen creep ruptured after @8BE0Figure 11 displays the ternary
diagram of MX, VX and Z-phase detected on the specimens afespcrupture under the
applied stress condition of 140 MPa for both steBlistinction in chemical composition
between Z-phase and VX is obvious as shown infitpise, and the composition of Z-phase
in the present work is almost similar to that iaZCr steels boiler materials [5]. Sawada et al.
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have reported that a lower temperature temperiegtrirent provides precipitation of Xl
particles instead of VX and presence of thosgXMetard Z-phase formation, thereby
improving the creep strength in the case of Gralddler materials [6]. It is confirmed in
this microstructural investigation that precipitatiof Z-phase in the specimens subjected to
the higher temperature additional tempering hegtttnent is faster than that in the materials
without the additional tempering one whereag<Ndarticles still exist during long-term creep
exposure for both steels. In addition, there igssibility of that Z-phase formation behaviour
having some relevance to preferential recovery aftemsitic lath structures in the vicinity of
the prior austenite grain boundaries since fractibarea where preferential recovery occurs
near the prior austenite grain boundaries in tleelsAT which Z-phase appears earlier is
larger in comparison with the steel FT as showhigure 8. It also corresponds to the case of
9Cr-1Mo steel [7]. In the present study, the termgetemperature has influences on initial
microstructure, progress in recovery during cregmosure and Z-phase formation, therefore,
it has been concluded that higher temperature téngpes detrimental to the creep strength
up to 40,000 h at 600 °C from a viewpoint of mitrostural stability. Further long-term
creep rupture data and detailed investigations @rostructure, however, are required to
evaluate the efficacy of high temperature tempetiegtments in the practical operating
condition.

t, =28,500h t =43,300h
Figure 9 : TEM bright field images and elementalpnaf specimens ruptured at 28,500h in
(@), (c) and at 43,300 h (b), (d) in steel FT.
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t, =11,900h t- =29,500h
Figure 10 ;TEM bright field images and elemental maps of spens ruptured at 11,900h in
(), (c) and at 29,500 h (b), (d) in steel AT.

FT VX

FT M,X

AT VX

AT Z-phase

»>e OO0
o

Open: steel FT, tr=28,500h
Solid: steel AT, tr=11,900h  4q

Nb (mass%) o A Cr (mass%)

80

0 20 40 60 80 100
Nb V (mass%) \Y
Figure 11 : Ternary diagram of precipitates foumdsipecimens creep ruptured at 28,500 h
on steel FT and at 11,900 h on steel AT.

4, Conclusions

Creep rupture tests and microstructural investigativere performed with specimens taken
from a COST type “E”, X12CrMoWVNbN 10-1-1, materiédrge forging subjected to
normalizing and tempering heat treatments contgiffiimal tempering at 690 °C with and
without additional tempering at 730 °C. The resalitained are as follows.
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» The creep rupture strength of the specimens swéjettt the additional tempering heat
treatment is lower than that of the samples withing additional tempering over the
applied stress range from 160 to 120 MPa, whiledifference diminishes with increase in
time.

» Fine martensitic lath structures containing higimsiy dislocations are observed on the
specimens without the additional tempering treatinwhile coarsened lath, partially cell-
like sub-grain structures with lower dislocatiomdity are found on the samples with the
additional tempering. Number density of X/ particles is reduced by the additional
tempering treatment in contrast to increase inah&tX precipitates.

» Martensitic lath recovery progresses accompanyliegpreferential recovery during creep
exposure for both materials and is promoted byrifleence of initial microstructure in the
as heat treated condition. Higher temperature temgpéreatment hastens formation of Z-
phase due to presence of VX. which has some retevanpreferential recovery martensitic
lath structures.

» Tempering temperature has influences on initiarosittucture, progress in recovery during
creep exposure and precipitation of Z-phase, thezeft has been concluded that higher
temperature tempering is detrimental to the créegngth up to about 40,000 h at 600 °C
from a viewpoint of microstructural stability.
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Abstract

The current status of the application of small scale sampling and impression creep testing to material
characterization at the University of Nottingham, Forschungszentrum Julich and the VTT Technical Research
Centre of Finland is reviewed. Most of the practical experience gained to date at these has been obtained on two
particular paths: Acquisition of data from in-service materials (Nottingham / VTT: %CrMoV, grade 91 /
2.25Cr1Mo, grade 91) and data obtained from novel (mostly small quantity) trial alloys (Forschungszentrum
Jilich, IEK-2: Crofer® 22 H and trial steels from Crofer® 22 H development).

Keywords: Impression creep testing, equipment, ex-service and experimental alloys, ceramic
loading set-up

1. Introduction

At Nottingham University impression creep testing (ICT) focused on %2CrMoV steel, which is
widely used for steam pipework systems on the UK’s coal-fired power stations. Because some
systems have operated well beyond their design life failure of the parent material must be
taken into account. Small scale sampling and impression creep testing allows for comparisons
to be made between the creep strength distributions of different stations and different
components. The steel grade 91 is used for retrofitting and construction of new plants. There
is an increasing need for creep life assessment of parent and particularly of aberrant grade 91
parent material, which entered service in an incorrectly heat treated condition. Demostration
projects have been run for 2.25CrlMo and P91 materials at the VTT Technical Research
Centre of Finland with the aim to apply impression creep for power plant assesments. Small
scale sampling and impression creep testing allows for both creep strength ranking and an
estimate of absolute creep strength for individual materials and components.
Recommendations for the practical application of this technique to power plant have been
provided elsewhere [1].

In most cases research is left with trial material quantities insufficient to suit all the

characterization and qualification tasks arising during the development of a new steel grade.
In case of novel high chromium Laves phase strengthened ferritic steels (derived from the
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commercial steel grade Crofer® 22 H, developed at IEK-2 in cooperation with Outokumpu
VDM), which are under development at FZ Jiilich, the thermomechanical treatment history
has a tremendous impact on the initial dislocation density, which in turn affects precipitation
kinetics and particle morphology and thus creep strength of the material. For this reason
production process optimization by thermomechanical treatment simulation is considered to
be a mandatory element of future successful alloy development. The specimens typically
utilized in thermomechanical treatment simulators only provide small quantities of
homogenously deformed material for subsequent mechanical characterization. In this case
small scale sampling (e.g. by spark erosion) and impression creep testing allows for the
ranking of alloy compositions and thermomechanical processing routes with extremely small
amounts of material. Application of impression creep testing for material development at
VTT has concentrated on demonstration of the method for power plant life assessment
purposes and on validation of testing methods for the materials of advanced nuclear reactors.

Examples of the practical application of this testing approach are given along with correlation
of results to conventional creep testing and a brief summary of the differing testing set-ups.

2. Experimental

2.1. Materials

2.1.1. Commercial materials

The chemical composition and heat treatment parameters of the investigated materials are
given in Tab. 1 and Tab. 2. In case of Crofer® 22 H ITC specimens were taken from plate

material in hot-rolled / solution annealed condition.

Tab.1: Chemical compositions of the materials tested at Nottingham University and
Forschungszentrum Julich

Batch-ID: C N Cr W | Nb Si | Mn | Ni Ti Mo | V
P91 (NU/FZJ) 0.1 0.073 | 8.70 | 0.02 | 0.07 | 0.27 | 0.43 | 0.32 | <0.005 | 1.08 | 0.24
Crofer® 22 H | 0.007 | 0.015 | 2293|194 |051|0.21|0.43| 0.3 0.07 - -

Tab.2: Heat-treatment parameters of the materials

Batch-1D: Hot rolling: | Solution annealing: Cooling: Tempering:
P91 (NU/FZJ) 1060°C / 45 Min Air 760°C / 120 Min
Crofer® 22 H (SA) X 1075°C / 22 Min. Air none
Crofer® 22 H (HR) X none Air none

2.2. Experimental set-ups and testing procedures

ICT test samples are relatively easy to manufacture, using, for example, spark erosion,
grinding and polishing processes. In general, creep tests are carried out under constant load
conditions and either dead-weight or servo-electric (or servo-hydraulic) loading methods can
be used (the authors have a preference for servo-electric test equipment because the effects of
frictional contacts in linear bearings, temperature fluctuations etc. can be eliminated).

210



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

2.2.1. Nottingham University

Schematic diagrams of the specimen geometry (a), principal loading arrangement (b) and the
testing set-up at Nottingham University (c) are shown in Fig. 1. Typical specimens
dimensions are wxbxh = 10x10x2.5mm for use with an indenter of d = 1mm, or wxbxh =
8x8x2mm for use with an indenter of d = 0.8mm.

upper
q extensometer 0 0
— |-
b | h B g
3 creep ||
specimen
T lower — | [
extensometer 0 0
a) leg
-
springs —
test indenter > o
material
o o
J
8 9
0 o
i (=
displacement )
transducer L ~ | Wafier
cooling
b) c)

Figure 1: Typical impression creep specimen (a), indenter geometry (b) and schematic of the
impression creep testing set-up at Nottingham Universtiy

Load-line displacements can be measured using extensometry of the type shown in Fig. 1 [2]
and LVDTs. The choice of extensometry and transducers is not of critical importance but
control of the temperature inside the furnace and within the laboratory is of particular
importance. Water cooling of the extensometer legs, for example, can be helpful. Alignment
of specimens is important. The contacting surfaces should be flat and parallel and the
indenters should be re-ground at regular intervals.
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2.2.2. Forschungszentrum Jilich

At Forschungszentrum Julich impression creep specimens are produced by spark erosion,
grinding to a grit 1200 surface finish and subsequent ultrasonic cleaning in ethanol. The
experimental set-up consists of an Instron electromechanical testing machine, equipped with a
resistance furnace and an all ceramic loading and displacement measurement set-up (Fig. 2).
Two individual LVDTs with a minimum resolution of 0.1 pum are utilized for displacement
measurement via a ceramic table / cross-head / rod arrangement.

' compensation
sphere

traverse indenter traverse

blade alignment
pin

specimen

specimen table

specimen
alignment pin

b)

Figure 2: Impression creep set-up at Forschungszentrum Jilich, consisting of a) ceramic
loading-train and displacement measurement set-up and b) all ceramic testing jig

A ceramic (Al,Os) testing jig, consisting of the specimen table, the traverse and pins for
specimen/table and table/traverse alignment (cf. Fig. 2), was designed for impression creep
testing. The specimen is put into a groove in the ceramic specimen table and positioned by the
specimen alignment pin. The indenter blade is machined into the bottom side of the traverse,
which is put on the specimen and aligned with the table by the traverse alignment pins. A
conical clearance is machined into the upper side of the traverse to keep the compensation
sphere.

After positioning of the specimen in the testing jig, the jig is placed on the machine table,
aligned, pre-loaded with a controlled force of 10 N and the traverse alignment pins are
removed to reduce friction. The whole testing set-up is then subjected to several constant
force-rate loading cycles (up to the intended testing force or close to the elastic limit of the
tested material in order to avoid work hardening) at ambient temperature until the hysteresis
between the cyclic loading and unloading curves becomes minimized. This procedure reduces
“noise” in the displacement signal during the early stages of testing by reducing microscopic

212



10th Liege Conference : Materials for Advanced Power Engineering 2014
edited by J. Lecomte-Beckers, O. Dedry, J. Oakey and B. Kuhn.

misalignment caused by the surface roughness of all the individual parts of the testing set-up.
A type S (Pt/RhPt) thermocouple is inserted into the testing jig and placed at the side face of
the specimen. The arrangement is then heated up under a controlled pre-load of 10 N to the
designated testing temperature. After thermal equilibrium is reached the specimen is constant
force-rate loaded to the testing force within 30 s. During the creep phase load and relative
displacement (evaluated from the arithmetic mean value of the two extensometers) are
recorded.

2.2.3. VTT Technical Research Centre

The VTT set up consists of Nimonic tools with a cylindrical part allowing the indenter to
rotate and settle parallel to the specimen surface. A similar hysteris check as at
Forschungszentrum Julich is carried out to verify frictionless operation of the extensometry.
The displacement measurement set up is a ceramic tube + rod type of device with a digital
displacement transducer (resolution of 20 nm). Instead of a resistance furnace two mineral
insulated heating cables with an integrated thermocouple are used to heat the upper and lower
tool separately. The temperature of the heating cable is kept constant within +/-0.2°C
resulting in a very good stability of the specimen temperature (+/-0.2°C) and displacement
signal (typically +/-0.5um).

The improvement achieved in the measured strain rate evolution during the test is
demonstrated by comparison of two identical tests of the same material (2.25Cr1Mo, 540°C,
95MPa, Fig. 3). The improved stability result was achieved by controlling the heating cable
temperature, while the scattered result was obtained without. Note also that in an impression
creep test the strain rate does not reach a constant value but is decreasing continuously.
Therefore some criterion has to be decided when to read the “minimum strain rate”
corresponding to the uniaxial minimum strain rate.

Test1C014 95MPa 540'C Strain rate 48h
1.E-04

—IC007 85MPa
—I1C014 95MPa

1.E05 |

Strain rate [1/h]

1.E-06 |

1.E-07

10 100 1000
Time [h]

Figure 3: Examples of the effect of temperature control on the