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Molecular dynamics �MD� simulations were performed to examine the temperature-dependent
elastic properties and high-temperature deformation behavior of a Cu64.5Zr35.5 amorphous alloy.
From the simulations we find that the elastic constants of the amorphous solid and supercooled
liquid exhibit an approximately linear temperature dependence. The predicted temperature
dependence of the Young’s modulus for the amorphous solid obtained from the MD simulations is
in good agreement with experimental measurements using dynamic mechanical analysis.
Furthermore, the high-temperature plastic deformation behavior determined by MD simulations is
qualitatively in good agreement with results from plastic deformation experiments performed on 1
mm diameter Cu64.5Zr35.5 metallic glass rods at 698 K. Notably, the MD simulations reveal that the
flow softening regime of the stress-strain curve corresponds to an increase in the free volume in the
atomic structure. Moreover, the simulations indicate that the atomic mobility significantly increases
within the same regime. © 2008 American Institute of Physics. �DOI: 10.1063/1.3043587�

I. INTRODUCTION

Numerous experimental studies have demonstrated the
different deformation behaviors of metallic glasses.1–7 At
higher strain rates and lower temperatures, deformation be-
comes localized into shear bands, which under certain load-
ing configurations can propagate uninterrupted through the
material, causing catastrophic failure.2,3 At lower strain rates
and higher temperatures approaching the glass transition
temperature of the specific alloy, the plastic strain is uniform
in each volume element, and thus, the deformation is
homogeneous.6,8,9 While the elastoplastic response of metal-
lic glasses can be measured very accurately, a clear physical
understanding of the atomic displacements necessary to ac-
commodate the deformation is still lacking.

In particular, irreversible plastic flow has been theorized
to be associated with dilations within the disordered struc-
ture. This concept was presented phenomenologically by
Spaepen9 using the free volume theory of Cohen and
Turnbull.10 Spaepens’s ideas have gained support through
numerous studies, which collectively demonstrate that the
mechanical behavior of metallic glasses is indeed strongly
dependent on the atomic structure. For example, van den
Beukel et al.11 showed that structural relaxation, which they
correlated with a reduction in free volume, significantly in-
creased viscosity and stiffness. Alternatively, free volume
has been shown to increase during high-temperature
deformation,12,13 allowing the system to recover ductility that
is diminished following low temperature annealing. The ato-
mistic mechanisms associated with free volume changes in
metallic glasses are difficult to study experimentally. Mo-

lecular dynamics �MD� simulations, however, can be utilized
to examine the evolving structure during deformation, par-
ticularly following yielding where plastic deformation can
result in both an increase in free volume and localized struc-
tural transformations within the atomic structure. Falk and
Langer14 made a critical contribution toward understanding
the deformation behavior of metallic glasses through their
analysis of a two-dimensional, binary glass using Lennard-
Jones potentials. Their numerical simulations were able to
exhibit a transition from reversible elastic to irreversible
plastic deformation; moreover, the stress state of their model
system was found to be dependent on the history �e.g., de-
gree of prior deformation� of the binary glass, implying that
the atomic configuration at a specific time is directly linked
to the deformation behavior. This point was recently ad-
dressed by Shi et al.15 who correlated the deformation be-
havior, which in this case was limited to shear localization,
with the atomic configuration. By quenching at different
rates, they showed that their model binary glass was in con-
trasting degrees of structural relaxation, and furthermore, as
more relaxation was allowed via slower quenching, the sys-
tem exhibited greater propensity toward shear localization
and shear band propagation.

Simulations using two-dimensional systems where at-
oms interact via the Lennard-Jones potential14–16 have been
very instructive for identifying dynamic and energetic con-
tributions to metallic glass deformation. However, there is a
very compelling need to perform simulations in three dimen-
sions, and more importantly using interatomic potentials that
describe the salient structural and thermodynamic properties
of the alloy system. One approach is to utilize many-body,
semiempirical, interatomic potentials such as the embedded
atom method �EAM�,17 the EAM Finnis–Sinclair �FS�
method,18 or effective medium theory �EMT� �Ref. 19� to
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perform large-scale classical MD simulations. In addition, it
is extremely desirable to simulate a system that can also be
synthesized in the laboratory and tested experimentally to
interrogate the predictions of the corresponding simulations.
Correlating MD simulations with experimental measure-
ments has garnered significant attention in the past few
years, particularly following reports of enhanced glass form-
ability in the Cu–Zr system.20,21 Duan et al.22 examined the
atomic structure of a Cu46Zr54 metallic glass and compared
bond distances and coordination numbers to experimental
results obtained from quenched samples. Notably, they ob-
tained rather large Cu–Cu bond distances in their simulated
amorphous structure and attributed this to the substantially
higher quench rate. This may be an appropriate conclusion,
but nevertheless it clearly points to the need for optimizing
the accuracy of interatomic potentials. This point was illus-
trated recently in another report discussing MD simulations
of amorphous Cu–Zr. Paduraru et al.23 utilized the EMT
method to describe the structure of a Cu50Zr50 metallic glass.
However, they did not report if their potential predicted fcc
and hcp as the most stable lattices for pure Cu and Zr, re-
spectively, at low temperature; furthermore, they did not in-
dicate the ability of their potential to simulate the hcp-to-bcc
transition for Zr.

A primary objective of MD simulations of noncrystalline
materials using semiempirical interatomic potentials is to ac-
curately describe structural properties that were not used in
the fitting process for developing the potential. Additionally,
it is clearly desirable for the potential to accurately reflect
these properties over a wide range of compositions and tem-
peratures, and further to mimic the mechanical response
�e.g., elastoplastic deformation� of a real glass under differ-
ent experimental conditions. If these criteria are met, simu-
lations can provide valuable insights into complex phenom-
ena that are either very difficult or essentially impossible to
probe directly by experimental techniques. For instance, MD
simulations of Cu–Zr glasses were performed to investigate
the influences of temperature and configurational potential
energy on elastic properties.24 Similarly, MD simulations
with simple pair potentials were utilized to examine the ef-
fects of alloy composition on the different degrees of free
volume, as determined using Voronoi polyhedra analyses.25

We have recently developed a FS potential for the Cu–Zr
system.26 Potentials for pure Cu from Ref. 27 and pure Zr
from Ref. 28 were included in the development of our Cu–Zr
potential. Both elemental potentials accurately capture the
salient crystalline properties and are in good agreement with
experimental liquid diffraction data. Particularly important is
that the Cu potential predicts that the fcc structure is the most
stable phase for Cu from 0 K to the melting temperature.
Furthermore, the Zr potential predicts that the hcp structure
is the most stable phase in pure Zr at low temperature, and
the bcc structure is the most stable phase at high temperature.
The cross functions for the Cu–Zr potential were fit to first-
principles data.27 We recently demonstrated that MD simula-
tions utilizing this potential can provide reasonable agree-
ment with the experimentally measured compositional
dependence of the room temperature Young’s modulus for a
series of amorphous CuxZr1−x alloys.29 It should be noted

that no elastic constant data were utilized in the fitting pro-
cedure to develop this FS potential, so the agreement be-
tween simulation and experiment is encouraging. In the
present study, this potential was used to examine the tem-
perature dependence of the elastic constants for a Cu64.5Zr35.5

metallic glass. The comparison of the simulation results with
experimental measurements of the Young’s modulus further
confirmed the reliability of this potential. The simulations
were also utilized to calculate the Poisson’s ratio and shear
modulus as functions of temperature, which can be difficult
to obtain experimentally for samples that can only be syn-
thesized with cross-sectional dimensions of �1 mm while
maintaining a fully amorphous structure such as the
Cu64.5Zr35.5 alloy used in the current study. Furthermore, we
performed MD simulations of compressive deformation in a
biaxial mode at 700 K. The mechanical response of the simu-
lated glass is compared with experimental data obtained
from a Cu64.5Zr35.5 metallic glass deformed at the same tem-
perature. The analysis of the simulated structures during
plastic deformation reveals that the evolution of free volume
is dependent on both the plastic strain and the strain rate.
Finally, we investigated the effect of plastic flow on the
atomic mobility of Cu and Zr in the simulated metallic glass.

II. METHODS: COMPUTER SIMULATIONS AND
EXPERIMENTAL TECHNIQUES

A. MD simulations

The FS potential developed in Ref. 26 was utilized for
the MD simulations in the current study. As previously men-
tioned, we demonstrated that this potential accurately repro-
duces the compositional dependence of the Young’s modulus
of amorphous Cu–Zr alloys at room temperature.29 In the
present study, however, we focused on one particular com-
position: Cu64.5Zr35.5. To begin with, atomic volume and bulk
modulus were determined as a function of temperature. For
this purpose, we took the model of amorphous Cu64.5Zr35.5

alloy from Ref. 29. In the following, this model will be re-
ferred to as model 1. The model consists of 25 000 atoms
with periodic boundary conditions in all directions. After be-
ing equilibrated at T=300 K, model 1 was heated in steps of
100 K; at each temperature step the model was equilibrated
during 20 000 MD steps ��40.7 ps�, followed by averaging
the pressure over the next 20 000 MD steps. For each tem-
perature step hydrostatic dilation was applied to increase the
model volume by 1%, after which the structure was again
equilibrated during 20 000 MD steps. Subsequently, the pres-
sure was averaged over the next 20 000 MD steps. Lastly,
another 1% hydrostatic dilatation was applied to obtain the
pressure at a third density. This approach yielded pressure as
a function of volume for each given temperature, from which
the equilibrium atomic volume was determined. The equilib-
rium model was created at this volume and equilibrated dur-
ing 20 000 MD steps; subsequently, the properties of model
1 �to be discussed later� were averaged over the next 20 000
MD steps. The above procedure was repeated at temperature
increments of 100 K up to T=1500 K.

While uniaxial mechanical loading tests are typically
used to experimentally examine the deformation behavior of
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metallic glasses, it is not reasonable to exactly reproduce this
loading configuration in atomistic simulations because the
effect of the exposed edges will be much more pronounced
due to the relatively small number of atoms. In particular, if
free surfaces were employed in the direction normal to the
loading axis, as would be the case for simulated uniaxial
compression, then there could be significant surface effects
due to the limited number of atoms in the simulation
�25 000�; the sample thickness will only be �40 Å. There-
fore, to help mitigate unnecessary complications �e.g., bend-
ing in compression�, we utilized a biaxial deformation ar-
rangement. This model, which we refer to as model 2, also
consisted of 25 000 atoms and had periodic boundary condi-
tions in the x- and y-directions and free surfaces in the
z-direction. Initially, the cross section was 43.4�43.4 Å2 in
the x- and y-directions, while the length was �217 Å in the
z-direction. A compressive strain using a constant strain rate
at 700 K was applied in the x- and y-directions to biaxially
deform the model until �xx=�yy =−0.1. In order to examine
atomic structure after deformation, the model was unloaded
by applying a biaxial tensile strain at the same strain rate
until the sum ��xx+�yy� dropped to zero.

Lastly, in order to study the diffusion as a function of
atomic density in the amorphous Cu64.5Zr35.5 alloy, we cre-
ated model 3. In this case, the simulation cell consisted of
only 5000 atoms, but the model was created in the same
manner as discussed previously for model 1, except that due
to the relatively small number of atoms in model 3 we were
able to anneal it for a much longer time period, 2 000 000
MD steps �4.07 ns�, at each temperature.

B. Dynamic mechanical analyzer measurements

In order to experimentally measure the Young’s modulus
of the Cu64.5Zr35.5 alloy as a function of temperature, melt
spun ribbons having a cross section of 13.2�0.072 mm2,
which were synthesized at the Materials Preparation Center
at Ames Laboratory30 by quenching onto a Cu wheel rotating
at a linear velocity of 25 m/s, were examined using a Netzsch
242C dynamic mechanical analyzer �DMA� in tension mode.
The ribbons were heated at 3 K/min from 278 to 823 K,
while the tensile load was sinusoidally varied between �3.5
and 7.0 N at a frequency of 1 Hz. The typical outputs of a
DMA experiment are the storage modulus �E�� and the loss
modulus �E��, where the former relates to the recoverable
strain and the latter corresponds to internal energy dissipa-
tion. Because metallic glasses typically have such a high
elastic strain limit at temperatures below and approaching
their glass transition, the E� contribution during these DMA
tests was approximately six orders of magnitude less than the
E� signal. In such a situation, the E� data from a DMA mea-
surement are extremely close to the static Young’s modulus
�E� of the material.

C. High-temperature plastic deformation
measurements

In order to prepare suitable “bulk” samples for uniaxial
compression testing, a Cu64.5Zr35.5 ingot was first prepared
by arc melting high-purity Cu and Zr together in an argon

environment. Subsequently the ingot was induction melted in
a fused silica tube and injection cast into a water-cooled
copper mold to form a rod 1 mm in diameter and approxi-
mately 25 mm in length. The amorphous nature of the as-cast
rods was confirmed using high-energy x-ray scattering �not
shown� at the MU-CAT beamline at the Advanced Photon
Source �APS�. Samples with a length/diameter ratio of 2:1
were cut from the as-cast rod for plastic deformation experi-
ments. Prior to loading, the samples were annealed at 698 K,
which is nominally 60 K below the glass transition tempera-
ture, for 270 min to allow for structural relaxation. Uniaxial
compression tests were performed at a constant strain rate of
10−4 s−1 at 698 K in a Zwick Z050 load frame. The strain in
the sample was measured by a linear inductive differential
transducer with an accuracy of �15 nm.

III. RESULTS AND DISCUSSION

A. Temperature dependence of elastic properties

In this section, we present the data obtained using model
1. The total �i.e., potential+kinetic� energy of the system as a
function of temperature for the glass model is shown in Fig.
1. The curve exhibits two distinct regimes at lower and
higher temperatures, which correspond, respectively, to the
amorphous solid and the supercooled liquid. The glass tran-
sition temperature �Tg� can be estimated as �1000 K based
on these data, while the Tg determined experimentally by
constant-rate �40 K/min� differential scanning calorimetry
�DSC� is �760 K. It should be noted that the interatomic
potential development procedure did not incorporate fitting
to the thermal data; therefore, the difference in Tg is not fully
unexpected. It should be also noted that given the several
orders-of-magnitude difference in the heating rates between
the DSC experiments and the MD simulations, the Tg corre-

FIG. 1. Energy as a function of temperature.
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sponding to the experimental heating rate should be lower
than that obtained in MD simulation �e.g., see Ref. 31 for
further discussion�. While the potential from Ref. 26 predicts
a higher Tg than experimentally measured, it does indeed
predict an amorphous solid at T=700 K, making it suitable
for the purposes of the present study.

The elastic properties of the amorphous solid and the
supercooled liquid as a function of temperature were exam-
ined for model 1. The bulk modulus �Fig. 2� decreases al-
most linearly with increasing temperature for the amorphous
solid and exhibits a marked change in slope around 1000 K,
which corresponds to Tg. Above this temperature, the bulk
modulus of the supercooled liquid decreases almost linearly
with increasing temperature. The technique for calculating
Poisson’s ratio and shear modulus from our MD simulations
is described in detail in an earlier report.29 In this method, a
uniaxial strain in one �z� direction is applied while the model
size in x- and y-directions is kept fixed, and the resulting
stress ��zz� is determined during MD simulation. Using this
approach, we find that the temperature dependences of the
Poisson’s ratio and shear modulus �Fig. 3� clearly display a
transition between the amorphous solid to the supercooled
liquid at T�1000 K. Note that Duan et al.24 performed MD
simulations on a metallic glass richer in Zr, Zr54Cu46 and
found comparable decreases in bulk and shear moduli with
increasing temperatures below Tg. Between 300 and 500 K,
the values of these two elastic constants are considerably
higher in the Cu64.5Zr35.5 alloy examined in our study. This is
not surprising because we have previously shown that the
elastic constants of Cu–Zr glasses are strongly dependent on
alloy composition.29Also, the quench rate in Ref. 24 was
approximately ten times higher than in our work, which
could also have an effect due to configurational relaxation
differences. It is interesting to note that for our Cu64.5Zr35.5

metallic glass, the calculated Poisson’s ratio for the super-
cooled liquid is a little higher than 0.5 and the shear modulus
is slightly negative. Obviously, the results above T
=1000 K are not physically reasonable but rather indicate
the magnitude of the error associated with the uncertainty in
determining of �zz. Three possible factors contributing to this
uncertainty are the following: �1� there is uncertainty associ-
ated with the final model size and fluctuation of �zz during
the MD simulation; �2� we applied the strain of 0.5% and it
is possible that there are deviations from linear elasticity at
such strain; and �3� it is possible that the time during which
model 1 was allowed to relax was insufficient to achieve
equilibrium. Regardless of the uncertainty associated with
the method, the Poisson’s ratio and shear modulus exhibit
distinct changes at T�1000 K, which are much larger than
the magnitude of the error values; therefore, we conclude
that this temperature does indeed correspond to Tg for our
model. The glass transition phenomenon may be further seen
in the plot of the atomic volume of model 1 as a function of
temperature �Fig. 4�, which, similar to the elastic constants,
shows a distinct change in slope at �1000 K, corresponding
to the Tg of our simulated glass model.

To determine the validity of the predicted glass proper-
ties for model 1, we compared the simulation data with the
elastic modulus of the Cu64.5Zr35.5 melt spun ribbons mea-
sured using DMA tests �see Sec. II B�. Figure 5 displays the
Young’s modulus as a function of temperature determined by
MD simulations and DMA tests. The upper-right inset illus-
trates that the temperature dependence of the elastic modulus
determined by the MD simulations is in good agreement with
the experimental measurements, which is especially encour-
aging since as explained earlier no information about elastic
properties was used while developing the interatomic poten-
tial described in Ref. 27.

FIG. 2. Bulk modulus as a function of temperature.

FIG. 3. �Color online� Poisson’s ratio and shear modulus as a function of
temperature.
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B. High-temperature deformation behavior of
amorphous Cu64.5Zr35.5

The close agreement between the experimentally mea-
sured Young’s modulus at T=700 K and that predicted for
the simulated glass, model 1, suggests that the interatomic
potentials accurately capture the high-temperature elastic de-
formation behavior of the Cu64.5Zr35.5 alloy. To examine the

high-temperature �T=700 K� plastic deformation behavior
of this alloy, model 2 �periodic boundary conditions in x- and
y-directions only� was deformed in biaxial compression. As
discussed previously, the biaxial loading geometry was uti-
lized to minimize edge effects. In this loading scheme, the
stress component along the z-direction, �zz, should be zero,
while �xx and �yy should be the same. In reality, because of
the small model size, the �xx and �yy stress components are
not exactly the same; therefore, we used their average value

�̄ = ��xx + �yy�/2. �1�

Figure 6�a� shows the stress-strain curves obtained from the
MD simulations at two different strain rates. For applied
strains less than �0.02, the stress increases linearly with
increasing applied strain, corresponding to elastic deforma-
tion. For comparison to theoretical Hookean behavior, refer
to the black line in Fig. 6�a�, which was derived using the
Young’s modulus and Poisson’s ratio obtained using model
1. Within the linear region �i.e., �� �0.018� the stress-strain
curve for the biaxial compression of model 2 is in good
agreement with the predicted response calculated from elas-
tic constants using model 1. For higher applied strains the
deformation becomes nonlinear, which corresponds to the
onset of plastic flow. The stress reaches a maximum, fol-
lowed by a decrease with increasing applied strain until ap-
proaching a steady-state value. The stress-strain curves ob-
tained at the two strain rates illustrate that the flow stress of
the simulated metallic glass increases with increasing strain
rate. The transition between the elastic and plastic deforma-
tion regimes is further seen in the inset of Fig. 6�a�, which
shows the measured inelastic �anelastic+plastic� strain as a
function of the applied strain. To measure the inelastic strain
we took several snapshots of the model during compression
at a strain rate of 4.9�106 s−1. Immediately following each
incremental compressive loading step, this model was un-
loaded by applying a tensile strain at the same strain rate
until the sum ��xx+�yy� dropped to zero for each snapshot,
thus removing the elastic component from the total strain.
The remaining inelastic strain component is then defined as
�inelastic= �Lx,y −Lx,y

0 � /Lx,y
0 , where Lx,y

0 is the dimension of the
simulation cell before deformation and Lx,y is the size of the
simulation cell after the loading-unloading cycle �note that in
the preceding the subscripts x and y correspond, respectively,
to the cell length of model 2 in the x- and y-directions�. As
can be seen from Fig. 6�a�, the inelastic strain is almost zero
when applied strain is less than 1.5%.

It should be noted that quantitative agreement between
the MD simulations and the experimental plastic deformation
tests is not expected due to the dramatic difference in the
strain rates. Furthermore, there are also differences related to
the fact that the employed potential does not accurately pre-
dict the liquid-glass transition temperature and that the glass
models created in MD simulation at best correspond to as-
cast glass samples rather than the structurally relaxed
samples utilized in the t experiments. Additionally, the load-
ing conditions in MD simulation and experiment are differ-
ent �uniaxial versus biaxial�. However, if MD simulation

FIG. 4. Atomic volume as a function of temperature.

FIG. 5. �Color online� Young’s modulus obtained from MD simulation as a
function of temperature. The inset shows the comparison with experimental
data.

123532-5 Mendelev et al. J. Appl. Phys. 104, 123532 �2008�



captures the most important qualitative features of plastic
deformation, it can be used to explore the atomic mecha-
nisms associated with plastic flow.

For comparison with the stress-strain curves determined
from the MD simulations, an experimental deformation test
was performed using 1 mm rods of Cu64.5Zr35.5 metallic
glass, which were deformed in uniaxial compression at a
constant strain rate of 1�10−4 s−1 at 698 K �see Sec. II C�.
Since the strain rate utilized in the MD simulations is several
orders of magnitude larger than the experimental strain rate,
the predicted flow stress for the simulated metallic glass is
higher than that measured experimentally �Fig. 6�b��. Despite
the large differences in strain rates, the elasto-plastic re-
sponses of the simulated glass and the 1 mm rods both ex-
hibit a maximum stress, followed by flow softening with
increasing strain and steady-state plastic flow at higher
strains. Flow softening following yielding of homogeneously
deformed metallic glasses within the non-Newtonian regime
has been attributed to an increase in the free volume, which
decreases the viscosity.32,33 This increase in free volume as-
sociated with plastic deformation has been confirmed
through both density34 and heat capacity measurements.12,35

Following the flow softening seen in both the MD simula-
tions and the experimental compression tests, the stresses
approach plateau values with increasing strain. This steady-
state flow regime corresponds to a dynamic equilibrium be-
tween the creation and annihilation of free volume.33,36 The
good qualitative agreement between the plastic deformation
behavior predicted by the MD simulations and that measured
experimentally suggests that in spite of the dramatic differ-
ence in the strain rate, the simulation appears to properly
capture the atomic dynamics during deformation.

To further examine the mechanisms of deformation, we
calculated the atomic volume as a function of applied strain
for the simulated glass deformed at two different strain rates.
Recall that the simulation cell for model 2 had free surfaces
in the z-direction, which precluded accurately defining the
cell length in the z-direction. As a consequence, we could not
define the atomic volume simply as the ratio of the simula-
tion cell volume to the number of atoms. To account for this,
we ignored the 200 atoms that were closest to the two free
surfaces and determined the cell length in the z-direction Lz�
as the distance between minimal and maximal z-coordinates
of the remaining 24 800 atoms. With this approach, atomic
volume was defined as Va=LxLyLz� /24 800. As seen in Fig. 7,
at applied strains below the respective yield points, the
atomic volumes decrease with increasing strain, consistent
with compressive elastic deformation. Following the onset of
plastic flow, however, the atomic volumes reach minimum
values corresponding to the maximum stress on the corre-
sponding stress-strain curves shown in Fig. 6�a�. Interest-
ingly, for both strain rates the atomic volume increases
within the flow-softening regime of the stress-strain curves,
suggesting perhaps that the stress drop is associated with an
increase in free volume throughout the atomic structure.13

Furthermore, the magnitude of the increase in atomic volume
following yielding increases with increasing strain rate,
which is consistent with experimental observations for ho-
mogeneously deformed multicomponent glasses.13,33 For the
two different strain rates, both the atomic volume and the
stress approach plateau values for applied strains above
�0.06. As discussed before, this plateau regime has been
attributed to a dynamic equilibrium between the creation and
annihilation of free volume. For the glass model deformed at

FIG. 6. �Color online� �a� ��̄�= ��xx+�yy� /2 as a function of applied strain obtained from MD simulations of biaxial compression at 700 K using two different
strain rates; black straight line shows Hookean behavior using the Young’s modulus and Poisson’s ratio determined from model 1. The lower inset shows
inelastic strain variation as a function of total strain along the x-direction and �b� true stress-strain data from deformation experiment at 698 K using a strain
rate of 10−4 s−1.
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a strain rate of 4.9�106 s−1, we find that after removal of
the elastic strain, the atomic volume returns to a slightly
higher value �square symbol at �0.016 34 nm3 /atom� than
the initial atomic volume of the undeformed glass, which is
indicated by the dashed horizontal line labeled �i� in Fig.
7�a�. After the unloaded structure is allowed to equilibrate at
700 K during 6.1 ns, the atomic volume returns to approxi-
mately the same level as before deformation �diamond sym-
bol at �0.016 318 nm3 /atom�, indicating that some struc-
tural relaxation has occurred and, as a consequence, a
significant portion of the free volume that was created during
plastic flow has been annihilated.

To explore the nature of the free volume creation during
plastic deformation, we calculated the size distribution of
spherical open volume regions �cavities� in the simulated
glass, model 2. To determine the size of these cavities, we
assumed that all Cu and Zr atoms are hard spheres with
respective radii of 1.25 and 1.60 Å; note that these radii
were determined from the positions of the first peaks in the
corresponding partial pair correlation functions, which are
not shown here. The radius of a cavity is defined as the
maximum radius of a sphere that can be inserted into the
model without intersecting any Cu or Zr atoms. The distri-
butions of the cavity radii at different applied strains for the
simulated glass deformed at a strain rate of 4.9�106 s−1 are
displayed in Fig. 8. The results reveal that very few spherical
cavities having radii greater than 0.6 Å are present in the
atomic structure. Sietsma and Thijsse36 examined the distri-
bution of open volume regions in a simulated Pd–Ni–P struc-
ture obtained from reverse Monte Carlo simulations of ex-
perimental radial distribution functions. From their analysis,
they determined that the cavities could be divided into two

types: intrinsic voids, which were similar to Bernal holes,
and larger holes that could be removed with annealing. Fur-
thermore, they found that the larger holes were largely non-
spherical �i.e., dissimilar to crystalline vacancies�. Similarly,
using positron annihilation spectroscopy, Flores et al.37 also
found that large, open-volume regions with sizes similar to
vacancies were present in inhomogeneously deformed Zr–

FIG. 7. �Color online� Atomic volume vs applied strain at an applied strain rate of �a� 4.9�106 l /s and �b� 2.0�107 l /s. See text for explanation of square
and diamond symbols in �a�.The dashed horizontal lines in �a� correspond to volume of model 2 as follows: �i� prior to loading, �ii� during “steady-state”
plastic deformation, and �iii� at the point of minimum volume �i.e., maximum density�. The regimes defined by lines ��i�–�iii�� in �a� are indicated later in Fig.
10.

FIG. 8. �Color online� Cavity distribution for different strains at the strain
rate of 4.9�106 l /s.
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Cu–Ni–Al–Nb metallic glass. Since such a high concentra-
tion of discrete vacancies is unlikely in the glass structure,
they concluded that the open volume must be distributed
more diffusely among small collections of atoms, which ar-
gon referred to as shear transformation zones.6 The cavity
size distributions shown in Fig. 8. also suggest that the free
volume associated with plastic deformation does not create
large spherical holes. Moreover, the plot shows that the con-
centration of the cavities is not dependent on the magnitude
of the applied strain, further suggesting that the free volume
created during deformation is not in discrete spherical sites
such as the case for crystalline vacancies.

In order to analyze the effect of the applied strain on the
atomic mobility, we transformed the size of each biaxially
deformed model 2 snapshot back to their original size. This
approach seeks to separate out the atomic displacements as-
sociated specifically with uniform elastic and plastic strain-
ing. The atomic displacements were calculated as the differ-
ence in the atom position in the initial model and snapshot
under consideration. The calculated mean square displace-
ments �MSDs� of all atoms as a function of applied strain are
shown in Fig. 9�a�, which demonstrates that the MSD of the
atoms exhibits a large increase following the onset of plastic
flow ���0.020�, corresponding to a significant acceleration
in the atomic mobility. To examine if this large increase in
the MSD of the atoms was the result of diffusion direction-
ally biased by the applied strain, we calculated the ratio of
the MSD in the z-direction to overall MSD �Fig. 9�b��. The
relative MSD in the z-direction shows little change following
the onset of plastic flow; therefore, we conclude that the
atomic mobility is not directionally biased.

The large increase in the atomic mobility following plas-
tic flow cannot be explained by the increase in the free vol-
ume associated with plastic flow if this additional free vol-

ume is homogeneously distributed. Indeed this is illustrated
in Fig. 10, which shows the diffusivities of Cu and Zr as a
function of the average atomic volume. The data were ob-
tained from model 3, which had periodic boundary condi-
tions in all directions that were each subject to pure dilata-
tion. Although the data are noisy due to the relatively small
model size and low temperature of the simulation, it is clear
that the change in mobility associated with the change in the

FIG. 9. �Color online� �a� MSD of atoms during deformation and �b� the ratio of the MSD in the z-direction to the MSD in all directions.

FIG. 10. �Color online� Diffusion as function of atomic volume under ap-
plied pure hydrostatic dilatation. The vertical dashed lines correspond to the
regimes defined in the caption for Fig. 7�a�.
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atomic volume shown in Fig. 7 cannot exceed �50%; the
portion of Fig. 10 represented by the volume change during
deformation in Fig. 7 is indicated by the vertical lines. In
contrast Fig. 9 demonstrates an increase in diffusivity of
�300%. Thus, if the increase in the atomic mobility during
plastic flow is associated with the increase in free volume,
analysis of Figs. 7 and 10 suggests that the increase in free
volume during plastic deformation is not uniformly distrib-
uted but instead is more or less localized among clusters of
atoms. The nature of the free volume distribution is the sub-
ject of continuing simulations.

IV. CONCLUSIONS

Using a new EAM FS interatomic potential for the
Cu–Zr alloy system, we performed MD simulations to deter-
mine the elastic constants of a Cu64.5Zr35.5 amorphous alloy
as a function of temperature. From the simulations we find
that the elastic constants exhibit an approximately linear
temperature dependence for temperatures below 1000 K,
which corresponds to the glass-transition temperature of our
simulated 25 000-atom model structure. Above Tg, the elastic
constants of the supercooled liquid also exhibit almost linear
temperature dependence, albeit of different magnitudes than
the amorphous solid. Experimental measurements of the
Young’s modulus as a function of temperature using DMA
are in good agreement with the predicted temperature depen-
dence from the MD simulations, supporting the accuracy of
the interatomic potentials. Furthermore, the high-temperature
plastic deformation behavior determined by the MD simula-
tions compares well with the data from plastic deformation
experiments performed on Cu64.5Zr35.5 metallic glass rods at
698 K. The MD simulations reveal that the flow softening
regime of the stress-strain curve corresponds to an increase
in the free volume in the atomic structure. Moreover, analy-
sis of the MSDs of the atoms in the structure shows that the
atomic mobility in the alloys significantly increases in the
same regime. However, this increase in diffusion cannot be
solely attributed to the increase in free volume.
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