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1. Introduction
The main structural microdefects in GaAs are point defects (native defects, dopants),
dislocations, precipitates, and inhomogeneities of point defects. Microdefects are im­
portant because they directly affect the single crystal yield during the growth process
and the properties of the crystal after growth. It has been shown [1] that the transi­
tion from single to polycrystalline growth is primarily caused by a local increase in the
dislocation density near the crystal surface. When single GaAs crystals are used as
substrate material for electronic devices microdefects significantly influence the device
performance. Dislocations, for example, have a detrimental influence on the lifetime of
minority carriers and the carriers mean free path; they degrade semiconductor lasers
due to their role as nonradiative recombination centers [2]. It has also been shown
that inhomogeneities in the substrate material are linked to fluctuation in the thresh­
old voltage, Vth of field effect transistors, thus impeding the exploitation of large scale
integrated circuits (LSI). Understanding the mechanism which are causing the forma­
tion of microdefects will help to find ways to reduce their number or to minimize their
detrimental influence.

Several mechanisms for the nucleation of dislocations have been discussed in the liter­
ature. Because the entropy term of a dislocation is so much smaller than its energy,
dislocations do not exist in thermodynamic equilibrium. The following heterogeneous
nucleation mechanisms are possible:

G Surface damage such as scratches have been identified.

@ Surface roughness which may form near the growth front due to loss of arsenic
by evaporation have not been clearly identified but could be a major source for
dislocations and could also playa role for initiating polycrystalline growth [3, 4].

@ Chemical inhomogeneities resulting in the formation of misfit dislocation have been
discussed as a possible reason for the formation of dislocation cells. Some evidence
will be presented that this correlation is very unlikely.

e Second phase particles can generate dislocation by their volume misfit or by a dif­
ferences in thermal expansion between particle and matrix [2J.

6 Agglomeration of point defects resulting in loop formation has also been discussed.

Although we know some possible nucleation mechanism for dislocation it is not clear
which of them dominates during the growth of crystals.

The major effort in the present work was directed towards studying of inhomogeneities
in the surrounding of dislocations due to their interaction with doping and native
defects. Dislocation can

@ act as nucleation sites for the formation of precipitates

o interact with doping and native defects to form Cottrellatmospheres and associated
denuded zones

G react with native defects-As-interstitital or Ga-vacancies, respectively. As a result
the dislocation perform a climbing step and Ga-vacancies or As-interstitials, re­
spectively, are emitted. These reactions are driven by a substantial excess of arsenic
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(probably ,(, 5·101s cm-3
) present in most GaAs crystals. The emission of native

defects through this mechanism seems to be responsible for the increase of EL-2
centers in the surrounding of dislocation [5J.

Another source for inhomogeneities are growth striations the importance of which has
not yet been fully recognized [6J. Inhomogeneities may also be due to denuded zones
formed around large matrix precipitates as shown in the present work.

A possible way to minimize the effect of microdefects are post growth annealing treat­
ments [8J, which in the past, however, were mainly based on empirical knowledge.
Scientifically based recipes for controlled annealing can only be obtained through an
unterstanding of the defect reactions which are responsible for the generation of inho­
mogeneities. Annealing studies performed in the present work can help to understand
the defect reactions by investigating their kinetics.

Microstructural studies have often been performed by

(i) Photoetching (DSL) = Dilute Sirtl in Light. The etching rate is determined by
the local concentration of holes reflecting the concentration of doping and native
defects. The concentration and influence of various defects is often not known
making it difficult to obtain a clear cut interpretation of the etching results. The
great advantage of this method is its ability to resolve small variation in the defect
concentrations.

(ii) EBIC [9J and Ramanscattering [10J measurement which allow to determine the
net ionized doping concentration (ND - NA ) . Raman scattering is also able to
identify As-precipitates which are close to the surface [see also 11, 12, 35, 46J.

The results presented in this paper have been mainly obtained by lR-microscopy.
Photoetching-, EBIC-, and Ramanscattering techniques have also been used. Due to
the high transparency of GaAs in the infrared it is possible to resolve microdefects
also inside a relative thick (,:S 5 mm) sample in contrast to the other three methods
which are surface sensitive techniques. The capability of infrared microscopy to study
also microdefects in the bulk of the sample is particularly important for post growth
annealing studies. A comparison of the annealing effect on individual microdefects is
not possible in surface-near areas, since a high temperature anneal inevitably causes
damage on the surface of GaAs-samples.

For a few studies TEM- and X-ray topography have been employed. Photo- and
r~thnlnrn;n""Qrpnrp.·ur"",;""" nnt l1QoP..-l f .......-:- th<,> .,..,. ....c>C'onf- ~n"'<7""C't~""'<>.t~r. + rn~ rl.cf<::l""+C' Q ....... ""'....~
....., _ .L.L.L -'--'- OJ ..., ...,... OJ-'- y""- "'••.'-'..L'O .LL.L '" U.LOU-V,L v .1 '-'u. ,,"'. '-.J'P'-''-'

troscopically resolved low temperature PL and CL would be able to provide additional
information, for example, about distribution of doping atoms on donor and acceptor
sites.

In this paper we will show that IR-microscopy is a simple and effective technique
to study microdefects in GaAs. Its potential has not been fully recognized in the
past. Since the image contrast for Ili-mlcroscopy can be affected by several material
properties, it is mandatory to perform a careful assessment whether absorption - or
refraction effects are dominating. This will be discussed in detail in the first section by
comparing images of identical sample areas taken with different contrast techniques:
Bright field, phase contrast and "Schlieren"contrast.
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After proving that changes in the refractive index are dominating the image contrast,
we will show that these changes are due to variations in the free charge carrier concen­
tration, which can be imaged best by phase microscopy.

In the next section four examples are presented applying phase microscopy to study
inhomogeneities in doped GaAs which was grown by the Vertical Bridgman technique:
annealing studies in Si-doped material, glide processes taking place during cool-down
of the crystal after growth, growth striations and their thermal stability upon annealing
providing information about the diffusion of Si and some observations for Te-doped
material.

In the third section we will discuss some applications of IR-dark field technique. This
method can be employed to resolve precipitates in GaAs. Since dislocations are of­
ten decorated with As-precipitates the method also reveals the dislocation structure.
Different decoration pattern and the associated dislocation structure present in VB­
crystals will be discussed. Evidence will be presented that dislocation cell structures
as well as dislocation lineage must be attributed to poligonisation effects after growth.
The appearance of many decoration patterns indicates the importance of dislocation
climb in GaAs. We will then discuss the dislocation structure of twin boundaries and
finally describe the influence of stoichiometry.

Making use of the strong elasto-optical properties of III-V compounds, dislocation
in these material can also be imaged by using birefringence contrast between crossed
polarizers. Theoretical aspects and experimental results of this method have been
discussed in many papers (see ref. 11, 13-33). In spite of the large effort the contrast
interpretation still remains controversial. Vie shall compare our experimental results
with the different models and we will present, for the first time images of dislocations
obtained by differential interference contrast in transmission mode.

2. Experimental Methods

The majority of GaAs-crystals analyzed in the present paper were grown by the VB­
Bridgman technique using quartz crucibles. The typical growth rate was about 4 rom/h.
Results of undoped semiinsulating as wei! as Si- and Te-doped GaAs will be dis­
cussed. The doping concentration varied between 5.1016 and 2 . 1018 cm-3 . For more
details of crystal growth see ref. [1]. For analyzing crystals by photoetching and IR­
transmission-microscopy samples were prepared by mechano-chemical polishing with
PA-7 solution. For IR-microscopy samples were polished on both sides (see also ref.
[34] for more details.

In the following the main analyzing techniques photoetching, IR-microscopy and EBIC
employed in the present work will be briefly discussed.

2.1 Photoetching

Photoetching is a simple and quick method to study microdefects in GaAs [for details
see 7, 85]. It is, however, an indirect method because it reveals etch features which
are due to the presence of defects but the defects themselves remain invisible. As a
result and because photoetching is only a qualitative method the interpretation of etch
features is not always straightforward. Some typical etch features discussed in the
present paper are illustrated in figure 1.
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Fig. 1: Surface profiles of GaAs after photoetching of various defects.

Independent of the electrical properties of GaAs dislocations emerging at the sample
surface are associated with a small hillock ~ 1 usi: wide and ~ 200 nm high. As­
precipitates form shallow pits; their depth is related to the size of the precipitate,
whereas the width is mainly determined by the duration of the etching process. Defect
inhomogeneities around dislocation in Si-doped GaAs result in an increased etching
rate as shown in figure 1c.

In the present paper we will discuss photoetching employing the Redox-etching system
CrOa-HF-H20, which is usually called DSL-etching i.e, Diluted Sirtl-like etchant used
with light. Etching of semiconductors is electrochemical in nature because carriers
(particular holes) are involved in the dissolution process. The availability of carriers at
the semiconductor surface depends on the electronic structure of the material. In n­
type semiconductors the bands bend upwards during electroless etching as illustrated
in figure 2. During etching without illumination the holes are available from

(i) GaAs: minority carriers separated by the electric field and concentrated close to
the surface within the depletion layer width, Wse and

(ii) etching solution as a result of reduction of CrVI species according to the reaction

(CrVI _ CrVI _ CrVI) -; (CrIII_CrV1_CrIII) ... + 6h+
~, aasoroea

-0

I •Wse
•
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Fig. 2: Band bend­
ing at the surface
of n-type semicon­
ductor during elec­
troless etching with
CrOa:HF:H20.



The passivating adsorbed layer containing chromium complexes is removed from the
surface by HF, while holes are injected into the valence band to rupture the GaAs­
bonds. When the surface is illuminated electron-hole pairs are generated and are
separated in n-type material within the depletion layer increasing the overall rate of
etching.

The selective etching is mainly determined by the width of the depletion layer which
is different in the vicinity of a dislocation (see figure lc) as compared to the matrix
because of an inhomogeneous distribution of the doping concentration ND - NA . In
semiinsulating material the variation of etch rates, especially when light is used, is
attributed to the inhomogeneous distribution of the deep recombination centers. The
nature of these defects is still not known in many cases. Increasing the concentration
of recombination centers results in a decrease of holes for the surface reaction and
decreases the etching rate.

e

2.2 Near Infrared (NIR) Mi-
croscopy

Because GaAs is highly transpar­
ent in the near infrared range even
for highly doped material (see fig­
ure 3: 1 < x< 4 Jim; a ~ 5 cm:")
it appeared very interesting to em­
ploy NIR-microscopy for studying
the microstructure of this material.

The absorption mechanism in the
near infrared has been identified by
E. Haga and K. Kimura [37] as
due to intraconduction band tran­
sitions, i.e. to electron transition
from the conduction band mini­
mum (Td to higher valleys with
different values in k-space. The ab­
sorption coefficient in the near in­
frared (plateau region) as a func­
tion of the free charge carrier con­
centration, ri can be described by
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In contrast to TEM studies the high transparency in the infrared allows to screen very
thick samples (,:S 5 mm). It is very convenient that commercially available microscopes
can be used because their standard optics is sufficiently transparent in the near infrared.
Also - as shown in figure 4 - CCD-TV-cameras are available which exhibit a sufficient
sensitivity at least for the smaller wavelengths of the near infrared.

400 600 800 1000 1200 1400 1600

x(nm)

Fig. 4: Relative sensitivity of the TV-camera (KAPPA CF 100X) as a function of the
wave length.

The high transparency of GaAs on the other hand is disadvantageous for imaging
microstructural defects due to inhomogeneities in the absorption coefficient. If they
are due to a variation in the free carrier concentration we can estimate the absorption
contrast for bright field image conditions from equation (1).

K=Io-Is
Io + Is

e-aod _ e-a sd

=e-a9d+e-asd ....~
(ao-as)·d -.6.a·d= ..,---~ = -3 . 10-8 • .6.ii . d

2 2
(2)

where 10, Is is the intensity of the object (0) and the surroundings (S), respectively and
d is the thickness of the object with an absorption coefficcnt, ao different from that, O:s
of the surrounding. Assuming that the object becomes visible for K Z, 0.1 and that dis
roughly determined the focal depth of the microscope objective (,:S 40 Jim) a bright field
image can only resolve variations in the free carrier concentration of about 1019 cm-3 .

Smaller variation of ii may be detectable, if d is not limited by the focal depth but
rather by the thickness of the sample, e.g. by using diffused light illumination which,
however is not possible for a microscope. Similar conditions have been used e.g. to
determine the EL2-distribution which is correlated with the dislocation cell structure
[38] or to measure the concentration of EL2 in the vicinity of single dislocations [39]1
To draw quantitative conclusions from these studies it is, however, necessary that the
defect structure is not varying over the thickness ("" typically 1 mm) of the sample.
Such a condition can hardly be fullfilled, particularly.if the cell structure of a wafer is
investigated. D.J. Carlson and A.F. Witt [40] measured the variations of the absorption
coefficient due to growth striations. In this case the microstructure is homogeneous

1Absorption due to native defects also gives rise to rather small absorption coefficients, i.e. one
relies on larged-values for detecting small variation in defect concentrations.
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and d was taken as the thickness of the sample. The imaging conditions in this case
however, require d to be rather limited by roughly the focal depth of the microscope.

In addition to these difficulties the quantitative interpretation of bright field images
(BF) is further complicated by the fact, that their contrast is not only determined
by absorption effects but it can also be influenced (see next chapter) by variations
in the refractive index n, as well as by gradients in TI. This means that quantitative
conclusions must be based on a very careful assessment; in particular, it is neccessary
to find out which of the above properties is responsible for the image contrast. This
information cannot be obtained from BF-images only. An assessment will be presented
in the next chapter for the inhomogeneous distribution of defects around dislocations
in materials, most of which have been grown by the Vertical Bridgman technique [1].
This assessment will be based on a comparison of identical sample areas imaged by
different contrast techniques: bright field, phase microscopy and "Schlieren"contrast
(central dark ground contrast). Schlieren contrast microscopes are not commercially
available. Details how to built this type of microscope will be discussed in the next
chapter. The potential of phase microscopy for microstructural studies has not been
fully recognized. Since most results in the present work will be based on this technique
we shall explain it in more detail.

Phase microscoPY'

The principle of phase microscopy is shown in figure 5 and 6.

condensor

object plane
/ phase object

objective

phase ring

Fig. 5: Main components of a phase microscope: annular condensor diaphragm, con­
densor, phase object, objective, diffraction plate with phase ring located in the focal
plane of the objective.

In this chapter we will only discuss the socalled "ideal Zernike"method [41, 42]. To
understand the results presented in chapter 3, however, effects of the "Real Zernike"­
method (see section 3.1.1) must be taken into account. The present discussion will
be further restricted to object specimens which are characterized by variations in the
refractive index and which exhibit a homogeneous absorption. The light wave emerging
from the annular condensor diaphragm may be considered essentially as a plane wave
when entering the object specimen. The object (zone of the specimen which exhibits a
different refractive index) forms an obstacle in the path of the incident wave as a result
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of which the wave is diffracted. The out-going wave can be considered as two waves,
one undeviated (vector al) and the other deviated (vector (2)' Both add up to a wave
which is slightly phase shifted (vector ao) by the object. The undeviated wave drawn
as solid lines in figure oa is focussed in the focal plane of the objective and spreads out

I
I
I
I

f7
7'rT-

a1v';v azI _

I
I

image plane

\:

I,--_--,
I

objective phase plate (>./4)

\

-

I
I
I
I
I

I
I
1-­
I ~
I ao .....------~--._- .__ .

I ~
I al-I
I
I

condensor

a)

b)

Fig. 6: a) Schematic diagram for phase contrast technique; b) Transformation of a
phase shift cp into a variation of the wave amplitude.

over the image plane. It is phase shifted by 90° by passing through the phase plate
located in the focal plane of the objective: The deviated wave is focussed in the image
plane, but extends over the whole focal plane of the objective which means that it
practically remains unaffected by the phase-ring. For small phase-shifts cp, a~ and a~

are almost parallel. The superposition of the deviated and undeviated wave therefore
results in a change of the amplitude, which in turn creates the visible contrast. As
indicated in figure fib for a pos. cp (neg. cp) the object appears bright-fdark) on a
darker (brighter) background if the phase-shift of the undeviated wave by the phase
ring is +90° (-90°). The latter case is defined as "Positive Phase Contrast" since an
object which is optically less dense (denser) than the surrounding material appears
bright (dark).

In order to increase the image contrast most phase microscopes are using a phase ring
which absorbs part of the undeviated light; this can be seen in figure 6b which shows
that the relative change of the undeviated wave I a~ I by superimposing I a2 I would
be larger for higher absorption by the phase ring. If I ii' I = t I al I the intensity of the
object and the surrounding can be easily calculated [41]. For positive phase contrast
we obtain (see also figure 6)

IObject 2 + t 2
- 2(cos cp + t· sincp) (3)
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ISuITounding - t 2 (4)

K =

for small phase shifts <p

Io - Is

10 + Is

IObject

1- (cosIO + t sin <p)

(cOSIO + t sin o) + 1 + t 2

t 2
- 2<pt +...

(5)

(6)

K = 10
t

(7)

the contrast is proportional to the phase shift (in a first order approximation) and
increases with the absorption of the phase ring.

Schlieren microscopy:

A "Schlieren"microscopy has been built by increasing the absorption of the phase ring
till t = OJ i.e, to block off all undeviated light. Such a microscope ought to be particular
sensitive to gradients in n in the object specimen, since as indicate in figure 7 refracted
light is not screened off by the opaque phase ring. Another possibility to generate an
image contrast in a "Schlieren"microscope is due to light which is diffracted by small
phase objects which would also be visible under phase contrast conditions (t =I 0).
This intensity in the "Schlieren"microscope can be calculated from equation (3) and
(6), respectively for t = a [43]

or for small phase shifts

IObj 1-cos<p (3a)

IObj = 102 + ... (6a)

condensor sample objective image plane

\ ~"/di'O "O~I OP,q"~1 screen ~

A+-\----irv ~ -I-------li
-{----

Fig. 7: Schematic diagram of a "Schlieren"microscope.

In contrast to phase microscopy which is sensitive to the first order of the phase shift
(i.e. it can determine the sign of l>.n; compare Te and Si-doped GaAs) "Schlieren"mi­
croscopy can only detect quadratic term in 10 and it is also less sensitive (see discussion
in chapter 3).

12



Dark Field Technique:

Compared to phase microscopy the dark field technique has been employed much more
widely for microstructural studies in GaAs. This is due to the fact that as grown ma­
terial (without any post growth annealing) contains arsenic precipitates which become
visible by this technique imaging the scattered light only. Since these precipitates are
formed usually along dislocations (decoration precipitates [44, 45]) it is also possible to
study the structure of these decorated dislocations. Since the majority of the precipi­
tates are much smaller (~ 0.1 /lm) than the wavelength of the infrared light (~1 I'm)
the scattered intensity can be described by Rayleigh theory

I 1 -2y2. 20
scattered rv ..\4 a SIn- (Fig.8);

311" n2 - 1
a=-

4 n 2 + 1
(8)

where Y is the volume of the precipitate and 0 the angle between the electric field, E
of the polarized light and the scattering direction [46J.

Fig. 8: Rayleigh intensity as a function of 0.

Fig. 9: Schematic diagram of the
Ultramicroscope.

specimen

\

'AI
I"

condensor

Most groups e.g. [47J, [48J are using a dark field illumination method which is known
as the "Ultramikroskop"(see e.g. [49]) as shown in figure 9. The image is generated by

i I
b:d~icroscope objective

UJ
\ I I

light which is scattered by the precipitates under ~ 90°. To obtain a sufficient intensity
th"" ",l"",rtr; r- "::;",lri ; tho nola...;17arll; .....1-d- must 1--", ....... o ........ oYlo.A~ Hl"' .... +..... +1....... .... .... ...++........in ..... ..J~~ .........+~ .....~
" .L " L .L V.L.L yVL J.. ..Li...., .1...l6..L-'-l> -l.l UO\J u p'-'J.!-''-' U..l U.lu,.l ..,V lo.l.lI;J ':'I..-o,lIlJC'.1.11.o U.L.LClvlJ.lV.l.l

(see equation (8)). Since lasers are usually employed for illuminating only a very small
area of the sample, the image must be formed by a 2-dimensional scan of the laser
across the sample. This technique is therefore known a Laser scanning tomography in
the literature [47J. The image must be processed by a computer which also synchronizes
the movement of a x-y-table neccessary for the scanning of the laser. In the present
work we are employing a much simpler conventional illumination technique as indicated
in figure 10. A sample area corresponding to the field of view is illuminated by a 100 W
light source through an annular diaphragm. The numerical aperture of the condensor
and the objective are adjusted so that no direct light enters the microscope. Since the
illuminated area covers the field of view an instantaneous image can be achieved without
computer processing. In contrast to LST which requires a specially prepared surface

13



Fig. 10: Schematic diagram for a
conventional dark field illumina­
tion.

Ga.As-sample

condenser

! annular

I----'----! II / diaphragm

for the illumination under 900
, wafers polished on both sides can be investigated in a

nondestructive way by the present method. For investigating smaller size precipiates
LST, however is superior because for the standard darkfield illumination dust and
surface defects contribute considerably to an undesireable background illumination
against which the defects to be studied are seen. Preliminary TEM-studies measuring
the size of small matrix precipitates in GaAs [50J indicate that precipitates as small
as 20 nm can be resolved by LST. The resolution of the present method is currently
being investigated. Preliminary results indicate a value of ~ 200 nm.

Note: Most of the dark field images presented in this paper show inverted (by electronic
means of the CCD-camera) contrast, i.e. precipitates appear as black dots on a bright
background. It was found that this helps improving the visibility of smaller precipitates.

Polarisation Microscopy

Dislocations become visible in a polarisation microscope because their stress field gen­
erates an optically anisotropic zone around the dislocation in an elsewhere isotropic
crystal. For crossed polarizers this results in birefringence images. The basic principle
of this method is illustrated in figure 11. The light v"rave, 1\1 is split into the two nor­
mal modes Ml> M2 for which the optical path is different in the anisotropic material.
Because of the phase difference, e developing between the two modes which interfere
after passing through the analyzer, the intensity in the image plane is not zero but
depends on the phase difference eand the orientation of optical axis of the anisotropic
material. The intensity has a maximum at ip == 450

•

Differential interference contrast, DIC: (Nomarsky-technique)

This technique is usually employed to image surface reliefs (e.g. photoetched surface)
in reflection mode. For transparent samples the method, however can also be used for
transmitted light as illustrated in figure 12.
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Fig. 11: Illustration of polarization microscopy (polarizer and analyzer are polarizing
filters with an efficiency of ~ 10- 4 for near IR-light).
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F'ig. 12: Illustration of a DIC-microscope for transmission mode (H = height)
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The DIC method employs a polarisation microscope with an additional component,
which generates a double image of the object. Both images are superimposed so that
light waves emitted from adjacent points of the object interfere. The distance between
the points is of the order of the microscopic resolution. The phase difference between
the two waves is therefore determined by the slope of the surface profile, i.e. the contrast
becomes proportional to grad H as illustrated in figure 12. This results in a light­
shadow effect creating a ii-dimensional appearance of the surface relief. For imaging
the surface of the sample the DIC-transmitting mode has no advantage compared to
the reflecting mode. It could, however be important to reveal, e.g. variations of the
refractive index, n within the crystal. An example will be discussed in section 3.4.2.

The image doubling is usually achieved by a socalled Wollaston prism which consists
of two wedge shaped prisms made out of crystalline quartz. The optical axis of the two
prisms are oriented perpendicular to each other. Polarized light with a 45° orientation
to the optical axis is split into two waves with equal intensity. After passing through the
Wollaston prisma the two waves propagate in slightly (t) different direction generating
a double image beyond the analyzer.

2.3 The electron beam induced current method (EBIC)

The method is widely used to image surface near microdefects of semiconductors by the
scanning electron microscope, SEM [51, 52]. Figure 13 schematically shows the usual
arrangement for EBIC observation in the SEM, when charge collection is performed

/e--beam

thin metallic layer

volume of e--beam
generated electron-hole pairs

d 1 4-.J •epieten region
(space charge region, SCR)

h, I
~ I penetration depth of e-beam, R
- • v - I

width of SCR, W

13: Schematic diagram of the EBIC-method.Fig.
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the Schottky diode and generates electron hole pairs up to a depth, R. These pairs
are separated and collected by the built-in field and the amplified current is used
to modulate the intensity of the SEM-monitor. The electron beam of the SEM and
the monitor are performing a synchronized scan and as a result a current map of the
semiconducting sample is obtained imaging the surface near microdefect structure.
If the defect increases the carrier recombination rate locally it shows up as a dark
feature. More generally the collection efficiency is determined by the diffusion length
of the minority carriers L =~ (where D is the diffusivity and r the lifetime of
the minority carriers), the width of the depleted region, W in which all beam induced
carriers are collected and the penetration depth, R of the electron beam. Electron­
hole pairs which are generated outside the depleted region are not collected through
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the electric field but must diffuse back to the Schottky barrier to contribute to the
monitor signal. The width of the depleted region is given by

(9)

where c is the dielectric constant of the semiconductor, Vo the built in voltage, Vb the
applied bias voltage and ND - NA the net ionized impurity concentration.

The efficiency for the current can be calculated as a function of the e" beam energy
(which determines R), the diffusion length L and the width of the depletion region.
Two examples are given in figure 14. By measuring the efficiency as a function of
the e'" beam energy and comparing the results with calculated values in figure 14 the
diffusion length and the depletion zone width can be determined. Equation (9) then
allows to calculate the free carrier concentration ND - NA.
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Fig. 14: EBIC efficiency dependence on the e- beam energy, diffusion length L and the
width of the depletion zone.

30 Results and Discussion
3.1 "Cottrell"atmosphere of Dislocations in Doped Material

In this section we will first present experiments which show that the NIR-image con­
trast of "Cottrell"atmospheres in doped material is mainly caused by the fact that
the refractive index close to the dislocation is different from that in the surrounding
material. We will then discuss evidence for a model in which this difference in the
refractive index is attributed to a change in the free charge carrier concentration and
we will show that the experimental results can be described by this model.

3.1.1 Interpretation of the NIR-image contrast:

Studying n-type doped GaAs with photoetching, [53J photoluminescence-[53], EBIC­
[9JandRamanscattering~[lO)zones around dislocations extending up to a distance of
about 100 pst: have been found which exhibit a different etching rate, photolumines­
cence yield, EBI-Current and a Ramanshift of phonon-coupled plasmon modes. Since
the formation of these zones in doped samples have been attributed to the interaction
of impurities with the dislocation they are usually associated [53, 9] with the term

17



Cottrellatmosphere. Although it will be shown in section 3.2 that the term Cottrellat­
rnosphere is probably misleading in the present case, we will use it nevertheless in the
following discussion for the sake of simplicity",

Figure 15 pictures such a "Cottrell"atmosphere after photoetching; the surface profile
around the dislocation is raised since the etching rate is decreased because the width

Fig. 15: Surface profile around a dislocation
after photoetching of Si-doped GaAs.

of the space charge region W ~ No
1

NA is smaller in this zone. In the present work it
was found that "Cottrell"atmosp~erescan also be observed by NIR-microscopy.

An example for two different areas of a Te-doped material is shown in figure 16.
The "Cottrell" atmosphere around the dislocation becomes visible because the optical
properties differ from those in the surrounding material. In the following we will discuss
the question whether the image contrast is caused by a variation in the absorption
coefficent, a, in the refractive index, n or by gradients in the refractive index.

100 fin1

Fig. 16: Brightfield images of aTe-doped material grown by Vertical Bridgman-tech­
mque.
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rection 'of the absorption coefficient. On the other hand the contrast of the "Cot­
trell" atmospheres is bright (B) in some and dark (A) in other cases. This result is
presented again but more clearly in figure 17. The "Cottrell" atmosphere of a dislo­
cation segment appears bright, a) (dark, c)) if the microscope is focussed on a plane
which is closer to (further away from) the dislocation and focussing on the dislocation
elimates the contrast almost completely. Such a behaviour cannot be attributed to a
variationof'the absorption coefficient but must rather be correlated with the refrac­
tive index. As illustrated in figure 18 a "Cottrell" atmosphere with increased refractive

2To indicate those cases for which the term in fact is unreasonable it will be put between
quotetionmarks
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100 /lm

Fig. 17: "Cottrell"atmosphere of a dislocation segment close to the surface of a Te­
doped sample. Figure a, b, c correspond to different focussing condition (a) closer, (b)
in focus, (c) further away.
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Fig. 18: Contrast generated by a converging lens under different focussing conditions.

index would basically generate the contrast of a converging cylindrical lens. Vanishing
contrast when focussing on the centre of the lens (F 2-plane) and bright (dark) center
contrast with a dark (bright) halo for focussing on the F1(F3)-planes. If the refractive
index is decreased in the "Cottrell"atmosphere the contrast would be reversed for the
same focussing conditions. This can be observed for Si-doped material as shown in
figure 19 indicating that for Si-doped material, n is smaller in "Cottrell"atmosphere.
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100 pm
Fig. 19: "Cottrell"atmosphereatmosphere of a dislocation segment close to the surface
of a Si-doped sample. Figures a, b, c correspond to different focussing condition (a,
further away; b, in focus; c, closer).

(10)see ref. [49 p. 661- -4Lln
f =

Assuming that the above interpretation of the bright field contrast is correct, the
"focal length" of a "Cottrell" atmosphere can be estimated from figure 17 and 18 to
about 80 ut«. This corresponds to a "refraction effect" d/f ~ 0.04. In figure 19 the
"Cottrell" atmosphere extends over a larger area d ~ 23 pm (this is due to a post
growth annealing treatment which will be discussed in section 3.2.1) and the measured
focal length is about 250 ps«. The "refraction effects" d/f ~ 0.06 is somewhat larger
but of the same order of magnitude as for the Te-doped material. Using the expression
for the focal length of a cylindrical lens as shown in figure 18, which is given by

n·d

the difference between the refractive indexes in the matrix and the "Cottrell" atmos­
phere can be estimated to Lln ~ 0.03 and 0.045 respectively.

make objects visible which give rise to refractive effects. In spite of the fact that the
"Schlieren"microscope used in this work would be able to detect "refraction effect"
at least on order of magnitude smaller than estimated above, "Cottrell" atmospheres
do not generate any visible image contrast for similar illumination intensities as used
for the bright field images in figure 16, 17 and 19. This indicates that the "refrac­
tion effects" and values for Lln estimated above are much to large" or in other words
that the image contrast in figure 16, 17 and 19 must be interpreted in a different
way. Before presenting an alternative explanation for the bright field images of "Cot-

3This will be confirmed by the results from phase microscopy which find values for ~n almost two
orders of magnitude smaller

20



trell" atmospheres the results of figure 20 will be briefly discussed. When increasing the
illurniniation intensity by more than an order of magnitude the "Cottrell"atmosphere
becomes also visible in the "Schlieren'tmicroscope.cThis is probably due to the fact
that this contrast technique __ as discussed in the previous section -cis also sensitive
to phascobjecta, although only to higher order terms ('f'2 .. .). Higher illumination
intensities are requiredfordetecting thesehigher order effects

100 I'm

Fig. 20: Comparison of phase microscopy- and "Schlieren"images taken from identical
sample areas: (Note: The illumination intensity for figure c) and d) is about an order
of magnitude larger than in figure a), b)).

Returning back to the explanation of the bright field images of "Cottrell" atmosphere
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well known fact to microscopists that small phase objects can be visible in ordinary
microscopes. An example is given in figure 21, which shows a typical phase object
(epithel cells) taken by phase microscopy and bright field contrast for different focussing
conditions. A theoretical decription of these effects has been given by H.H. Hopkins in
[54J The visibility of small phase objects is largely due to the failure of real microscope
objectives to collect all the light which is diffracted by the object, i.e. the missing part
of the deviated light is responsible for the image contrast. Among earlier microscopists
(see also [41, 42]) it was well known that the contrast could be made more pronounced
by slight defocussing of the microscope as shown in figure 17, 19 and 21. The improved
contrast is usually accompanied by a lower lateral resolution and an increase of adverse
diffraction effects.
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Fig. 21: Phase microscope (a) and bright field images (b: in focus; c: out of focus
(close) d: out offocus (far)) of epithel cells.

The most pronounced image contrast ofa phase object naturally can be obtained by
phase microscopy (figure 21a). This is also the case for "Cottrell"atmospheres (see
figure 22 and 23) again identifying them as pure phase objects. Strong absorption Or
refractive effects (or gradient in n) can be excluded from the previous discussion.

Whereas the "Cottrell" atmosphere in figure 22 remains almost invisible under bright
field condition those parts which are out of focus (see dislocation segments A in figure
23) again show a stronger contrast. Since the microscope is equipped with a phase
ring which creates a positive phase contrast the "Cottrell" atmosphere of Tc-doped
(Si-doped) GaAs must be optically denser (less dense) than the surrounding material.
Employing equation (7) the difference in the refractive index, Cln can be roughly esti­
mated if we assume that the image contrast in figures 22 and 23 is between 0.05 and
0.25.

Cln -
K· t .A--.-
21f d

(11)

where t = 0.5 and d ~ 10/lffi (width of the "Cottrell"atmosphere)

4 . 10- 4 < Cln < 2 . 10-3
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100 flm
Fig. 22: Comparison of a phase microscope - and bright field image of the identical
area in a Te-doped sample (Ph. C.: a, b; BF: c,d).

100 fl~
Fig. 23: Comparison of a phase microscope - (a) and bright field (b) image of the
identical area in a Si-doped sample.

This means that .6.n is one to two orders of magnitude smaller than from the earlier
• 1'1 1 1 -l'l' • £,11",""11' b.estimate wrucn was oasen on a raise interpretation 01 the ongnt TIeiQ Images. As a con-

sequence the refraction effects generated by "Cottrell"atmospheres must be also much
smaller (djf = 4~n "" 10-3

) explaining why no "Schlieren"image can be obtained
under normal illumination condition as used for bright field - and phase microscopy.
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Haloeffects of phase contrast images:

Haloeffectsare well known among phase microscopists. The dark (bright) central
contrast in figures 22a and 23a is accompaniedbya bright (dark) halo. These effects
would not exist for ideal phase contrast conditions as described in the previous chapter.
Haloeffects are due to the fact that for real phase microscopy the phase ring has a finite
extension '(i.e,it is not infinitesimal small). As a result part of the deviated (diffracted
by the phase object) light also passes through the phase plate, thereby receiving a
phase shift of=90os.. For this reason Haloeffects are less pronounced for smaller phase
objects because more light is diffracted by larger angles.

Theoretically it can be shown [41] that the distribution of the intensity generated by a
phase object shown in figure 24a may differ from the ideal distribution (solid curve in
figure 24b) in two respects. (Differences depend on the parameter P = 211 ¥j>.d, where W
is the width of the phase ring, d the diameter of the phase object, f the focal length of
the microscope objective and A the wavelength of the light). The haloeffect increases
with increasing d,W and decreasing f and the central intensity approaches more and
more the intensity of the surrounding. With increasing P this means that for real phase
microscopy large phase objects are only visible along the borderline which separates
areas with different refractive indices. This effect can be demonstrated by imaging the
same "Cottrell"atmosphere for different parameters P. As shown figures 25 a) and b)
the center contrast is reduced for higher magnification because this corresponds to a
larger P-value: see table 1.
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Fig. 24: a) Disc shaped phase object; b) Calculated radial intensity distribution of
this phase object for different parameters of P. The calculation were based on a phase
difference of 'P = 25°.
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Fig. 25: a), b) Influence of parameter P on the image contrast of "Cottrell" atmospheres
in Si-doped GaAs (insert in a, corresponds to figure b». c), d) Influence of parameter
P on the image contrast of "Cottrell" atmospheres in Te-doped GaAs (insert in c,
corresponds to figure d).
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3.1.2 Interpretation of the difference in the refractive index between the "Cot-
trell" atmosphere and the surrounding materia!

As already shown in the previous section "Cottrell" atmospheres can be studied by
photoeteching,photoluminescence, EBIC, Ramanscattering as well as by phase mi­
croscopy.The effects observed by different techniques have been attributed to similar
mechanisms, which may be also helpful for interpreting the observed difference in the
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refractive index between the "Cottrell" atmosphere and the surrounding material. For
following this route it is important to prove that different techniques indeed are looking
at the same effect, i.e. the same zone around a dislocation. The phase microscopy is
able to observe "Cottrell" atmospheres in the volume as well as in surface-near areas of
a sample. Therefore it is possible to. compare the result of phase microscopy with that
obtained from photoetching (only revealing surface structures) for a particulardislo­
cation. This is seen in figure 26:· TheDIC-image showing the etching profile reveals
several dislocations emerging at the sample surface.rThe phase contrast image shows
that these dislocations are lying almost parallel, slightly inclined to the surface. This
configuration allows to measure the width of a particular "Cottrell"atmosphere by
both methods and the result confirms our expectation that different techniques indeed
reveal the same zone around the dislocation.

100 !Lm

Fig. 26: a) Differential interference contrast (DIC)-image of a photoetched surface.
The Si-doped material received a post growth annealing treatment of 40 h at 950 DC.
b) Phase contrast image of the identical area.

The reduced etching rate is due to a reduced concentration of holes in the "Cott­
rell" atmosphere. This has been interpreted [53] as being due to an increased concen­
tration of Si and so called nonradiative recombination centers, the nature of which
remains unclear. The increased concentration of both defects has been attributed to
their interaction with dislocations. The result of photoluminescence - BBIC - [9J and
Ramanscattering [10} measurements are often also expla.ined in terms of this model,
although photoetching (see equation 9), BBIC and Ramanscattering cannot determine
the concentration of Si directly, but only changes in the free charge carrier concen­
tration, ND - NA. Such a change, however can also be caused by a redistribution
of donors and acceptors, i.e. for example by increasing the number of donors at the
expense of acceptors. This interpretation would be also consistent with the photolu­
minescence results which indicate an increase of donors. In the next section we will
discuss a possible mechanism together with arguments which make an increase of Si
in a zone extending up to 50 ps». from the dislocation very unlikely. An increase of Si
isalso unnecessary since all result including those from phase microscopy (as shown
below) can be understood in terms of an increased free carrier concentration only. In
addition recent measurements of the diffusion of single Si-atoms in GaAs show that
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their diffusion length at 950 DC is much too small (see also section 3.2.3) to explain the
large extension of the "Cottrell"atmosphere.

The results for Te-doped and Si-doped material (which has been grown from a Ga­
rich melt) exhibit a decrease in the free carrier concentration around dislocations.· This
has been measured by EBIC [9, 55] and is shown in figure 27 and 28 by an increased
etching rate (see figures 27e, 28e) and a dark center contrast (see A in figures 27c, 28a,
c) in the phase microscopy images. Results ofSi-dopedmaterial grown from Ga-rich
melt show some features which are yet not The radial distribution

e)

r 1000 A
10/lm

100 /lm

Fig. 27: a), c) Phase microscopy images of "Cottrell'iatmospheres associated with sur­
face near dislocations (Te-dopcd material). b), d) DIe-images of the photoetched
surface area identical to a). e) Surface profile close to a dislocation afterphotoetching.

27



100 !Lm

1000 A

50 uit:

Fig. 28: a), c) Phase microscopy images of "Cottrell"atmospheres associated with sur­
face near dislocations (Si-doped material grown from Ga-rich melt). b), d) DIC-images
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after photoetching.

of the etching rate is rather complicated and the area of the reduced etching rate (see
annular area B in figure 28b, e) extends further from the dislocation than the dark

• . , ,1 1 b 1 • rrvt 1 1 .IT 1.. '.c. flOcenter corurasi.-ooservea y pnasc rmcroscopy.vu ne naroerrects In ugure"'oa appear
rather strong, indicating that they may not be entirely due to imperfections in the
imaging system. Further investigations are neccessary to understand these details; the
main result of figure 28, however, is qualitatively the same as for Te-doped material. It
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is interesting that the microdefects around dislocations resolved by photoetching (figure
29) are also similar for both materials. Detailed analysis shows that the microstructure
laterally extends over the same area (see e.g. dislocation A in figure 27 and 28) which
also exhibits dark contrast in the phase microscopy image, i.e. an area where the free
carrier concentration should be reduced. For Te-doped material it has been shown
by TEM-studies [56] that 2-dimensional precipitates are formed around dislocations,
which have been identified as Ga2Te3 [57]. The formation of Te-precipitates could be a
possible mechanism for explaining the reduction of the free charge carrier concentration
in the "Cottrell" atmosphere. The microstructure detected around dislocation with
photoetching for the "Ga-rich" Si-doped material has not yet been studied by TEM.
Therefore it is unclear whether the reduced free carrier concentration can be associated
with formation of precipitates.

I I

Relation between the refractive index and the free charge carrier concentration:

In a conducting material the refractive index will become dependent on the free charge
carrier concentration n, if the frequency of the electromagnetic wave is high enough that
the inertia of the electrons is affecting the induced current. In this case the refractive
index decreases with increasing fi because the induced current is lagging in phase. As
shown e.g. in ref. [58] the change in the refractive index becomes equal to

Lin = (12)

Changes of the free carrier concentration measured by EBIC [9, 55] are listed in Table
II. From these values for Lin we can estimate the corresponding phase shift and Lin due
to the "Cottrell"atmosphere (for table II, d :=:::: 5 pm has been assumed) as well as the
contrast expected for phase microscopy images. The estimated values for K roughly
agree with those observed in phase microscopy images.
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Table II: An (cm-S ) An 'P (radians) K

[9] Si-edoped ' ~ 1.5.1017 ~ -10-3 -0.03 +0.12

[9J "Ga-richH -5.5.1017 ~ +3.5 .10-3 +0.11 -0.4
Si-sdoped

[55J Te--cloped _4.1017 ~ +2.5 .10-3 +0.08 -0.3

Comparison of absorption and phase contrast:

Employing equations (7, 11) for the refractive index and equations (1, 2) for the ab­
sorption coefficient we can now quantitatively answer the earlier question: To what
extent is the phase microscopy image caused by changes in the absorptioncoefficent
and refractive index, .respectively?

KLJ.a -6.0: . d/2
K, ==--h·6.n·;\
~n t A

.10-3 (13)

In agreement with our earlier conclusion absorption effects are completely negligible
as compared to the influence of the refractive index. In addition the contrast expected
from absorption effect would be inverse to the observed one, i.e. an increased free carrier
concentration (figure 23) would generate a dark contrast of the "Cottrell" atmosphere if
absorption effects were dominating.

Although bright field images are less sensitive for phase objects (see figure 21), because
the image contrast is only due to imperfections in the imaging system, absorptions ef­
fects are still negligible for "Cottrell" atmospheres as shown earlier. For image contrasts
caused by variations in the free charge carrier concentration phase contrast effects are
dominating absorption effects. This is very important e.g. for calculating variations in
the doping concentration due to growth striations. These calculations have been often
based in the past on absorption [40] effects only (see also section 3.2.3).

Dependence of phase contrast on the wavelength:

Most phase contrast images presented in this paper have been obtained in a wavelength
region which is determined by the spectral absorption (see figure 3) and by the spectral
sensitivity of the CCD-camera (see figure 4) i.e. 0.9 < A < 1.4 I'm. Three (a, c, e)

.. .... .. .... ....0 ,.., ..... r- A .... I I .... 0'" \ rnlat the Images shown In ngure a - were taken at a waveicngrn OIU.~ ~:t:u. I} /-lID. r ney

exhibit a much more pronounced contrast than images taken at larger wavelengths.
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Fig. 30: a), b) Phase microscopy image of Te-doped material grown by VB-technique:
a) A = 0.9 /lm b) 0.9 < A < 1.4 psi:

c), d) Phase microscopy image of growth striations in Si-doped GaAs (LEe-grown):
c) A = 0.9 /lm d) 0.9 < A < 1.4 /lm
e}, f) Phase microscopy image or Te-doped material grown by Vfs-technique (a very
high growth rate results in a higher dislocation density which is reflected in the forma­
tion of cellstructure):
e) A = 0.9 /lm f) 0.9 < A < 1.4/lm
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According to equation (7), (11) and (12)

K =

we expect a higher contrast for larger wavelengths. This indicates that equation (12) is
probably too simple to relate the free carrier concentration with the refractive index in a
realistic way. From a theoretical point of view this is not surprising, since the refractive
index, Il' is associated with. the absorption coefficient via the Kramers__Kronig relation
[60]

new) -1
~jOOW'k(w')dw'
271" W /2 - w2

o

where w'k(w') 4 is proportional to the absorption coefficient a(w l
) . In principle the

refractive indexn therefore can be calculated if the absorption coefEicent is known for
all frequencies. Unfortunately this is not the case particularly for frequencies above the
absorption edge. Since we are mainly interested in the refractive index slightly belowthe
absorption edge (near infrared: 0.9< A. < 1.3 pm) the two main absorption mechanisms
important in this frequency range should be also relevant for determining the refractive
index: (i) The fundament absorption at the band edge,
(ii) the interconduction band transition [37]

Both mechanisms can only be understood quantummechanically and they are not related
to the simple model which was used to derive equation (12). Employing the dispersion
relation (15) F. Stern [61] estimated the contribution of free carriers through intercon­
duction band transitions to the refractive index to

(16)

where E is the photon energy in (eV). Although this relation is determined by a com­
pletely different rnechanism as compared to equation (12), it is interesting that ~n is
similar in both cases (cm(16) / D.n (12) ~ 0.3). Also D.n·"" 1/w2 for both mechanisms,
i.e. neither one is able to explain the result shown in figure 30. To obtain the correct
frequency dependence it is important to take the fundamental absorption into account.
As a result of the steep rise of the absorption at the band edge the refractive index is
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Fig. 31: Measured and calculated re­
fractive index for pure QaAs [61] at
300 K.

4k(w')is the extinction coefficient
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It has been shown in Ref. [62J that for n-doped material the refractive index is less
peaked 5 than for undoped material. For increasing doping concentration (n-type) this
peak receives a so called Burstein-shift [63] to higher frequency values, because the
absorption edge of semiconductors, with small energy state densities the conduction
band is shifted to higher energies. Calculated and measured data from ref. [62J and
[64J, resp. are shown in figure 32a, b. It is interesting to note that the measured data
show a stronger dependence on the doping concentration particularly in the range of
1018 (cm-3) ; the measured variation of .6.n with Afi is very close (,,"30 % larger) to
that calculated from equation (12). As a result of the Burstein-shift the same change
in the free carrier concentration, .6.n, introduces a larger variation of the refractive
index at higher frequencies. This explains qualitatively the result shown figures 30, i.e.
a higher contrast for a smaller wavelength.

Energy, hv (eV)
1.35 lAO 1.45

Energy, hv (eV)

Fig. 32: Measured a) and calculated b) refractive index values as a function of energy
for different concentrations of n-type impurities [62].

3.2 Application of Phase Microscopy

In the previous sections we have shown that phase microscopy can be employed to study
variations of the free charge carrier concentration associated with the microstructure in
doped GaAs crystals. Phase microscopy has a similar potential to study these effects
as photo-etching, EBIC and Ramanscattering: while all techniques exhibit similar
lateral resolution of :=::::; 1 pm, phase microscopy is probably not as sensitive as the other
methods to resolve variations in free carrier concentration (the lower limit is probably
.6.n "" 5.1016 cm-3

) ; in this respect photo-etching is superior to all other techniques
although it only provides qualitative results. A calibrated photo-etching technique
remains to be established. The main advantage of phase microscopy is that variations
of the free carrier concentration can be determined also inside the material whereas
only surface effect can be detected by all other techniques. This is very important when
studying post-growth annealing effects, which will be discussed in the first part of this
section. High temperature (.<, 600 DC) annealing treatments inevitably damage to some
extent the surface of GaAs-samples. As a result identical areas of the sample cannot
be compared before and after annealing when employing only surface techniques. With
phase microscopy it is possible to study annealing effects on specific "Cottrell" atmos­
pheresor dislocations inside the sample.

5Because the increase of the intrinsic absorption is much less steep than for pure GaAs, see ref.
[36:pageR148]
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In the second part of this section we will present results obtained by phase microscopy
on gliding processes which occur due to the builtup of thermal stresses during the
cooling period after the crystal growth is completed. In the third part we will discuss
phase microscopy studies on growth striations. From annealing results of growth stri­
ations we will obtain informations about the diffusion of Si in GaAs, which is still a
controversial issue in the literature. Finally, details of the microstructure in Te-doped
material as obtained by photo-etching and phase microscopy will be described.

3.2.1 Post growth annealing studies

a) Si-doped material: 950 DC annealing treatment.

In order to compare the effect of annealing on the microstructure, individual dislo­
cations and "CottrelJ"atmosphere were documented before annealing as shown in in
figure 33a, b, c, d. After the annealing treatment (see also chapter 2) the samples
were repolished and identical sample areas redocumented (figure 33e, f, g, h). Dur­
ing the 10 h anneal at 950 DC all "Cottrell" atmospheres have substantially grown in
diameter (to about 14 /lm) and, in addition, some of them also show growth of lat­
eral humps (A). It should also be noted that along some short dislocation segments
"Cottrell"atmospheres do not grow (B).

The result of an additional annealing of the same sample for another 40 h at 950 DC is
shown in figures 34 and 35 for the two areas from figure 33a and b. A further growth
of the "Cottrell" atmospheres to about 30 /lm in diameter can be observed. The fact
that the contrast of the "Cottrell" atmosphere after the second anneal appears much
fainter, is probably due to the imperfections of the imaging technique (see real Zernike
method in section 3.1.1). The size of the lateral humps is also increasing and dislocation
segments which did not show any growth of the "Cottrell" atmosphere during the first
annealing treatment remain unchanged also during the second anneal.

Employing also dark field contrast (see Chapter 2) large precipitates decorating the
dislocation can be detected as shown in figures 34d and 35d. It is interesting that lateral
humps are observed where the dislocations also show lateral extensions decorated with
precipitates and dislocation segment where there is no growth of the "Cottrell" at­
mospheres no decoration precipitates can be detected either. This shows that there
is a strong correlation between the growth of the "Cottrell" atmosphere and that of
~ .' • '., F • 1 (',1 • l' ." 1 l' 1 1, \ "',uecorauon precipitates (more evidence tor trns conclusion Will oe cnscusseo later). r ne

fact that no precipitates can be observed in the as grown material as well as after the
10 h annealing treatment could either mean that they are only formed after long time
anneal or, more likely, that they are too small to be visible by our DF-technique.6

6The resolution of this technique is currently being determined by TEM-studies in our laboratory.
Preliminary results indicate that DF-fechnique can resolve precipitates which are larger than 0.2 utn,

The size of precipitates which exhibit a similar lR-scattering intensity as those in figure 34d and 35d
have been measured by TEM [50] to about 0.30 utu, Assuming a one to one correlation between the
formation of precipitates end the Cottrellatmosphere (see equation 17) we can estimate the size of

( )

2/ 3
precipitates after a 10 h anneal to 110 = ~ .150 ~ 0.2 ;.tm i.e. they may be justtosIila11to be

visible.
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100 /lm

Fig. 33: Phase microscopy images of "Cottrell" atmospheres for Si-doped material: a),
b), c), d), before annealing; e), f), g), h) after 10 h at 950 aC.
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Fig. 34: Phase microscopy images of "Cottrell" atmospheres for Si-doped material
a) b) after 10 h; c) after 50 h; d) dark field image after 50 h anneal at 950 DC.

The diameter of "Cottrell" atmospheres in Si-doped material at 950 DC is growing pro­
portional to the square root of the annealing time..' This means that the kinetics of
the underlying defect mechanism for the formation of the "Cottrell" atmospheres is
that of a diffusion process. It should be noted that only a limited amount of data is
available and additional experiments will be required to confirm this conclusion. The
result, nevertheless, again raises the question, whether it is justified to apply the term
Cottrell-atmosphere to the zones around dislocations which can be observed by phase
microscopy and other techniques? As shown below real Cottrellatmospheres are not
dominatedbya diffusion process. We still use the term Cottrell atmosphere here as
already mentioned in section 3.1 - because photo-etching and EBIC-results have been
attributed to an increased Si-concentration in the zone due to an elastic or electric
interaction of Si-atoms with the dislocation. The crucial question is, whether a suffi­
ciently strong interaction can exist up to distances of 50 I'm from the dislocation equal
to the lateral extension of the observed "Cottrell" atmospheres? To answer this ques­
tion the definition and main characteristics of Cottrell atmospheres shall be repeated
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Fig. 35: Phase microscopy images of "Cottrell" atmospheres for Si-doped material
a) as grown; b) after 10 h; c) after 50 h; d) dark field image after 50 h anneal at 950 "C.

employing the schematic diagram in figure 36. A Cottrell atmosphere is characterised
by an increase of the impurity concentration close to the dislocation core due to the
attractive interaction of the impurities with the dislocation. The impurities are de­
livered via diffusion from the outside of the "Cottrell"atmosphere and, consequently,
a denuded (reduced impurity concentration) zone is formed around the real Cottrell
atmosphere as indicated in figure 36. Within the Cottrell atmosphere the interaction
energy between the impurity and the dislocation is sufficiently strong to trap impurities
permanently. The lateral extension of the Cottrellatmosphere is roughly determined
[59] by the distance from the dislocation where the interaction energy becomes equal
to k'I'rWithin the Cottrell atmosphere the flow of impurities is determined by the
interaction with the dislocation and can be described as a drift term j ~ & grad E,
(E i = interaction energy) which is much larger than the normal diffusion j = D grad c.
Outside the Cottrell atmosphere where the interaction energy becomes <kT the flow
ofimpuritesis determined by normal diffusion (these arguments arediscussed in ref.
[59, 65, 66]). ,

7The term Cottrell atmosphere is not restricted to impurity .accumulations around dislocations.
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Fig. 36: Schematic diagram of
a Cottrellatmosphere: Radial
dependence of the interaction
energy,E;and impurity con­
centration, c;mp
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The apparent "Cottrell"at­
mosphere for Si-doped mate­
rial is still growing at 950°C as
shown in figures 33, 34 and 35.
In the case of a real Cottrell
atmosphere the interaction en­
ergy within this zone must be
larger thankT ~0.1 eV (for
950 °C).Since the lateral ex­
tension is Toughly 30 .uu: and
the interaction energy falls off
with the distance from the dis­
location, E; ~~, we can esti­
mate an interaction energy in
the core area of the dislocation
ofroughly 5000 eV. This value

too high by probably three
orders of magnitude. There­
fore, the features observed in
Figs. 33 - 35 are only apparent
"Cottrell"atmospheres. They
are denuded zones 7, with an

extension which is determined by the diffusion length of the defect responsible for the
increased free carrier concentration in this zone. Therefore, we must exclude Si as a
possible defect, since the concentration of Si would have to increase in the denuded zone
to explain the observed increase in the electronic carrier density. The increased carrier
concentration can be attributed to a decrease of the concentration of compensating
acceptors. In the following we shall discuss a possible mechanism 'which explains at
least part of our results. The model is based on the fact that decoration precipitates
are formed during long-time post-growth annealing at 950°C. We assume that these

Native defects may also form Cottrell atmospheres as a result of their interaction with the dislocations.
In both cases the radial distribution of defects can be described as indicated in figure 36 i.e. a Cottrell
atmosphere very close to the dislocation with an increaseddefeet concentration surrounded by a
much further reaching denuded zone (apparent Cottrell atmosphere). For native defects the situation
changes if the dislocation acts a source of defects rather than as a sink. Then, we may see an increase
of defects around the dislocation extending as far as the diffusion of the emitted defect allows. As
shown in ref. [67] and ref. [5} dislocation climb can generate Ga-vacancies which may diffuse into
the surroundings where theycan form Ae-entisites by reacting with Asi-interstitials. D~J. Stirland
et al , [39} indeed measured an increase of EL2 around dislocations reaching as far as 50 uu: into the
surrounding material. His alternative explanation attributing the increased EL2 concentration to the
gettering of point defects in the interaction field of the dislocation must be ruled out, because the
interaction energy is much too small at a distance oflOOJiITL
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are arsenic precipitates since they grow in the same temperature range as arsemc
precipitates in undoped sample. As-precipitates have been identified by TEM in Si­
doped LEC-grown crystals [68J. In order to form As-precipitates an excess of Ca­
vacancies and As-interstitials is required. This condition is very likely because almost
all GaAs-crystals are characterized by a large excess of arsenic as shown by chemical
analysis [69, 70]. From these experiments we must conclude that after solidification
arsenic interstitials and/or Ga-vacancies are present at a level of about 5.1018 (cm-3 ) .

After cooling only a minor fraction of the excess arsenic is found in precipitates. About
1016 cm-3 has been estimated to be present in precipitates decorating dislocations (see
section 4 of ref. [44]. Somewhat higher values (~ 3 ·101S cm-3 ) have been estimated in
ref. [71] and in ref. [72J. In material which received a post growth anneal D.J: Stirland
et al. [73J made a very rough estimate finding about 1017 cm-3 arsenic atoms at most
in microprecipitates,

It is not clear in which form the majority of the excess arsenic exists in the material, but
there are indications [74] that it could be present as interstitial atoms even after cooling
the material to room temperature after crystal growth. For highly n-doped material
we expect from theoretical arguments [75] also a relative high concentration of Ga­
vacancies since they are negatively charged. We further assume that they are trapped
at Si-atoms, forming SiGaVGa-complexes with acceptor character. This type of defect
has been identified by J. Krug and G. Spitzer [76J by measuring IR-absorption at local
vibrational modes. After an annealing treatment at 1100 DC and after quenching the
samples to room temperature they found that SiGaVGa-complexes are formed after an
additional annealing above 450 DC (beginning of vacancy migration). Above 900 DC the
complexes start dissolving again. After a similar pre-treatment of Si-doped material
[77] the yield stress values of the material could be increased by an additional annealing
treatment at 400 and 700 DC. This result was also attributed to the formation of
SiGaVGa-,-complexes. A further indication for [SiGaVGaJ formation in 5i-doped material
in the same temperature region comes from deformation experiment [78]. For our post
growth annealing at 950 DC we assume that the SiGaVGa-complex starts to dissociate
again. 'j'hen,jheGa-vacancy performs a hindered diffusion (as indicated in figure
37) .•.--·being temporarily retrapped at other Si-atoms and released again afterwards.
Ga-vacancies originally trapped in a zone around a dislocation could participate in the
formation of As-precipitates at the dislocation. This would result in a reduction of
SiGaVGa-complexes (acceptors) and a corresponding increase of SiGa (donors) within a
zone extending from the dislocation as far as the hindered diffusion of the Ga-vacancies
allows. By spectral photoluminescence indeed an increase of Si on 'Ga-sites has been
observed,[53]. Thismodelwould b~,con~istent\viththe following.fJp.dings:

(i) The denuded zone is formed along dislocations segments which are also being
decorated by As-precipitates. This is shown in Fig. 35 but it is particularly
evident for the two examples in figure 38. In the figure 38c, the decoration of
the dislocation is interrupted for about 25 Jlm. The cylindrical shape of the
denuded zone around the dislocation changes intohalfsheres at both ends of

interruption obviously determined by the influence of precipitates. In figure
38a the precipitates are too far apart to form a continuous cylindrical zone; the
denuded zone is shaped spherically around each precipitate.
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Fig. 37: Redistribution
of donors and acceptors
in Si-doped material by
dissociation of Sic,VGa­

complexes, hindered dif­
fusion of VGa and forma­
tion of As-precipitates
and climb processes at
dislocation.
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Fig. 38: Comparison of darkfield- (a), c)) and phase microscopy (b), d)) images
of Si-doped material after post growth annealing at 950 DC for about 50 hours.
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(ii) If the dislocation density is very low, i.e. if the dislocations are far apart we
also observe the formation of matrix precipiates (DF-image) and denuded zones
around each individual precipitate, if the material received a post growth anneal­
ing treatment at 950 °C for about 50 h. A reduced etching rate and a bright
phase contrast (Fig. 39c) is found, within the denuded ZOne showing that the
free carrier concentration is increased. This result indicates that the proposed
defect mechanism (fig. 37) can operate under favourable circumstances also in
the matrix.

100 ps«

Fig. 39: Comparison of darkfield- b), phase microscopy- c) and differential interference
contrast (DIe) image a) of matrix precipitates and their associated denuded zone. The
DIC-image a) was taken from a photoetched surface, wherea-s the other two b), c) from
inside the sample.

(iii) If all Ga-vacancies extracted from the denuded zone are only participating in the
formation of As-precipitates we can estimate the size of these precipitates from
the increase in donor concentration measured by EBIC to about 1017 (cm-3

)

(17)

where d .~ 30 pm is the diameter of the denuded zone, ;\ d ~ 3 usi: the aver­
age distance between As-precipitates (tetrahedral shape) and I the size of the
tetrahedron. Although we don't know the size of the precipitates since the cal­
ibration of the darkfield method is yet not completed, I ~ 0.35 tut: estimated
from equation (17) appears as a reasonable values. In particular since this is an
upper limit, because Ga-vacancies may also react with the dislocation itself to
generate a positive climbing steps, which would be associated with the formation
of 'As-interstitials and this in turn may help to grow As-precipitates more readily
along dislocations than in the matrix (see also (vi)).

8The precipitates after 50 h anneal at 950 DC in Si-doped GaAs appears (judged by the scattered
light intensity) somewhat larger as those usually observed in undoped as grown material. TEM sample
from nndoped material reveal As-precipitates of'" 0.3 Jim.
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(iv) The growth of the denuded zone appears to be controlled by a diffusion process
as already discussed. In the present model this must be interpreted as a hindered
diffusion, for which its temperature dependence is determined by the dissociation
of the Ga-vacancy from the Si-atom, i.e. the migration energy of the Ga-vacancy
is much smaller than the dissociation energy. The preexponential factor is then
determined by the concentration of Si-atorns.

D l/ - Em"
~ N2/3 e kT

Si
(18)

Only very preliminary data on the temperature dependence of the diffusioncoeffi­
cient are yet available. At 850 DC after 50 h no measurable growth of the denuded
zones could be observed, whereas at 1010 DC the diffusion constant is roughly 7­
times as large as at 950 DC (see next section). From these very limited data we
can estimate a dissociation energy EDi" :s 3.0eV. Further experiments will be
necessary to obtain an accurate value for Em". It should be noted, however that
the temperature range for measuring EDi" is very limited (probably only ~120 DC
wide) because as shown later additional defect mechanisms seem to dominate al­
ready at 1070 DC (see next section). The estimated value of ~ 3.0 eVfor the
dissociation energy is much higher than the migration energy of Ga-vacancy [79]
and therefore confirms our assumption that the Ga-vacancy will perform a hin­
dered diffusion. It also confirms the experimental results that As-precipitates are
formed much more readily (they are present in as grown material) in undoped
material than in Si-doped GaAs (only after> 40 h at 950 DC), because the dif­
fusion of Ga-vacancies is not hindered by temporary trapping at Si-atorns. It
should be noted, however, that the formation of As-precipitates occurs still in
the same temperature range (900-1000 DC) for both materials.

(v) The formation of As-precipiates is not sufficient for forming a denuded zone
which is visible by phase microscopy or which exhibits a reduced etching rate.
The Si-concentration must be high enough to provide a sufficient increase of
donors (figure 37). This explains - as shown in figure 62m - why the denuded
Z~nDO a-rD .r",..,iH u;";hl",, lou ... 1,,,><:,<:>. Yri; r-v-rv crr.nu T' nhr.tn.-Atrl-.;nO' ::It illp 1-::111 p.ncl ("\f +1,,,,,,

..... .1 '--'oJ 1. ........... .lu.,y ~ .l..:n .....-'-'" .....J 1"-'-.L.....,.., ..... .J..LU ..... .L ...................y.J .l Y.l.l'-'U'-" ..... u .........U.L.Lb ,""v ..H.l ..... ,,,....'~ .. " ........... .., ... iJ.L.L .....

crystal, where the Si-concentration is sufficiently high due to macrosegregation.
Denuded zones become visible for nSi ~ 1.1018 em":'.

(vi) As we will show in detail in the next section glide processes of dislocation have
been observed in Si-doped material due to thermal stresses generated during the
cooling process of the crystals after its growth is completed. Upon gliding the
dislocation unlocks from the denuded zone leaving it behind as a "fingerprint" of
its own original position and configuration. Two examples are shown in figure
33c), d). After annealing at 950 DC for 10 h the denuded zone of the dislocation
(in its final position (a) grows as described at the beginning of this section. The
"fingerprints"of its earlier position widens in diameter with vanishing contrast.
After another 40 h annealing time the "fingerprints"are disappeared completely
(see figure 40). This result is somewhat surprising because on the basis of our
model we would expect that the formation of a denuded zone is correlated with
the formation of As-precipitates though they may be too small to be detected.
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100 J1m

Fig. 40: Phase microscopy b) d) - and darkfield images a) c) of dislocation seg­
ments (AB) which were subject to glide processes during the cooling of the crystal.
The material received a post growth anneal at 950 DC for about 50 h.

the dislocation breaks away the As-precipitates left behind would be expected
to grow further since we also observe the growth of matrix defects, i.e. growth
without the presence of dislocations. Although we do not know the mechanism
causing this result, the presence of a dislocation may have a supporting influence
to nucleate and to grow As-precipitates (as indicated earlier in (iii)). It should
be noted that the present model also allows the formation of denuded zones (less
Ga-vacancies, more Si-donors) even without the formation of As-precipitates
bya 'positive? climb ofthe dislocation. The relation between the diameter of a

, " r 11.,1· l' '·,1.1'J .,., , • . . .. 11aenuaeazone .. lormeQ .. oytnlS. mecnanlsmanatneOls-r;ance a ·QlSloCatlon WOUiQ
haveto.climb to absorb sufficient Ga-vacancies is given by

"" 3.5.10
7 J;n

r.e. if the dislocation climbs by x = 10-4 em a denuded zone of d
could be formed with ~n :=;:j 1017 (cm:").

(16a)

_ 10-3 cm

9 A very detailed TEM-analysis presented in ref. [71] shows that positive climb can be observed
much more often than negative climb (emission of Ga-vecancies or absorption of Asj-interstitials).
This result, however, is in contradiction to an assumption which is often made in the literature that
the excess aresenic is mainly present as As-interstitials.
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Material from other sources: Si-doped material grown by the LEC-method has also been
subjected to a long time annealing treatment at 950 DC. The as grown material shows
also no 'As-precipitates and similar to our material denuded zones around dislocation
exhibiting a bright contrast (~n < 0) in phase microscopy. Upon annealing the de­
nuded zone grows in diameter and precipitates are forming along dislocation, however
smaller in size and number. More experiments are required to study the similarities or
differences between Si-doped GaAs grown with LEC and Vli-technique, respectively.

b)Si-:-doped: .Growth kinetics of the denuded zone

In part a) of this section we already discussed the time dependence of the growth of
the denuded zone at 950 DC. In this part we will briefly describe a few preliminary
results (In the temperature dependent growth.

(i) 850 DC: After a 10 h anneal no growth of the denuded zone could be detected
within our error margins, i.e. ;:::;; 2 /Lm. From this value we can roughly estimate a
lower limit of :S 3.0 eV for the activation energy of the process when comparing

limit of 3 /Lm with the extension of the denuded zone of the 950 DC

950 DC: These data have already been discussed in part a) of this section.

(iii) 1010 DC: After a 5 h anneal the denuded zone has grown the about20/Lm (see
Fig. 41) in diameter.

Fig. 41: Phase microscopy image of identical samples areas of a) as grown material b,
c) (insert in b corresponds to figure c) after 5 h anneal at 1010 DC. Darkfield image d)
was taken after annealing.
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Comparing this with the growth rate of the denuded zone at 950 DC an activation
energy of about 3.0 eV can be estimated. If the growth process is described
by a hindered diffusion of the Ga-vacancy, the dissociation energy of the defect
complex, SiGaVGa must be identified with this activation energy. Although there
are no reliable data available for the migration energy, the values from literature
[79] are much smaller than 3.0 eV. This confirms our assumption that the diffusion
process of the Ca-vacancy is only determined by the dissociation from the Si­
atom. In this case the diffusion coefficient for the hindered diffusion is given by
equation (18).

(iv) 1070 DC: The result of this annealing treatment cannot be employed for determin­
ing the activation energy. The phase microscopy image after annealing indicates
that additional or other defect mechanisms must operate than those at lower
annealing temperature. The zone around the dislocation. exhibits a dark center
contrast with a very faint (not visible in figure42b but vaguely in 42c) bright
contrast extending to about 40 pst: in diameter. Due to its higher sensitivity to
small variation in the free carrier concentration, the zone structure can be imaged
much more clearly by photo-etching. Corresponding to the result of the phase
contrast the surface profile after photo-etching shows a deep depression within
of abroad hillock (100 jJ.m in diameter). The defect mechanism responsible for
the observed variation is not known.

d)
100 /l-ffi

J1000 A

100 j1.m
! I
100 /lm

~

50 jJ.m

Fig. 42: a) and b) are phase microscopy images comparing identical areas of the as
grown material and that which had been annealed for 1 h at 1070 DC; c) different
area after annealing exhibiting vaguely a bright zone around the dislocation; d) surface
profile of a photoetched surface after annealing.
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c) Si-doped: 1100 DC + 950 DC:

The material first received a 10 h annealing treatment at noo DC and, after fast cooling
to room temperature, the sample was again annealed for 10 h, at 950 DC. After the
first anneal the material does not exhibit any phase contrast around the dislocations.
It is interesting that in some parts of the sample decoration precipitates are formed
along dislocations (see figure 43b) at a temperature as high as 1100 -o, although it is a
well known fact that at such temperatures As-precipitates are being already dissolved
in undoped material [80, 81, 82]. It appears that As-precipitates in Si-doped samples
are more stable at higher temperatures. Further experiment are currently performed
to understand this effects.

100 )tm

Fig. 43: The phase microscopy images (a, c) of the denuded zone and darkfied images
(b, d) of the same area after the 950 DC annealing treatment.

The subsequent annealing treatment at 950 DC for 10 h has no visible effect on the
decoration precipitates, i.e. if additional precipitates are formed along dislocations
they are probably to small to be seen. The phase microscopy images, however, do
exhibit again a bright contrast around dislocations indicating that the dissolution and
formation of the denuded zones in this material is reversible (figure a, c). The denuded
zones are formed at all dislocation, those which were decorated during the annealing
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treatment at 1100 DC with visible As-precipitates and those which were not. Figure
43d (DF) shows a dislocation segment which was only partially decorated during the
1100 DC anneal (A). During the subsequent annealing treatment at 950 °C - because
it lasted only for 10 h (see part a) of the section)- no additional precipitates become
visible, whereas the denuded zone is formed along the whole length of the dislocation
segment A and B. In terms ofour model we must conclude that the hindered diffusion
of Ga-vacancies is so fast a 1100 °Cthattheirconcentrationis homogeneous across
the material including the region around the dislocations. A subsequent annealing at
950°C again forms a denuded (lower concentration of VGa)zone around the dislocation
visible in the phase contrast due to the associated increase ofdonors in this zone.

d) Si-doped (grown from Ga-rich melt): 40 hat950 DC

As already discussed in section 3.1.2 the defect structure around dislocations in the
material is different to that observed in Si-doped material, which was grown from nearly
stoichiometric melts. We find a reduction of the free carrier concentration around the
dislocation because the phase microscopy shows a dark contrast (Fig. 44a) and photo­
etching (Fig. 44e) an increased etching rate. In the same area photo-etching resolves
microstructural defects probably due to rnicroprecipitates (see figure 29b). Further
away from the dislocation we observe a broad halo (bright) but the photo-etching rate
remains high. A consistent model to explain this complex result has not yet been
found. Annealing results could not clarify the observations.

The center phase contrast (Fig. 44b) is much darker after annealing than before an­
nealing. This indicates that the free charge carrier density has decreased further.
Considering EBIC~measurements this is surprising, since the free carrier concentration
close the dislocation is as low as fi .~ 5.1016 already for as-grown material [9J, i.e. a
further decrease in Ii should not be visible in phase microscopy. Outside the dark phase
contrast a very faint bright contrast extending to about 40 I'm from the dislocation can
be detected. This can be correlated to abroad (:::::40 I'm) hillock in the photoetched
surface (figure 44f). The increased etch rate in the center of the hillock corresponds to
the dark contrast in figure 44b, which is similar figure 42b (As-rich Sic-doped material
after annealing at 1070 DC). Comparing figure 44b and 44d we must conclude that the
decoration precipitates even for "Ca-rich" material are growing during the annealing
treatment at 950°C, although the decoration precipitates are of the arsenic type as
indicated by photo-etching (see also discussion in section 3.3.3).

e) Si-In-codoped:

Si-In codoped material in the as-grown state exhibits a very similar microstructure as
Si-doped GaAs. Upon annealing at 950 DC, however the material behave very different.
The microstructure developing is comparable to that found in Si-doped material when
annealed close to 1100 DC.

f) Other annealing studies:

Annealing has also be performed on undoped and Te-doped samples. They will be
discussed in section 3.2.4. We have also studied the thermal stability of variations in
the doping concentration due to growth striations (see section 3.2.3).
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Fig. 44: Comparison of a phasemicroscopy a), b) - and darkfield image c), d) for "Ga-
• ~ •• _. - • ~ , .. , ~... ...... ......., • 1'. " " • /'1< T ,

rich" material. e), i ) Surtace pronie around a dislocation alter pnoto-ercnmg ,1'Ote:
a, c, e for as grown material, b, d, f after 950 DC annealing; a, b, c, d show identical
smaple areas).

3.2.2 Glide processes during cooling of the crystal

It has been shown by photo-etching studies [83J that in Si-doped material disloca­
tions are subject to glide-processes during the cooling period which follows the crystal
growth. These glide-processes are probably caused by thermal stresses. Crystal grown
in the present work by VB-methods also show these effects, however usually only in the
last (tail end) third of the crystal. Gliding of dislocation in Si-doped material can be
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detected by photo--etching because defects interacting with dislocation cause changes
in the electrically properties in the surrounding of dislocation. This means that the
gliding traces of the dislocation can be made visible.iSome.examples for these traces
are shown in figure 45. They must be identified as intersection lines of glide planes with
the sample surface, i.e. we can easily determine the type of gliding planes which are
operative. Comparing figures 45f, 46b with the photoetched (110) and (100) surface
it is evident that - in agreement with the literature -most gliding actions take place
on (111)-planes. Fig. 45a, however also shows a different type which can be identified
as a (113)-plane (Fig. 45e). Homstra [84] has shown that [1l2]-dislocation lines on
(113)-slip planes have a ~ [110]-Burgersvectorinzinkblendlattices(see also [85]).

e) [001J f)
r:;;::;:;- :::"~ t

[33~][JJ:!J

[1l0] [1l0]
[332] [332]

Fig. 45: a), b), c), d), DSL-etched surface (110) of Si-doped sample, cut from the
crystal parallel to the growth direction [001]. e) Intersection of (1l3)-planes with the
(llO)-surfaceof the sample. f) Intersection lines of (llI)-glide planes with a (110)­
surface.
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Fig. 46a): DSL~tched surface (100) of Si-doped sample, cut from the crystal parallel
to the growth direction [001]. b) Intersection lines of (lOO)-glide a(llO)­
surface (GT = Glide trace).

Since the dislocation outcrop exhibits a very pronounced etching profile (needle shaped
hillock) on the surface the starting (S) and the final position (E) of the dislocation can
be easily distinguished (Fig. 45a). The denuded zone around the starting point (S) is
much broader than that around the final position, indicating that the temperature of
the crystal when the gliding process takes place is already too low to form large zones.
From the annealing results presented in the previous section this temperature must be
about or somewhat below 950 DC.

The continuous traces shown in Fig. 45 and 46 indicate that the gliding action of
the dislocation also must be a continuous steady motion. In some cases the gliding
motion is interrupted i.e. the dislocation is resting at intermediate positions, where it
also forms denuded zones around it. As a result the gliding trace resembles a row of
hillocks along the gliding path of the dislocation. This implies that the thermal stresses
probably vary during the gliding action.

In contrast to photo-etching which only sees dislocation outcrops and the associated
denuded zones on the surface of the sample phase microscopy can provide complemen­
tary information about the dislocation and its denuded zone in the bulk of the sample.
Since most dislocations glide along the (Ll l j-planes and because of the limited focal
depth of the microscope several samples were prepared with a surface parallel to (111)­
planes. One example is seen in figure 47 in which a long dislocation segment is shown
in its final position (E) after gliding from its starting position (S) which is reflected by
the broad denuded zone acting as a "finger print" for the original dislocation. (Similar
gliding processes were shown in figure 33c, d.) After the dislocations has reached its
final position only a very small denuded zone is formed. As already discussed this may
be due to a then presumably low temperature of the crystal. Small denuded zones
are also often observed for intermediate positions as e.g. shown in figure 33c (see .also
figure 51).
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Fig. 47: Phase microscopy image of Si­
doped material. The sample surface was
prepared parallel to a (11 I)-plane. (S)
original position, (E) final position of the
dislocation.

(111)

Fig. 48

Assuming that the dislocation segment gets unlocked from its original position more
or less simultaneously along its whole length, the stress required to initiate the gliding
process may be estimated from the curvature of the dislocation which reflects its line
tension. An alternative mechanism is indicated in figure 48. The dislocation breaks
away locally and by extending laterally the dislocation would also reach the same final
position [86]. This unlocking mechanism would require a much higher initial stress
" n, 1 1 ,l (">, j f t' ,. 1 " n ideri '. di t ,. ,tnan renecten oy tne nnai curvature 0 ne cnsiocauon. x.onsi enng mtermc ia e gllae
positions as e.g. shown in figure 33c and 51 this mechanism appears rather unlikely.
Calculating the stress from the curvature of the dislocation (the relation between both
will be discussed in section 3.3 in more detail) we obtain values of approximately
n. f'I'1 1\,fD... If ~~ ~ ...... f.,. """f-~ ......... i-ro ....,."' "" t'h;" ... r",l""" ur;f-'h "'1"; '!-;r '" 1 "1"P~nl'UPr1 .;;:ht::>::r.r o;;:t'i"P';;:O;;:PO;;:v.v'" .H'..L..L a.. • ..L .10 .11.1." J. "'.H-'--'-6 " V.l.l.1pu <!.l-'-U~ vu..Lu.. ".LV.L'" '-'.1.1 ..., ...,..., ..., "'.L~ ~ ....

(CRSS) of GaAs, which are determined by the yield points of the stress-strain curves
by multiplying with the appropriate Schmidfactors, The CRS-stress characterizes the
onset of plastic flow [77J and is roughly 1 - 2 MPa for GaAs in the temperature region of
1000 - 1400 K. It should be noted that the yield point is the result of the multiplication
of grown in dislocation rather than the result of dislocations being unlocked, e.g. from
"Cottrell"atmospheres. Unlocking stresses have been measured for Si-doped GaAs by
1. Yonenagaetal. [87J but only f~r relatively low temperatures (~ 550 DC). They
found that the stresses required to unlock dislocations are much higher (two orders
of magnitude) than those we estimated from the curvature of the dislocation line.
Although the unlocking of dislocations is a thermally activated process and as a result
we expect the unlocking force to decrease with temperature, it is not clear whether this
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can account for the decrease of two orders of magnitude. For a comparison the drop of
the critical-resolved shear stress between 500 and 950°C is much smaller (factor 2 to 3).
It should be noted that the small values of the present work are based on the assumption
that the thermal stresses are determined by the line tension of the dislocation, which
may not be justified. The arrest of the dislocation at its final position may simply be
caused by a temporary reduction in the thermal stress.

In figure 49 some results are presented which are typical for Si-doped LEC-grown
material. The sample (a commercial wafer polished on both sides) has a (IOO)-surface
and the image has been taken in a region of low dislocation density. The image shows
the projection of dislocations which reach from one surface of the sample to the other.

I I

100 pst:

Fig. 49: a) Phase microscopy image of a Si-doped LEC-Wafer with a (lOO)-surface
(before photo-etching), b) Differential interference contrast of the photoetched surface
(identical area as a)) c) Phase microscopy image after photo-etching!",

Their projection is parallel to [llOl-direction and they are glldmg on (Ll l j-planes,
because the point of intersection with the surface (see dislocation (a)) moves parallel
to [110J-direction. The direction of the glide trace can be seen more clearly after
photo-etching the surface (see figure 49b). A dislocation with a line vector of [112]
is consistent with these result and the length of the projection if compared with the
thickness of the sample also agrees with this assumption. Dislocations with a line vector
of ii = [112J lying on a (11 I)-glide plane probably have an Burgers vector a = t [110].
Although it is not possible to get a clear cut answer about the type of dislocations from
IR-images from these purely geometrical considerations we can obtain a well founded
guess nevertheless. The dislocations shown in figure 50 can be "identified"this way as
a dislocation with ii = [110J, it = t [011] on (lll)-plane.

9The surface profile after etching is also visible in a phase contrast. An elevated area is seen as a
dark contrast for a small elevation and the contrast is inverted for larger elevations (see figure 53).
The growth striations observed in this figure are due to the photoetched surface profile. In figure
a) striation cannot be seen, because for a (lOO)-wafer they are almost parallel to the surface of the
sample.
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Fig. 50: Phase microsope image of a Si-doped LEC-wafer with a (IOO)-surface.

The dislocations a, b in figure 49b were subject to an interrupted ("stop and go")
glide process as compared to the continuous glide motion shown in figure 45. A clearer
version of a "stop and go" motion is given in figure 51. From its original position (a)
the dislocation moved to its final position (g) stopping at the 5 intermediate positions
(b), (c), (d), (e), (f). The denuded zones left behind at intermediate positions are small
and exhibit a contrast which is not as strong as for the starting and final position.

Fig. 51: Phase microscope image of a Si­
doped LEC-wafer with a (IOO)-surface. For
discrimination continuous and "stop and
go" glide motion the surface was pho­
toetched. Since the focal depth is much
smaller than the thickness of the sample,
the image was composed of 3 pictures fo­
cussed at different depths of the sample.

I i

100 11m

As shown in figures 45 and 46 often several glide planes are part of the gliding trace.
It is not clear whether this is due to cross gliding processes or whether dislocation
segments located on intersecting slip planes perform a simultaneous glide process (the
latter would imply that all segments have the same Burgersvector.), Employing phase
microscopy we can image the glide trace on a photoetched surface (see footnote 9 on
page 52) as well as the associated dislocation. The result shown in figure 52 and 53
supports the interpretation by dislocation segments lying on intersecting glide planes,
because the configuration of the glide trace resembles very nicely that of the dislocation.
Since the dislocation is connected to both end points of the gliding trace, we may
assume that the glide trace indeed is generated by the dislocation segments seen in
figure 52 and 53.
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Fig. 52: Phase microscope images of a Si-doped LEC-wafer with a photoetched (to
reveal glide traces) surface: a) focussed on the dislocation, Db) focussed on the glide
trace, GT.

Fig. 53: Phase microscope images of a Si­
doped LEC-wafer with a photoetched (to re­
veal glide traces, GT) surface.

,
100 uu:

3.2.3 (i) Growth Striations

Growth striations are inhomogeneities in the doping and defect concentration, which
are in some cases comparable to those found in the vicinity of dislocations. The scale
of the lateral variation of these inhomogeneities is similar in both cases. Therfore,
growth striations should generate similar problemes for the performance of electronic
devices as dislocations. This has been confirmed by a Y. Fujisaki and Y. Takano [6]
who studied the relationship between fluctuations in the MESFET threshold voltage,
Vth, and the striation pattern.

Methods used for studying dislocations and their surroundings have also be employed
for growth striations, i.e. Photo-etching [88, 89, 90], Infrared microscopy [40, 91,
92, 93,94] and X-ray topography [e.g. 94, and 96]. In spite of this large effort to
investigate growth striations a number of problems remain unresolved, a few of which
shall be addressed in this section.
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As briefly outlined earlier the interpretation of IR-images of growth striations, partic­
ularly if they are used for a quantitative determination of doping inhomogeneities, is
very questionable. This is mainly due to the uncertainty which of the optical prop­
erties absorption, refractive index n or gradients in n are responsible for the image
contrast. A.F. Witt [40] considers absorption effects as dominant, whereas in ref. [91,
92] evidence is presented that gradients in the refractive index are causing the image
contrast of growth striations. For a quantitative assessment it is alsoimportantto
know whether the correct absorption thickness of the growth striations is given by the
thickness of the sample (this assumption was made in ref. [40]) or roughly by the focal
depth of the optical imaging system.

In section 3.1 we have shown that bright field contrast as well as phase microscopy
images are only sensitive to relative large variations (~ 5· 1016 cm-3

) in the free carrier
concentration fi (i.e. this technique cannot be used .forundoped samples) and that
absorption contrast due to Lln is always negledgibleascompared to refractive index
effects. This is evident for phase microscopy by equation (13) in the case of small phase
shifts (compare also initial slopes of the contrast versus d in figure 54). For large phase
shifts, if Lln > 1017 cm-3 or d > 100 [uu. the relation between absorption contrast
and phase contrast is more complicated as shown in figure 54.
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Fi!!. 54: Absorption- 11) K~ (Lln = W 8 cm-3 ) , (2)K", (Lln 1011" cm-3 ) , and phase
co~trast (3) K~n (Lln' ~ Hili cm-3 ) , (4) KLln (b.ft'= 1017 cm-3 ) as a fu~ction;fthe
variation in the free carrier concentration and the thickness d.

Other complications for assessing IR-images ofgrowth striation are:

(i) When using a microscope it is difficult to define d: .Taking thickness ofthe sample
as proposed in ref. [40] means overestimating d, whereassetting d equal to the
focal depth, dfoc of microscope may underestimate d.

(ii) Refractive effects as shown in the following.
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To eliminate these complication at
least partly relative thin samples
(d = 48 tut: ~ dloe and d = 140 usn,
resp.) have been investigated. As
shown in figure 55 the bright field
contrast strongly depends on the fo­
cussing conditions. A striation pat­
tern is only visible when focussing
on a plane slightly in front or some­
what behind the sample. Both im­
ages exhibit a complementary con­
trast as shown by the insert in fig­
ure 55a. The contrast vanishes com­
pletely when focussing onto a plane
in the middle of the sample. This
result clearly eliminates absorption
effects as a dominant cause for the
image contrast; it rather indicates
the importance of refractive effects
as discussed in section 3.1.1. A peri­
odical modulation of the refractive
index-as illustrated in figure 56 ­
may be considered (~.d.tl.n = n-Ad)
as a modulation of the sample thick­
ness, i.e. the sample would resem­
ble a series of cylindrical lenses (fig­
ure 56b). Under this assumption we
calculated the position of the focal
point, F as a function of d for typical
parameters of ~n = 5·10-\ 10- 3 ,

3 . 10-3 , 10-2 and W = 10, 15 psc:

Fig. 55: a), b), c) Bright field images
of growth striations in a Si-doped
LEe-sample (d = 140 f'm) for differ­
ent focussing conditions: a) focussed
to a 'plane aboutEu um in front of
the upper surface (insert is taken
from figure e); b) focussed to the mid
plane of the sample; c) 20 f'm behind
the back surface.
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For the cylindrical lens shown in figure 56c a very complex dependence of the focal
length and the distance 'I/J on the thickness of the sample is found, particularly for
d ~ 0.15 mm (Fig. 57).
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Fig. 57: Focal length and distance of the focal point from the surface of the lens as a
function of the thickness dof the sample calculated for different variations in the free
carrier concentration and for different widths of the grow striations. Dashed (solid)
lines correspond to 'I/J (f): (1) ll.ft = 10-2 em>", (2) ll.ft = 3.10-3 cm-3 , (3) ll.ft =
10-3 cm-3 , (4) ll.ft = 5.10-4 cm-3

For thin samples typical values 0 to 100 ust: are calculated for 'I/J, which increase with
decreasing d.Vveexpect that the..contrast of a bright field image due to refractive
effectswill be .largestjfthemicroscopeis focussed close to the focalplane (see also
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section 3.1.1) of the cylindrical lens. As shown in figure 55 (d = 140 I'm) and figure
58(d =48 I'm) a high contrast is obtained at distances of20 I'm and 60 I'm, resp.,
consistent with the estimated valuesof.e. Therefore we may conclude, that

(i) the bright field image contrast is mainly caused by refractive effects. This confirms
results presented in ref. [92 and 93]

(ii) the variation in the refractive index due to growth striation is probably between
10-3 and 10-2

• This corresponds to a variation in the free carrier concentration
roughly Llii = 1017 cm- 3 to 1018 cm-3 . <Similar values have been found by

in Si-dopedsamples [90]

(iii) for thick samples or very large changes of Lln refractive effects are strong and
depend on d in a very complex way, making the interpretation of bright field
image very difficult. It is, however very likely that bright field contrast is still not
dominated by absorption effects.

100 I'm

Fig. 58: a), b) Bright field images of growth striations in a Si-doped LEC-sample (d =
48 I'm) for different focussing conditions: a) focussed to a plane about 60 Mm in front
of the upper surface; b)60 pm behind the back surface.

In figure 59 a bright field image (focussed near the backside of the sample) is compared
with phase contrast (a) for the identical area of the sample. Both images agree very well.
A striation which exhibits a dark contrast in figure 59b can be described as a converg­
ing cylinder lens, i.e. the refractive index in this region is higher than the average value
of n (see also discussion in section 3.1.1 on page 19). Under these conditions we expect
to find a dark contrast also for the phase microscope image. This is shown in figure
59 (arrows indicate identical sample areas forBF- and Ph.C. images). Also we expect
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that refraction effects should influence phase contrast in a similar way as bright field
contrast. For thin samples however, the effect is small. The phase contrast image
doesn't change as long as the microscope is focussed on planes within the thin sample.

I I
100 fIm

J:< 19. 59: Phase microscope (a) and bright field (b) image of the same sample area (d =
48 fImi the bright field image was obtained by focussing on the backsurface of the

3.2.3 (ii) Thermal annealing of striations:

Annealing of striations in Si-doped GaAs can be used to study the diffusion of Si, which
is still a controversial issue in the literature. Among the earlier work the measurements
by Greiner and Gibbons [105] are the most detailed studies which also include the deter­
mination of the activation energy (D(cm2s-1) = 0.12· exp _2.~;V). They proposed
that the diffusion under their experimental conditions'! takes place by way of donor ac­
ceptor complexes (SiG.SiAs), which can easily move in the GaAs-lattice with a vacancy
of either type, e.g.:

A completely different situation may arise if the concentration of Si is too low to form a
sufficient number of SiG.SiAs-pairs. This can be achieved by the socalled ,,-doping with
Si during MBE-growth of GaAs-layers [see e.g. 98]. Thereby a very thin layer of GaAs
is Si doped by about 5.1018 cm-3 [97]. Although the experimental results of measuring
the diffusion coefficient for Si by different groups [98-107] are controversial, the most
detailed and probably also most reliable data by E.F. Schubert et al. lead to values
for the diffusion constant (D(cm2 S-l) = 4.10-4 exp (_2'i:Te'L )) which are by 2 to 3
orders of magnitude smaller than determined by Greiner and Gibbons. The diffusing
species must be single Si-atoms, since for lSi] ~ 5.1018 cm-3all Siincorporated by
5-doping is 'electrically active and .occupies only donor .sites.

lIThe diffusion source used was a 100 A thick layer of Si on the surface of the GaAs-sample. SIMS
and differential Hall measurements of the diffusion zone show that the majority of the diffused Si is
present in an electrically inactive form.
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Growth striation of Si-doped (Nn - NA ~ 10' 8 cm-3 ) LEC-grown GaAs crystals are
associated with variations in the concentration of electrically active Si-atom between 1017

to 10' 8 cm-3 . This has been shown by EBIC-measurements which are sensitive to Nn ­
NA (see also section 3.2.3(i)). The typical width of growth striation is ::::: 10 j.lm. By
annealing this material at temperatures sufficiently high to diffuse the Si over distances
of 10 j.lm it should be possible to eliminate growth striations and thereby obtaining the
diffusion coefficient at that particular temperature. This diffusion coefficient should be
representative for a single atom diffusion, since at average concentrations of 1018 cm-3 Si­
donor-acceptor pairs will be hardly present and because the analyzing technique (phase
microscopy) employed is only sensitive to electrically active Si-atoms. Figure 60 shows
the relation between the annealing temperature and - time required for a diffusion length
of 10 tut: calculated for two different diffusion coefficients representing single atom - and
donor-acceptor pairs diffusion, respectively.
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Fig. 60: Relation between anneal­
ing time and - temperature for a
diffusion length of 10 I'm. (The
different diffusion coefficients are
taken from ref. [105] and ref. [98],
resp. ).

Fig. 61: Phase microscope
images of growth stria­
tion in Si-doped LEC­
grown GaAs
a) before; b) after 20 h at
1150 DC; c) before; d) after
70 h at 1150 DC.

In figure 61 growth stria­
tions are shown before and
after annealing at 1150 DC.
From the fact that even af­
ter an annealing time of 70 h
we still observe striations we
may exclude the large value
of the diffusion coefficient in
figure 60.
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3.2.4 Te-doped GaAs

In contrast to Si-doped material the surrounding of dislocation in Te-doped GaAs
is characterized by a reduction in the free carrier concentration as compared to the
matrix. This has been measured by energy dependent EBIC-measurements [55J and
follows also from the photo-etching profile showing an increased etching rate around
the dislocation (see figure 27) and from phase microscopy image (e.g. figure 27) exhibit­
ing a dark contrast. The reduction of the free carrier concentration may be attributed
to the fact that precipitates (presumably Ga2Te3 see section 3.1.1) are formed in the
zone of increased etching rate and dark phase contrast. On the other hand EBIC- and
CL-measurements reveal an additional zone surrounding that seen by photo-etching
and phase microscopy which exhibits a further reduction in the free carrier concentra­
tion. This discrepancy is not yet understood. Considering only EBIC and CL-results
an interpretation is given in ref. [55J based on the assumption that electrically inactive
TeA, - VGa complexes are formed in both zones and that the Te-concentration is in­
creasing in the inner zone due to the interaction of these impurities with the dislocation.
It is very unlikely that the TeA, - V Ga complex is electrically inactive (see ref. [108])
and as shown in section 3.1.2 an increase of the impurity concentration at a distance
of about 5 pm from the dislocation appears to be impossible. Also this model does
not explain photo-etching and phase microscopy results. It is difficult to see how this
discrepancy could be resolved, but it seems necessary to compare - in a first step - the
different techniques for the same material and even for identical sample areas to make
sure that the same effect is studied by all techniques. In the Course of the present work
this was not possible, we will therefore limit the following presentation to a description
of the experimental result obtained with phase microscopy and photo-etching.

(i) exiel dependence of the defect structure ina Te-doped crystai(Fig. 62a__ f):
Due to macrosegregation [109J the Te-concentration is rather inhomogeneous as
indicated by the values of the free carrier concentration along the growth axis
which have been determined by resistivity and Hall effect measurements ...• The
defect structure in the cone areaof thecrystal is very similar with that of un­
doped material (see next section), i.e ..dislocations decorated with As-precipitates
which are visible in the dark field images. As the To-concentration increases the
number of decoration precipitates decreases. Almost no microdefects are revealed
by darkfield or by phase microscopy in the middle of the crystal. Birefringence
images however revealed a similar density of dislocation as formed in the cone area
and the tail end of the crystal. Towards the end of the crystals, if the free carrier
concentration exceed values of about 1018 cm-3 the dislocationstructure becomes
visible again in phase microscopy images. With furtherincreasing carrier concen­
tration the phase contrast intensifies. As acomparisonwithSi-doped material
the axial dependence of the defect structure as seen by phase microscopy and
DF-contrast is shown in figure 62g. ·..Ill..·. ·... The.Si-concentrationincreasesalong
the growth axis due to macrosegregati()n to similar values as observed for the Te­
doped GaAs shown in figure 62a.. J.Also the dislocations in the cone area are
decorated by As-precipitates, no decoration can be seen for intermediate doping

62



Darkfieldimage
•
100 11m Phasecontrastimage

Y1g. o:l: Phase microscopy - and dark field images of a Te-doped crystal taken at
different positions along the growth axis of the crystal. Different positions correspond
to free carrier concentration of:
a) = 1.6.1016 cm-3 , b) = 3.1016 cm-3, c) = UU017cm-3 , d). __ 2.2·1Q17cm-3 , e) =
1.1018 cm-3 , f) = 1.3.1018 cm-3 .

concentrations and dislocation can be visualized by phase contrast in the tail
end of the crystal when the doping concentration exceeds :::; 1018 cm-3, i.e, the
decoration of dislocation in the concentration range up to about 1018 cm-3 is
similar for Si- and Te-doped GaAs.
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Fig. 62: Phase microscopy - and dark field images ofa Si-doped crystal taken at
different positions along the growth axis of the crystal. Different positions correspond
to free carrier concentration of:
g) = 1.1.1017 em-a, h) = 2.4.1017 em-a, i) = 2.6.1017 em-a, k) = 2.7.1017 em-a, m) =
1.1018 em-a.

A more detailed result from the tailend of a Te-doped crystal IS shown III

figure 63.
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Fig. 63: Comparison of differential interference contrast (DIC) images (a-g) and phase
microscopy images (i-m). DIC-images show the profile of the photoetched surface,
whereas the phase microscope images of the defect structure inside the specimen. For
each position the surface profile of typical defects is presented schematically. The
individual position (a-g) within the tail end of the crystal are indicated in h).
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For position (a) the zone around the dislocation remain invisible and the photo­
etching reveals hillocks (reduced etching rate) a few microns wide. At position
(b) when denuded zones just become visible by phase microscopy depressions
(increased etching rate) of similar width as the phase contrast can be detected
in the vicinity of the dislocation. At position (c) the denuded zones are much
widerIS 20pm) and exhibit a stronger contrast. The areas which show a re­
duced etching rate also extend up to 20 psn. in diameter. This area is also often
characterized by micro defects (hillocks due to reduced etching rate) and sur­
rounded by a shallow annular mound. At position (c) we also observe matrix
defects (not related to dislocations) which are associated with a dark contrast
in the phase microscopy image and a reduced etching rate (the surface profile is
similar to that around a dislocation). Matrix defects had also been observed by
TEM-studies [56]. In this ref. it was shown that microstructural defects (intrin­
sic loops and faulted loops [56]) are observed close to dislocation as well as in the
matrix. It appears that these loops create denuded zones which are visible in the
phase microscope and also by photo-etching. The defect structure at position
(d) is very similar to position (c). At position (e) the number of matrix defects
have increased dramatically. Probably because of their smaller size they are no
longer visible in phase contrast. The width of the denuded zone is decreasing
from position (c) to (e). This may be correlated with the increased number of
matrix defects. At position (f) the denuded zone around the dislocation extends
still lesser and also becomes fainter in contrast until they are no longer visible by
phase contrast at position (g). The size of matrix defects decrease further going
from (f) to (g). The increasing number of matrix defects is probably related to
the increasing concentration of Te-atom, however we cannot exclude the influ­
ence of stoichiometric effects. We expect that during growth the concentration
ofGallium increases substantially in the melt.

Annealing Results
In the following we will briefly describe some preliminary annealing results for
'Ie-doped material

1. in Figure 64 the effect of a 10 h anneal at 750 DC on the phase contrast of
the denuded zones around dislocations and matrix defects is presented.

100 pm

Fig. 64: Phase microscopy image of a Te-doped sample before and after annealing at
750 °Cfor 10h.
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The contrast after annealing is fainter and
slightly increased.

width of the denuded zones is

annealing at 850 9C for 20 h results in similar effeets,i.e. a reduced contrast
a slightly increased width of the denuded zones. However, in some areas

of the crystal, the etching rate around dislocation is reduced, as visible in the
DIC-image in figure 65.· The phase microscope image of the same area when
focussing somewhat below the surface shows a bright contrast around the
dislocations. Both result indicate that the free carrier concentration around
some dislocation has increased due to the annealing. The defect mechanism
responsible for the result is not known.

100 !-'m

Fig. 65: DIC-image a) and phase microscope- b) of a Te-doped sample after annealing
at 850 DC for 10 h. The surface of the sample is photoetched, The bright contrast A on
'he ohot ...... ,",{. h",...:1 ...u ....f ...Ce ..... f image l-, ~ .... ..... ......+ ....eleva..... + -f......... {-h."" present rl~"'...ussion l;t showstd..!. pl. vVCIJ u.cu;:) !..La ..... V.L l..1.!...lO, U.li:! .l..Lvv .L\....J...... v UIJ .l-V.L lJ.1.\-..... .L .....LL ........ 0'-''-'' >;> V.l. \.lV .....1 ...... 0

the phase contrast image of the photoetched surface).

3. As shown in figure 66 we also observe a bright phase contrast around the
dislocation after an annealing treatment at 1100 DC for 10 h with a subsequent
fast cool-vdown to room temperature. Also consistant with this result is the
reduced etching rate indicated by the surface profile in figure 66c).

It is interesting to note that in contrast to Si-doped samples the denuded zones
do not show "ny substantial growth at any of the annealing temperatures.

67



I I

100 Jim
c)

11000 A

10 Jim

Fig. 66: Phase microscope images before (a) and after (b) annealing at HOODe for
10 .h. (c ) Surface profileafterphoto-etching ofthe annealed sample.

S.S.Defect structure in undopedGaAs

The defect structure of as. grown undoped GaAs is characterized by dislocation which
are decorated by As-precipitates. The formation of these precipitates is .due to an
excess of arsenic (see also section 3.2.1) present in the material after solidification
probably as As-interstitials and Ga-vacancies. Only a minor fraction of the excess
arsenic will precipitate along dislocations. There is some evidence from results of ref.
[38, 74] that the rest of the arsenic remains e.g. as As-interstitials. Precipitates are
formed much more readily at dislocation than in the matrix because dislocations may
provide nucleation sites and through positive climbing may also supply additional As~
interstitials

VGa + c.s ~ ASj (c.s. =:: climbing step)

As shown in chapter 2 As-precipitates can be most easily detected by NIR-microscopy
using dark field contrast. Since the decoration precipitates are typically only a few
microns apart the configuration of the dislocation structure can also be seen. In the
first part of this section we will present different configuration and types of dislocation
which we have found in GaAs-crystals mainly grown by Vertical Bridgman Technique.
In some cases we employed photo-etching to resolve details of the dislocation between
the decoration precipitates. In the second part we will describe briefly dislocations
which are associated with twins the formation of which can be observed in Vertical
Bridgman crystals under certain conditions. In the third part we will discuss the
influence of the melt composition on the formation of As-precipitates.

3.3.1 Dislocation Structure in VB-crystals

Studying the dislocation structure through darkfield images of decoration precipitates
does not allow to determine the Burgers vectors of the dislocation. This information
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can be obtained e.g. by x-ray topography or also through IR-microscopy when em­
ploying polarized light to image strain fields associated with individual dislocations [see
section 3.4]. Relying on darkfield images we can only determine the dislocation vector,
but in many cases it is possible nevertheless to safely guess the glide plane and Burgers
vector of the dislocation. Another difficulty of the darkfield technique is associated
with the fact that the decoration of the dislocation network is not homogeneous, i.e.
some dislocation cannot be seen because the precipitates are tOG small or the disloca­
tion may not be decorated at all. In this context it should be noted that the scattering
intensity ill proportional to dS (d = diameter of the precipitates) i.e, we can probably
see only the larger precipitates. We will also show that in some rare cases rows of
decoration precipitates can be found which are not associeted with dislocations.

(i) Configuration of dislocation lines:

Typical dislocation structures found in VB-crystals are shown in figure 67 and
68. The dislocation network consists of curved and straight dislocation segments.
The latter can often (see below and section 3.1.2) be related with dislocation line

I I

Fig. 67: Darkfield image of doped GaAs grown by Vfl technique: (llO)-plane).

vectors [112] or [110] on a (111) [110] glide-system. Also they are often part of
dislocation loops (Fig. 68 and figure 22). Curved dislocation segments are often
found parallel to (110) or in particular to (Ll l j-planes'P (see Figs. 67 and 69).
Since dislocation with (llO)-glide planes are rarely found in GaAs (see below) it is
likely that the dislocation is curved because of climbing processes. The curvature
of dislocation on (111)-plane, however is probably due to a glide-process which
took place before this dislocation had been decorated with As-precipitates (below
"'" 1000 DC). Under these conditions thermal stresses present in the crystal during
the initial cooling can be estimated as indicated in figure 69. The thermal stresses
of about 0.02 MPa appear rather small compared to the critical resolved shear
stress at the same temperature (see also discussion in section 3.2.2).

12Theerror margin for determining the inclination of dislocation against the image plane is .:s 5 ut«.
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Fig. 68: Darkfield image of undoped
GaAs grown by VB technique: (110)­
plane.

lOOllm

1" = 0.022 MPa

k' = 0.61 for 60° disloc., v"" 0.32
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G·b

R·41l'(I-v)

G = 3.25.10 10 Pa; b = 4.10- 10 In [95]
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Fig. 69: Darkfield image of undoped GaAs grown by VB technique: (llO)-plane.
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Darkfield images can also be employed to determine the dislocation density as
well as the number of decoration precipitates. Knowing their average size (from
recent TEM-studies in our laboratory we know that the decoration precipitates
in VB-crystals are larger then in LEG-...material: typical size in VB-material
is .~ 0.35 )tm) we-can also estimate the total amount of arsenic contained in
the decoration precipitates. Note that the dislocation density per em-2 (Etch
Pit Density) is related to the total length (ern) of dislocations per cm-3

• The
etch pit density is expected to be somewhat smaller (:i;; factor 2) than the total
dislocation length. The difference between both quantities depends on the types
and distribution of dislocation which form the dislocation network. The total
length of dislocations has been determined as shown in figure 70: Darkfield images
are taken by focussing at successively increasing depths. If the focussing planes
of two successive images are closer than the focal depth of the microscope the
whole dislocation network of the selected volume can be imaged. The length of
this network projected onto the image plane is shown in figure 70g. Using the
projected length for estimating the dislocation density partially compensates the
error made by comparing the total dislocation length with the etch pit density.
The dislocation density ~ 5000 cm/crrr' derived from figure 70 is a typical value for
VB material as found by counting etch pits [1]. The amount of arsenic contained

decoration precipitates N ~ 1015 cm-3 appears almost an order of magnitude
smaller-than found in LEC-grown material.

(ii) Dislocation Cell Structure in VB-crystals:

As shown in ref. [1] and [110] dislocation cel! structures can also be found in
VB---'crystals if the density of the dislocation is sufficiently high (> 5.103 ) . Cell
structure can be detected most easily by etching methods (see [1, 111]) but can
also be seen by infrared microscopy as shown in figure 71 and 72. The latter
shows the cell structure for a LEC-grown crystal using a darkfield image of the
As-precipitates which decorate the dislocation in the cell wall. Probably due to a
much higher dislocation density for LEC-crystals as compared to VB-material the
As-precipitates are somewhat smaller. Sometimes the scattering intensity from
LEC~rnaterial is too small to resolve any decoration precipitates by our darkfield
t 18chnique. Figure 71 shows vertical Bridgman material which was grown with a
very high growth rate resulting in a high dislocation density. Since the material
was Te-doped the dislocation can only be imaged by phase microscopy. Individual
dislocations can be resolved within the cell wall. The presence of straight (often
na.rf of dislocation loons ) anrl cur-ved dislocation sezments indicate that climb
r-~- -- ----- ------ ---r-/ ----~ -------- ------ -- ---- - 0·---- ---

as well as glide processes must have been involved in forming cell structure by
polygonisation.

An alternative model [111] attributes dislocation cell structure to chemical inho­
mogeneities which can be generated by constitutional supercooling effects. They
destabilize the growth front which then breaks up into cells separated by cell
walls containing a different impurity concentration or stoichiometrical composi­
tion. As a result the lattice mismatch between the cell interior and the cell wall
may become so large that dislocations are generated to accomodate the lattice
strain. Although this model is favoured by some [111, 112], most groups [2, 113,
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Fig. 70: Darkfield image of undoped GaAs
(VB-crystal) a, b, c, d, e, f are images
of the same area at successive depths; g)
Total length of the dislocation network
projected onto the image-plane: 93 cm
in 0.016 em" equal 5800 em/cm3

. Aver­
age distance (size) of precipitates ~ 4 pm
(0.3 pm): NA, "" 1015 cm-3
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Fig. 71: Phase microscopy image of "Ie-doped-GaAs grown byVfl-technique
(high growth rate).

100!tm

Fig. 72: Darkfield image of SI-GaAs grown by LEe (Dc = cell diameter)
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114] believe in cell formation by poligonisation processes of dislocations. It is
difficult to see how to obtain differences in impurity concentration between the
cell interior and the cell wall sufficiently large to create the necessary lattice
mismatch. For In-doped material it has been shown [115] that the concentration
difference of~ 1019 cm-3 is required to generate misfit dislocations. For undoped
material concentration differences in native defects (stoichiometric effect) on the
other handdo not generate large lattice distortions.

Cell formation as a result of constitutional supercooling in fact can be observed
in GaAs forundoped as well as doped material, but normally only at the tail end
of the crystal. In figure 73a cell formation is shown for undoped material which is
due to an excess of gallium as revealed by Ca-droplets in the cell walls (see figure
73d). In figure 73b, c cell formation was generated by macrosegrcgation of Te
when high growth rates were employed. If constitutional supercooling is relevant
for the formation of dislocation cell structure we would expect to find an increased
dislocation. density in the cell walls shown in figures 73b, c which are formed by
constitutional supercooling.DIC-images after photo-etching (figures 73a, c) as
well as the phase microscopy image for the doped sample do not indicate any
increases in dislocation density when comparing crystal regions which contain
CS-cellwall and those which do not. Therefore it is unlikely that dislocation cell
structure will be the result of constitutional supercooling effects.

1:' 19. 73: a)DIC~iIllageoLap~otoetchedsurfac~ ofundoped GaAs grown from a
Ga-rich melt (Drdislocation; G'r':glidetracesofofdislocati()n; CW: cell walls)

Misfit dislocations can be generated e.g. by second phase particles due to the dif­
ference in thermal expansion between the particle and the matrix, An example
is shown in figure 73d) Ga-droplets are formed in cell wall due to constitutional
supercooling. Photoetching of the surrounding of these droplets reveals a high
density of dislocations probably due to the differential thermal expansion coeffi­
cient of the Ga-inclusion and the GaAs-crystal.
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Fig. 73 b), Phase microscope image of Te-doped
GaAs (c.s.: area exhibiting constitutional super-

1· \coo mg).
Fig. 73 c), DIC image of a photoetched surface
of Te-doped GaAs.

Fig. 73 d), DIe-image of photoetched surface of
undopedGaAs: Cell walls at the end of a crystal
are often terminated by a Ga-droplet (Ga: Ga­
droplet; CW: cell wall).
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(iii) Lineage in VB-crystals:

It is sometimes questioned [113J that lineage has been observed also in VB­
crystals. R. Naeven [1] clearly showed that lineage occurs also in this material.
By studying lineage which forms close to the edge of the crystal R. Naeven found
by photo-etching the crystal surface close to a [l IOj-direction (B) as well as the
(001) crossection (A) that the lineage may be characterized as a subboundary
composed of [112] dislocation lines. By preparing a microscope sample with a
(lIO)-surface the subboundary can be imaged in the darkfield, indeed showing
that the subboundary does consist mostly out of [112]-dislOCa,tion lines.

[llOJ

[II2]

11 B

S

Fig. 74: Schematic diagram for the dislocation struc­
ture of the lineage observed in VB-crystals.

A small angle boundary as shown in figure 75 we expect to be formed through
poligonisation of edge dislocations of the glide system (111) [IlOJ with a line
vector [II2]. (This type of dislocation has also been often identified in GaAs
(see also section 3.2.2). This interpretation of lineage contradicts that given by
H. Ono [116J and D.J. Stirland [113J who attribute lineage to the formation of
sessile dislocation lying along [11Oj-direction and acting as precursor structure of

[112] [Of1]

\1
~[110]

­lOOp,ill
Fig. 75: Darkfield image of undoped GaAs grown by VB-technique: small angle bound­
ary consisting out of [112]-dislocation-lines. (The sample was cut from the crystal as
indicated in figure 74).
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the lineage. The sessile dislocation are formed by interaction between dislocations
on inclined slip planes. It is difficult to see how a dislocation although lying along
[110] and usually only less than 100 /lm long can cause a lineage feature which
often extend over 1 em, Also lineage features are often observed (see R. Naeven:
Formation of polycrystalline growth) to coalescend along the growth direction to
form a small angle ground boundary containing a higher density of dislocations.
This process is most easily understood as a continuation of poligonisation if this
process is also responsible for forming the lineage structure. If the lineage was
generated through reactions of a sessile dislocation with slip dislocation it would
be difficult to understand the coalescence of adjacent lineage features.

study the dislocations of the subboundary shown in figure 75 in more detail,
the sample was thinned down so that the dislocation lies very close to the surface.
After photo-etching (see Fig. 76) it was evident that the dislocation lines are
pinned by the As-precipitates forming archies between them parallel to the (110)­
surface of the sample. From the previous arguments we may exclude the (110)­
plane as a slip plane for these dislocations; i.e. we must interprete the arching of
the dislocation between the precipitates as due to a climbing process.

,
>----! [ 00T]
20 urn

[112] Fig. 76: DIC-image of undoped pho­
toetched sample: Climbing of [112]­
dislocations in a (110)-plane.

In one crystal another type of small angle grain boundary (figure 77) has been
observed. It extends in axial direction from the seed area to the tailend and in
radial direction from the centre to crystal surface (as indicated in figure 77a).
Darkfield images of sample 1 mainly show [001] dislocation lines in the small
angle grainboundary. Photo-etching of sample S2 (see figure 77c) reveals the
grainboundary as a feature (A) which is often called a "streamer"in the literature
f1171 Q~..-n~l.,..... <:" ........... .",11 .", 10 n'...,.~Y\hr.nT'lr1.,.-r~~Q h~'UP hpPTI n.h.QprvPt"l h.V 17 T. VoO'Pll.J..J. I Jo .l..L.U.lU<.l. 0.l.lH .l.l 0 6.L LL.L V' .1. '-' .. .L ~~ ~ ~J ~ • • -0-'-

[118] in Ge and have been identified as [001] dislocation line on a (110) [110] glide
system. Edge dislocation along [001] also have been found in In-doped GaAs
grown byLEC [5]. They are observed in the central area which extends in radial
direction up to the diameter of the seed. Therefore it is most likely that the
dislocations observed in figure 77 are characterized by u = [001], b = ~ [110] and
a (lIO)-slip plane. The same conclusion will be drawn in section 3.4 from the
results of polarisation microscopy. Imaging sample s, in polarized light (figure
93) with high magnification we find the dislocation line forms arches between the
As-precipitates which act as pinning points. Since the image-plane is normal
to the slip plane for edge dislocations of a small angle grainboundary (which is
parallel to (110)) the arching must be attributed to climbing processes.
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Fig. 77: a) Schematic diagram of the VB-crystal contain a small angle grainboundary
along [110] consisting of [OOlJ-dislocation iines, as shown in b) by the darkfield image
of sample (Sl)' The dashed line indicates the growth front, which was determined by
photo-etching of the surface of sample Sj . c) DIC-image of the photoetched sample
(S2)'

Dislocation growing out of the seed and propagating along the central axis are
supposed to grow together with the crystal (socalled grown in dislocations). For
this type of dislocation we expect that Klapper's theorem [121J - that the path of
dislocations at the newly formed interface is driven by the tendency to minimize
the strain energy per dislocation line length ought to apply, i.e. dislocations
should propagate normal to the growth surface. This tendency has been observed
in ref. [119J. The dislocations shown in figure 77b do not exhibit such a behaviour.
This is very conspicuous near the edge of the crystal where the curvature of the
growth striation increased.
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[iv) "Pseudo"decoratipn precipitates:

In almost all crystals doped or undoped structural defects are observed featuring
rows of precipitates. Two examples are shown in figure 78. These feature are
predominantly formed in the middle part of the crystal, less in the cone area and
almost none in the tail end. They are particular conspicuous in doped samples

I I
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Fig. 78: Darkfield image of precipitates which are not associated with dislocations.

because the decoration precipitates at the dislocation are often too small to be
seen in the darkfield image, as shown in figures 62c and 62i. If these features are
associated with dislocations they appear to be disconnected from the rest of the
dislocation network. Because of this observation we performed X-ray topography
studies the results of which are presented in figures 791'-i.

Identical sample areas imaged by X-ray topography and IR-darkfield can be
identified through the dislocation structure. Compare figure a with b, d with e
andg with h. Each image pair shows the same dislocation structure with the
exeption of features which are marked be P. These features cannot be seen in
X-ray topography (they remain also invisible for different imaging conditions).
This means that the rows of precipitates (P) are not associated with dislocations.
The same conclusion will be drawn from the results of polarisation microscopy.
A possible mechanism is sketched in figure 80. As already shown in section 3.2.2
dislocationsperform glide processes due thermal stresses during the cooling period
of the crystal. Evidence was presented that this happens in a temperature range
between 900 DC and 1000 DC. This is also the temperature regime in which the
formation of As-precipitates takes places. Assuming a dislocation - as sketched
in figure 80 - with decorated (D1 ) and undecorated (D2) segments moving from
position (1) to position (2) would leave a row of precipitates in position (1) not
associated with a dislocation.
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Fig. 79: Darkfield- (b, c, e, f, h, i) and X-ray topography images (a, d, g) of identical
sample areas: (abc, def, ghi); X-ray topography was taken with MoK", radiation on
a (220)-reflex. The Ifi-Images be, ef, hi show identical areas for different focussing
conditions.
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Fig. 80:

(1)
,/

(v) Other decoration features:

a) Very often the decoration of dislocations with precipitates extends in a planar
way as shown in figure 81 and 82. The dislocation probably belong. to the
(111) [110] slip system with [110] and [112] line vectors, respectively. Planar
extension of the decoration may be expected if the dislocations are subjected
to glide or climb processes in a temperature range where the decoration pre­
cipitates.are formed. Since the decoration often extends ina(llO)~plane,

which is not the slip plane for dislocations in figure 81, climb processes are
probably more relevant. Photoetching results as shown in figure 81c reveal
dislocation which are arching between precipitates acting as pinning points.
Most. of the precipitates are no longer connected to the dislocation, the ex­
istence of precipitates may only reflect earlier. position of the dislocation.
According to ref. [67] and [5] climb of the dislocation must be considered as
the prime cause for formation of As-precipitates (see also section 3.2.1). Ab­
sorption of a Ga-vacancy at the dislocation initiates a positive climbing step
which is accompanied by the release of an As-interstitial. The agglomeration
of As-interstitials which stem from this reaction together with the absorption
of Ga-vacancies from the matrix results in the formation of As-precipitates.
The complementary mechanism of absorbing As-intcrstitials in a negative
climbing step, associated with the release of Ga-vacancies would also lead to
As-precipitation, but is less likely because positive climbing is dominant as
shown in ref. [71]. From the result presented in figure 81b and 82b that As­
precipitates can be also observed at dislocation (A) not subjected to climb, we
must conclude that climb it not a necessary condition for As-precipitation;
necessary defects - Ca-vacancies and .A...s-interstitial - may be sufficiently
present in the matrix':', It appears, however that more As-precipitates (per
dislocation line length) are found for those dislocation which participate in
climb actions, i.e. climb may help to-form As-precipitates but is not a neces­
sary condition. It is not ciear why sometimes only one of two adjacent (less
than ....~ 10 pm apart ) dislocation ( ~A... , B) or only a part of a dislocation is
subject to climb while the other remains unaffected. This observationmakes
local fluctuations (as suggested in ref. [71]) in the defect concentration (VGa,
Asi)asa possible cause very unlikely. Differences in the microstructure of
dislocations, e.g. jog densities maybe a more likely reason. for the differences
in climb.

b) "Arrowhead"-feature, Feature which are similar to an arrowhead have often
been observed. In many cases the arrowhead is connected to dislocation lines
(straight or zigzag-shaped: figure 83a, b, c, d) sometimes however, it appears

13This is also confirmed by the existence As-precipitates which form in the matrix during post
growth annealing treatment [113] or in Si-doped material (see section 3.2.1)
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Fig. 81: a), b) Darkfield images of undoped VB-grown GaAs, c) DIC-image of a pho­
toetched sample

100 Jim

Fig. 82: Darkfield images ofundoped VB-grown GaAs.
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Fig. 83: Darkfield images of undoped as grown GaAs: a, b, c (OOI)-plane, d ~(llIH

plane; e ~(llO)-planej f) DIC-image of a photoetched sample (llO)-plane.
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disconnected (e) or the related dislocation remains invisible, because it may
not be decorated. The dislocation which is associated with the arrowhead can
be resolved by photo-etching as shown in figure 83f. The dislocation forms
a contour line around the triangular decorated area. A possible format.ion
mechanism of this dislocation loop has been suggested in ref. [120]. As
shown in figure 84 the loop is formed by crosslip at a jog with hoth the jog
and the Burgersvector of.the dislocation sharing a common slip plane.

U-OSS-SllP

Fig. 84: Dislocation crosslip for formation of an "arrow­
he"d" loop.

Following this interpretation it is however, difficult to understand why the
arrowhead feature is also observed in (110)-planes (e) and (100)-planes (a,
b, c), respectively which are no slip-planes. These results rather point to
climb as the underlying mechanism.

It should be noted that some of the planar feature shown in figure 82 may
also be interpreted asa row of overlapping arrowheads.

3.3.2 Grown-in twins

For a long time twins have been one of the most intensely studied subject in crystal
growth [see e.g. 121, 122, 123J. We are, however, still far from a complete understanding
of twin formation. We do know the structure of twin boundaries in GaAs which has be
identified (see e.g. [11 0]) as due to a 1800 rotation about a (111)-axis. We also know
growth conditions which favour twin formation such as

@ low stacking fault material (InP < GaAs)

" large growth rate, large supercooling and facet areas

e impurity contamination (i.e, reduction of surface energy), stoichiometric effects

@ fluctuations of the growth rate

These conditions can be qualitatively understood in terms of a "2"-dimensional nu­
cleation on (111)-facets, (see [122]) but the question remains: why does a nucleation
model describe the growth of twins for a material which is heavily dislocated (GaAs
in contrast to Si)? This question will remain unanswered also in this paper. We will
briefly discuss some preliminary results on the dislocation structure of twin boundaries
and the interaction of matrix dislocations with the twin boundary.

Twinning occurs in crystals for which twin boundaries of good structural fit (i.e. low
energy) are possible. We do not expect - in contrast e.g. to a small angle grain bound­
ary -dislocations to be required to adjust the fit of the crystals on both side of the
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boundary. (Twin boundaries can be observed in Si-crystals which are dislocation free.)
In contrast, in InP [124J - studied by X-ray topography - a very high dislocation den­
sity has been observed on the twin boundaries. In the present paper we present results
on the dislocation structure of twin boundaries for the first time for GaAs. The results
have been obtained by lR-darkfield observations and by polarisation microscopy (see
section 3.4). The images presented in figure 85 are taken from a crystal which con­
tains twin lamella as schematically shown in figure 85f. The projective image a) exhibits

f) [OOlJ
t )112]
L[IlO]

~

100 us«

Fig. 85: Dislocation and decoration precipitates on twin boundaries
a) projection of a twin boundary, TB on a (IlO)-plane, b), c) perpendicular view on
a twin boundary (lIl)-plane, d), e) dislocations in the matrix adjacent to the twin
boundary, f) schematic axial crossection of the VB-crystal from which the image a, b,
c, d, e were taken.
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a heavily decorated twin boundary. By preparing a sample with a surface parallel to
the twin boundary one can show that the precipitates are in fact decorating straight
dislocations lines mostly in [llO]-directions (see b and c). They are only formed on the
twin boundary!". Focussing on a plane above or below the twin boundary (figure d and
e) the dislocation structure resembles that of the normal crystal. Comparing figures
b), c) and d), e) we also notice that the dislocation density on the twin boundary is
much higher than in the surrounding. The reason for the high dislocation density is
not clear; as already mentioned we do not expect dislocation to be necessary for fitting
the twin and the crystal. We have also started to image the dislocation structure on
twin boundaries by X-Ray-topography. An example is shown in figure 86. The twin
boundary is slightly (~ 6°) tilted toward the image plane. The dislocation structure
below the intersection line AN is characterized by a high density of straight dislo­
cation lines in [llO]-directions in agreement with the IR-microscopy results. Since
the XRT-image is taken in reflection geometry only surface near dislocation can be
seen. Above the intersection line AA' the image exhibits the dislocation structure in
the matrix close to the twin boundary. In agreement with the IR-microscopy result
a much lower dislocation density is observed. Our result also agree with observations
by X-ray topography for InP [124]. In the latter work the Burgervectors were deter­
mined as parallel to [112J-directions, i.e. the dislocations on the twin boundary are
edge dislocation of a type which is not found in the crystal itself. The same conclusion
will be drawn for GaAs from the polarisation microscopy results discussed in section
3.4. Since the Burgervectors of the twin boundary dislocations are parallel to shear
displacement vectors ~ a [112], which would forma stacking fault layer, it was sug­
gested in ref. [124] that twin formation is strongly related to the presence of these
dislocations. This conclusion is somewhat doubtful since twins can also be formed in
dislocation free crystals [127]. An alternative explanation for the high concentration
of dislocations may be a lower yield for shearon the twin boundary possibly due to
change of the second nearest neighbour atom configuration across the twin boundary
compared to that in the matrix. One may speculate that this could lower the Peierls
potential on the twin boundary as compared to a normal (Ll l l-slip-plane.

A

I I

1 mm

Fig. 86: X-ray topography in reflection intersecting the sample surface under 6° along
the line AN.

HIt should be noted that the error margin for this result is the focal depth of the microscope
'" ± 5 Jim.
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Another question how is the planar dislocation network on the twin boundary connected
with the dislocation network in the matrix also remains unanswered. It seems that both
networks are rather independent, i,e. interconnecting dislocation are only very rarely
found. It is also interesting that no "crossing" of matrix dislocations through the
twin boundary can be observed. This is in agreement with ref. [121]. H. Klapper
showed that crossing of twin boundaries by dislocations only occurs in materials which
form twins with quasi-parallel lattices on both sides of the boundary. For GaAs­
requiring a 180°-rotation - the twin boundary acts as a source or a sink, respectively
for dislocation. This is shown in figure 87. Another example are the [OOl]-dislocation
lines forming a small angle grain boundary in the crystal (see figure 88), which cannot
been observed in the twin lamella, dislocations stop at the lower twin boundary (figure
88c). It is very interesting to note that from the top twin boundary [OOl]-dislocation
lines are emerging again to form a continuation of the small angle grain boundary (see
illustration in figure 88a and darkfield image 88b), although the crystal below the twin
lamella is at no time during the crystal growth connected to those parts above the
lamella15 except through the twin lamella itself. Since the small angle grain boundary
does not exist in the twin lamella as such it may be present e.g. as a dislocation
network connected at the top and bottom of the twin lamella to the small angle grain
boundary but spreading out within the twin. Further experiments are necessary for
a better understanding of the interaction of matrix dislocations with twin boundaries
and the dislocation structure on the boundary itself.

The fact that dislocation crossing of a twin boundary is unlikely - i.e. the twin bound­
ary acts as a barrier for gliding dislocation, could help to understand the formation
of a ~ [Ill] b ~ [112] dislocation on the twin boundary. Dislocation loops lying on
(Ill )-glide planes which intersect the twin boundary may generate dislcoations along
the intersection lines ([110]-directions) when expanding on their original glide plane
as a result of thermal stresses, because the expansion is stopped along the intersection
line of the glide plane and the twin boundary.

I I
100 pm

Fig. 87: Darkfield image of undoped GaAs containing a twin boundary, '1'13, which acts
as a sink or source, resp. for dislocations, Dof the adjacent matrix.

15Note that the twin lamella extends from one side of the crystal to the other.
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(110)

SAGB?, -a) Twinlamella
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Fig. 88: a) Schematic (llO)-crossection through a crystal which contains a twin lamella
and a small angle grain boundary above and below the twin lamella. b) Darkfield
image of area A. c) (IIO)-crosseetion: DIe-image of the photoetched surface showing
the lower twin boundary, TB, and the lower small angle grain boundary, SAGB,'6

16The dislocation density below the twin lamella is much higher than above. As a result individual
dislocation on the one hand cannot be resolved in a darkfield image below the lamella and on the
other the SAGE, is not seen on the photoetched surface above the lamella becanse the dislocation
density is too low.
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Fig. 89: a), b) DIe-images of photoetched surface in region A. c), d) Darkfield image
of identical areas shown in a, b). e) Photo-etching profile observed in region A of the
crystal around dislocations.

not be visible any more by this technique or in other words the strong reduction in
the number of visible precipitate along the growth axis may strongly exaggerate the
real situation. Still precipitates can be resolved even in the tail end very close a) to
the onset of constitutional supercooling. In this area photo-etching profiles are found
which are typical for material grown from Ca-rich melts (see also section 3.1). The
mechanism underlying the increased etch rate (region A) is not yet clear and will be
subject of further investigations. It has been speculated [9] that native acceptors e.g.
Ga-antisites may playa role for increasing the etching rate. This assumption is not
consistent with the fact that As-precipitates are formed under the same conditions i.e.
the surrounding (region A) of dislocations (1, 2, 3, 4) - decorated with As-precipitates­
shall be dominated by Ga-antisites. Assuming that the As-precipitation is enhanced
by the absorption of Ga-vacancies at the dislocations and the associated release of As­
interstitials(see section 3.3.1 (iv)) we would expect rather As-antisites to be formed
in the surrounding of the dislocation. These arguments are based on the assumption
that the precipitates detected by the darkfield technique are of arsenic nature. It has
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been shown in ref. [125] that As-decoration precipitates can be detected in GaAs by
Ramanscattering technique. In the presence of a As-precipitates close to the sample
surface the TO-phonon mode of hexagonal As can be found in the Ramanscattering
spectrum TO A, : ~ 200 cm-1 ) . The spectra shown in figure 90 have been obtained from
sample regions comparable to those (A, B) indicated in figure 89; the result in figure
90 indeed confirms that the precipitates in crystal regions grown frommelt, which is
highly rich in Ga, are still of arsenic nature.
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Fig. 90: Ramanscattering spectra taken at
sample areas comparable to A andB in
figure 89.
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It should be noted that the result of As-precipitates being the dominant precipitates
even for GaAs which is grown from a Ga-rich melt (Gai As = 1.25) has also been shown
for LEC-material (slightly n-type doped) [68]. The size and number of As-precipitates
decreases with increasing content of Ga in the melt.

Similar to crystals grown from stoichiometric melts As-precipitates grow further upon
post growth annealing treatment at 950°C also for crystals grown from Ga-rich melts.
During this annealing treatment As-precipitates grow to a visible size even close (see
figure 91) to the area where constitution supercooling commences; i.e. As-precipitates
are formed in the material which has been grown for a melt with about 25 % more Ga
than As. This result indicates that stoichiometric (50 % Ga, 50 % As) GaAs can only
by grown from a melt with ~ ;:, 1.2. The growth of such crystal however, will be
strongly hampered by the destabilizing effects of constitutional supercooling.
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Fig. 91: Darkfield image of a "Ga-rich'' material after post growth annealing at 950°C
for 20 h.The dashed lines indicates the beginning of cell formation due to constitutional
supercooling,

3.4 Application of polarized light

Polarization microscopy providing birefringence contrast between crossed polarizers
should be able to reveal the stress field of dislocations and to determine the type of
the dislocation by using simple extinction rules. Unfortunately the interpretation of
the image contrast is often not straightforward, particularly if the dislocations are
viewed from the side (as in this paper). Also it is yet not understood why no screw
dislocations have been identified in III-V-crystals (with possibly one exception [17J
and why dislocations observed by this technique oftenseem to be. terminated within
the crystal.

The interpretation of birefringence images is complicated through the influence of dec-
• I A • ') ,,1"1 n" 1 \ . r th l' 1,L' 1,L] "'-oration \ As-precipitates or Cottrell atmospheres] 01 e cusiocauons ana cne strong

effect of background stresses. Theoretical calculations by Tanner [29J showed that dec­
oration may change the extinction rules impeding the discrimination between different
types of dislocations. There is strong theoretical and experimental evidence [17, 19,
27J that background strains (~ 10- 6 [19]) affect the contrast ·of dislocations and that
these strains are present in all samples which are thicker than about I jzm [28]. There
are also some controversial theoretical results about the dependence of the image con­
trast of a dislocation on its depth within the crystal. In contrast to Tanner [29J from
calculations of Loschke et al. [27J we expect the birefringence image to be independent
of the position of the dislocation. The difference between the two results are probably
due to different assumptions regarding the long range stress of dislocations.

In the following we will discuss birefringence images for undoped and doped VB~

crystals and compare these results with the different contrast interpretations found in
the literature. We will also briefly study the "pseudo"decoration precipitates which
have been discussed in section 3.3.1). In the second part we will present some images
of dislocations in doped crystals obtained by differential interference contrast.
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3.4.1 Birefringence images:
The birefringence contrast of dislocations viewed from the side is similar to that shown
in figure 92a, 93a, 94a, 95b, 96a and 99a, c, i.e. the dislocation line becomes visible
by a bright to dark contrast transition perpendicular to the dislocation. This type of
contrast has also been observed ref. [11, 15, 23, 30]. The position of the dislocation can
be foundby comparing the birefringence image with a dark field image (upper half of
figure 92a, 93b,96b, 99b, d) or a phase contrast image (figure 94b). The birefringence
contrastIsIargestwhen the dislocation line is oriented to the crossed polarizer and
analyzer at 45° and there is no contrast at 0° as shown in figure 92. Such an extinction
rule is expected for edge dislocation since for this defect the normal modes are linearly
polarized [16] at 0° and 90°, respectively to the dislocation line.L6schke et al.[27]
showed that the bright dark structure perpendicular to the dislocation can be observed
if the light beam is parallel or tilted but not perpendicular to the slip plane and
if background stresses are superimposed. The small angle grain boundary shown in
figure 92 consists out of edge dislocations with a Burgersvector probably normal to the
sample surface (110). This is consistent with the conclusions drawn in section 3.3.2,
i.e. the dislocations must be attributed to a (110) [110] glide system.

light iii beam

Fig. 92: Comparison of birefringence - and darkfield images of the identical sample
area:

\ ·1' r' . c 11 1 . 1 1 T:1 't ' " 1ajOlreHlngence-lil1age 01 a srnau angle grain oounuary, r or a direct comparison tile
upper part of the dark field image (c) has been overlayed
b) birefringence image taken with the dislocation line almost parallel to the direction
of polarisation
c) darkfield image.
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As shown by Tanner [29] the discrimination between different types of dislocations by
extinction rules may be difficult if the stress field around the dislocation is determined
by decorating defects. Since the dislocation shown in figure 92 are indeed decorated
with arsenic precipitates it is important to find out whether their stress field is domi­
nating the birefringence contrast. From the birefringence image of dislocations under
high magnification we find that the structure ofthe contrast -vi.c. dark bright contrast
normalto the dislocation line --'is the same at, as well as between adjacent precipitates
indicating that they do not determine the contrast. The image shows that the disloca­
tion line is not straight.rit exhibits arches between the precipitates which seem to act
as pinning point against any motion of the dislocation. From the previous arguments
it is clear that the image plane is not identical with the slip plane of the dislocation,
i.e. the formation of arches is very likely due to climbing processes. It should be noted
that the result in figure 93 also proves high magnification birefringences contrast an
excellenttechnique to reveal details of.the dislocation lines. A comparable technique
~ X__ray__topography - cannot offer a similar resolution,

i I

(110)

~ [001J

~
-'1-1-~> A

I

~
P

20 urn

Fig. of birefingence - and darkfield images of dislocation shown III

figure 92 at five times higher magnification.
a) birefringency
b) darkfield
c) identical to a) the weak contrast of the dislocation (precipitates) has been elucidated
by the solid line (arrows)
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Birefringence images for dislocation with a different "decoration" is shown in figure 94
for a Te-doped sample. As discussed in section 3.1 the zone around the dislocation is
characterized by a decrease of the free carrier concentration (figure 94b: Phase contrast)
and no precipitates along the disloction have been found. In spite of a completely

, I
I00l'm

Fig. 94: Comparison of birefringence and phase-contrast images of identical sample
areas in Te-doped GaAs.

different type of decoration the same birefringence contrast - i.e. bright dark normal
to the dislocation line - is observed. This indicates that decorations of dislocations
characteristic for GaAs is not important for the formation of the birefringence contrast.
It appears that the stress field of the dislocation itselftogether with background stresses
are the dominating factors. Variations in the free carrier concentration or in the number
of doping defects do not seem to generate large stress field. This is also apparent from
the results in figure 95. Phase contrast (a) which is sensitive to changes in the refractive

I00l'm

Fig. 95: Comparison of birefringence and phase contrast images for growth striation
anddislocations in Si-doped LEC~GaAs.
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index and free carrier concentration (see section 3.1.2) clearly reveals growth striations
and the bright Cottrellatmospheres (increased free carrier concentration) of the two
dislocations (1) and (2). In the birefringence image (b) growth striation are almost
invisible, dislocation however, though also associated with variations in Jree carrier
concentration are clearly visible, i.e, the birefringence contrast of the dislocation cannot
be caused by the decorating "Cottrell"atmosphere.

Another example showing that the decoration of dislocations is not dominating the
birefringence contrast is presented in figure 96. It compares a darkfield -and a bire­
fringence image of dislocations which exhibit almost no decocrations (1),(2) and (3)
but a strong birefringence contrast on the one hand and dislocation (4). strongly deco­
rated but almost invisible in the birefringence image on the other.

100 !Lm

Fig. 96: Comparison of birefringence - and darkfield images for idential sample areas
containing dislocations with a different degree

The birefringence contrast of edge dislocations which are.embedded-iubackground
stresses and which are viewed perpendicular to their slip plane (figure 97) appear as
bright lines. When rotating the crossed polarizer/analyzer system they become dark
lines. This follows from theoretical calculations by Loschke et al. [27]. Dislocations
on twin boundaries which have been discussed in section 3.3.2 show exactly this type
of contrast as shown in figure 97 and 98. The sample in figure 97a contains a twin
boundary which is tilted by 6° against the surface of the sample as indicated in figure
97c. Since the sample is about 300 uu: thick the dislocation structure in figure 97a
extends over a distance of 3 mm. The dislocations appear as mostly bright (1) but in
some cases also as dark (2) lines (due to an opposite sign of the dislocation?). The
dislocations are oriented in [llO]-direction. By rotating (see figure 98) the crossed
l' I 1 .. /. 1. 1 '\ b . 1 / 1 1 '\ I' 1 1 11 • 1 t'pOlanzerranaiYzer system ~or the Sample) right ~aarK) mes appear carx ~ongn r.

The contrast disappears if the dislocation line is parallelto the polarizer/analyzer sys­
tem. This result shown in figure 97 and 98 cannot be understood, if we assume that
the birefringence contrast is determined by the stress field of As-precipitates which
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Fig. 97: a) Birefringenceimage of the dislocation structure found on twin boundaries
b) DF
c) crossection of the sample containing a twin boundary
d) orientationof the light beam with regard to the slip plane of the dislocation.

are decorating the dislocation of twin boundaries as demonstrated infigure97b.\Ve
therefore conclude that those dislocation have edge character with a Burgersvector
parallel to the twin boundary. Because the dislocation line has a [110]-direction, the
Burgersvector becomes parallel to [112] in agreement with the conclusions already
drawn in section 3.3.2.
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Fig. 98: Dependence of the contrast of dislocation shown in figure 97 on the orientation
of the dislocation with respect to the crossed polarizers,

In section 3.3.1 we discussed decoration features ("pseudo decoration") which appear
rather disconnected from the rest of the dislocation network. By comparing IR- with
X-ray topography images of identical areas we were able to show that these features
were not associated with dislocations. This is confirmed by the result of figure 99 which
compares the dislocationstructure seen in darkfield images (b, d) with birefringence
images (a, c). The latter do not show any stress field around the "pseudo decoration"
precipitates, A. In figure c, individual precipitates of (A) can be seen, because they
are probably very large and generate an absorption ordiffraetion image; birefringence
contrast, however are not associated with (A).

97



I I
lO0l'm

Fig. 99: Comparison of birefringence - and clarkfield images for identical sample areas
which contain "pseudo decoration" features (see discussion in seetin 3.3.1).

3.4.2 Differential interference contrast, Die (Transmission):

As shown in section 2.2 differential interference contrast provides images of surface
reliefs giving a.3-dimensional impression. This is due to the fact that a ridge or a
hillock on the surface appears bright on one side and dark on the other (shadow).
We will show that this technique can also be used to image "Cottrell"atmosphere lo­
cated within a transparent crystal. . As discussed in section 3.1 we may consider a
"Cottrell" atmosphere as a cylindrical zone around a dislocation which is character­
izedbya refractive index which differs by Lln from that in the matrix. The optical
path difference (see figure 100) of two interfering light waves which pass through the
sample in a distance Ax is given by.6. = 2.6.n·dD/dx·.6.x. The qualitative variation of
.6. across the atmosphere is plotted in figure 100b for .6.n > 0 (Te-doped GaAs) and
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Fig. 100: Illustration of the differential phase developing in a "Cottrell"atmosphere: .6.
is theoptical path different between the interfering light waves (1) and (2) .

.6.n,< o (Si-doped GaAs). Since An is not constant across the Cottrellatmosphere
but decreases with increasing distance from the, dislocation (.6.n >::0,0 at x = Do/2) the
optical path difference can rather be described by the curves (a') and (b/) than by (a)
and (b) resp. Because the image contrast is proportional to D. we expect to find a
bright-dark!" contrast (ridge) for Te-doped GaAs and a dark-bright contrast (dip) for
Si-doped material. This is confirmed by the experimental results shown in figure 101b)
and e). The phase microscopy images (figure lOla) and d)) on the other hand exhibit
a bright (dark) contrast for Si (Te) across the ,vhole diameter, Do of the "Cottrell"at­
mosphere.l" It is obvious from figure 12. in section 2.2. that the maximum contrast
is obtained if the dislocation (1) (2) (3) are perpendicularly oriented to the plane in
which mode M1 and M2 are propagating. In figure 101c) and f) the Cottrellatmosphere
of dislocation (1) (2) (3) are almost invisible because they are nearly parallel to the
plane (Ml, M2 ) .

17It should be noted that the bright-dark (or dark-bright resp.) contrast can be reversed by
readjusting the Wollaston prism.

ISIf Haloeffects are neglected (see section 3.1).

99



! !

I, P /~df
I ""(M M )-plane
A 1 2

Fig. 101: Comparison of phase microscopy- and DIe-images of Te(a,b,c)- and Si(d,e;f)­
doped GaAs:
a), d) Phase microscopy
b), e) DIC-image: the dislocation (1), (2) and (3) are oriented almost prependicularly
to the plane (M, M2)

c), f) DIC-image: the dislocation (1), (2) and (3) are alomost parallel to (M, M2 )
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4 .: Conclusions

As a major result of the present work we find phase and differential interference mi­
croscopy a simple but effective technique for studying inhomogeneities of free carrier
concentration, An = A (ND - NA ) . Performing a careful analysis employing bright
field-, phase- and "Schlieren"contrast we conclude that the NlR-image contrast is due
to variations in the refractive index whereas absorption and refraction effect are neg­
ligible. Inhomogeneities in the refractive index are attributed to variation of the free
carrier concentration, An = A (ND - NA ) . This agrees with the measured dependence
of the refractive index, n on the doping (n-type) concentration and can be theoret­
ically related through the "Kramer-Kronlg't-relation to the fundamental absorption
process and in particular to interconduction band transitions. Even details such as
the improved phase contrast for smaller wavelength can be understood in terms of this
model.

Phase microscopy appears as an analyzing technique complementary to photoetching,
EEIC and Ramanscattering which are also sensitive to variation in fi and ND - NA ,

respectively. They are, however only surface technique, whereas phase microscopy can
also resolve microdefects in the bulk of the sample. This is particular important for
annealing studies when identical sample areas shall be compared before and after the
annealing treatment. This is not possible for the sample surface which is damaged
during the annealing due to evaporation of arsenic at high temperatures. Employing
phase microscopy annealing effects have been studied for Si-doped GaAs grown by
Vls-technique. This material exhibits an increased free carrier concentration around
dislocations, which has also been observed by photoetching, EEIC and Ramanscatter­
ing. Since the increase of fi has been attributed to Si-gettering, due to the interaction
of Si with the dislocation, it is associated with the term Cottrellatmosphere. Annealing
of Si-doped GaAs at 950 DC results in a growth of the Cottrellatmosphere, The growth
rate can be attributed to a diffusion process. This result and the very low diffusion
constant for Si in GaAs found in this work and in socalled ,,~doping experiments are
not consistent with Si-gettering forming a Cottrellatmosphere. Also general arguments
are presented indicating that the interaction energy between Si and the dislocation is
too small to explain the large extension of the Cottrellatmosphere. For these reasons
it appears that the term Cottrellatmosphere is misleading and that this atmosphere
ought to be rather attributed to a transformation of acceptors into donors. A tentative
mechanism is discussed which is based on the assumption that SiG•VG.-complexes are
present in the material. There is evidence in the literature that this complex can dis­
sociate above 900 DC; i.e. the Ga-vacancy can perform a hindered diffusion and if it
encounters a dislocation it can either contribute to formation of As-precipitates or react
with the dislocation resulting in a climbing step and the emission of an As-interstitial.
Electrically the defect reaction would transform a SiG.VG.-complex (neutral or accep­
tor) into a SiG.-donor. The proposed model would explain why As-precipiates can
be formed at dislocations as well as in the matrix and that both types of precipitates
are associated with a zone of increased donor concentration. However in agreement
with the model such a zone may also be formed without As-precipitates because of the
possible reaction of the Ga-vacancy with the dislocation.
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Annealing results at higher (>950 DC) temperatures or for GaAs doped with Te are
not well understood and require more experiments. Phase microscopy has also been
employed for studying glide processes and growth striations. Glide processes become
visible because when unlocking a dislocation from its original position the "Cottrcll'iat­
mosphere is left behind as a "fingerprint". Inhomogeneities of the doping concentration
caused by growth striation are visible by phase microscopy, however their investigation
is complicated by the fact that refraction effects cannot be completely neglected par­
ticularly for thicker samples. Annealing of growth striation in Si-doped GaAs has been
used to study the diffusion of Si which is still controversial in literature. Similar to
socalled 8-doping experiments the Si-concentration in our sample is sufficiently low to
avoid the Si-diffusion being determined by the migration of Si-pairs (SiGa - SiAs ) . The
present work confirms the low values of the diffusion constant measured by Schubert
et al employing 8-doping.

Phase microscopy cannot be used for undoped GaAs since it is only sensitive to varia­
tions in the free carrier concentration which are larger than c- 5 .10+16 cm"". Undoped
GaAs is characterized by the presence of precipitates decorating the dislocation. Cal­
ibration measurements by TEM which are currently being performed, indicate that
precipitates larger than se 0.2 fim in diameter become visible in darkfield contrast due
to the scattered light. Since the distance between individual decoration precipitates
is typically 2 - 10 fim the configuration of the dislocation lines is also revealed by
darkfield images. This means that darkfield images can provide information about the
dislocation structure and precipitation effects:

(i) Although darkfield images do not allow to determine Burgersvectors of dislocation
they provide evidence that the majority of dislocations belong to the (111) [110]­
slipsystem with line vectors u = [110J and particular [112]. We also observe
dislocation of the (110) [110] slipsystem with a [100J Iincvector and sometimes
dislocation of the (113) [110] slipsystem with u= [112].

It is interesting that on twin boundaries a dislocation type (111) [112], u= [110] is
observed which is not present elsewhere in the material. The density of dislocation
on twin boundaries is much higher than in the adjacent matrix. It appears that
the tv/in boundary acts as a soure or sink for dislocations. It is not clear whether
the twin boundary dislocations are related to the formation of twins and how
they are interconnected with the dislocation network of the crystal.

(ii) Dislocation cell structure as well as lineage is observed in VB-crystals. Some
evidence is presented against interpreting cell structure as due to constitutional
supercooling effects. Lineage has been recently associated with the formation
of sessile [11 Ol-dislocations. The present results, however indicate that lineage
should be attributed to poligonisation of dislocations.

(iii) From the configuration of dislocation lines and by comparing decoration features
with the associated dislocation (revealed by photoetching) it becomes clear that
climbing processes of dislocations play an important role. It should be noted,
however that for several decoration features it is not clear whether they are due
to climb or glide processes.

(iv) Due to macrosegregation the stoichiometry of the melt can vary during the growth
of one crystal over a large range (e.g. 1.01 < GalAs < 1.25). In agreement with
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the literature we find that even for the most Ga-rich melt the crystal still contains
As-precipitates, which grow in number and size upon annealing at 950 DC. This
indicates that As-rich crystals can be grown from a highly Ga-rich melt (Gal As =
, "5'1." ).

(v) In agreement with the literature we find that As-precipitates grow during anneal­
ing at 950 DC and can be dissolved above 1100 DC. During a subsequent annealing
treatment at 950 DC the dislocation are decorated again by As-precipitates. It is
interesting to note that for Si-doped GaAs the growth at 950 DC as well as the
dissolution of As-precipitates at 1100 DC is much more sluggish than for undoped
GaAs.

The results of birefringence images of dislocations clearly show that the contrast is
dominated by the stress field of the dislocation and by background stresses. The
influence of decorating defects (As-precipitates and "Cottrell"atmosphere) on the other
hand can be neglected. Birefringence images at high magnifications are an excellent
technique to reveal the dislocation line in great detail. The dislocations typical for twin
boundaries could be identified as edge dislocations with the slip plane parallel to the
twin boundary i.e. b has a [112J-direction.

For the first time differential interference contrast in transmission mode was employed
to image dislocations. It appears that this technique can provide similar information
as phase microscopy.
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