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The tracer diffusion coefficient of six different permanent gases in polymer-grafted nanoparticle (GNP)

membranes, i.e., neat GNP constructs with no solvent, show a maximum as a function of the grafted chain

length at fixed grafting density. This trend is reproduced for two different NP sizes and three different

polymer chemistries. We postulate that nonmonotonic changes in local, segmental friction as a function of

graft chain length (at fixed grafting density) must underpin these effects, and use quasielastic neutron

scattering to probe the self-motions of polymer chains at the relevant segmental scale (i.e., sampling local

friction or viscosity). These data, when interpreted with a jump diffusion model, show that, in addition to

the speeding-up in local chain dynamics, the elementary distance over which segments hop is strongly

dependent on graft chain length. We therefore conclude that transport modifications in these GNP layers,

which are underpinned by a structural transition from a concentrated brush to semidilute polymer brush, are

a consequence of both spatial and temporal changes, both of which are likely driven by the lower polymer

densities of the GNPs relative to the neat polymer.
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The addition of nanoparticles (NPs) to a polymer matrix

can create materials with dramatically improved thermo-

mechanical properties [1]. However, the tendency of

inorganic (hydrophilic) NPs to aggregate in a (hydro-

phobic) polymer matrix is deleterious to achieving these

property improvements. A method to overcome this diffi-

culty is to tether polymer chains onto the NP surface [2] to

create polymer-grafted nanoparticles (GNPs). Matrix-free

GNPs (no added solvent or free polymer) are one-compo-

nent systems, and hence have no NP agglomeration issues

especially at large grafting densities. They display unique

properties such as enhanced gas transport properties [3],

ion conduction [4], and hypersonic phononic behavior [5],

and are useful in drug delivery [6], self-healing [7], and in

the creation of stronger materials [8,9].

While these materials are thus of considerable interest,

little is known about how the architecture of an individual

GNP (namely the graft density, molecular weight, and core

diameter) and the macroscale assemblies they form control

multiscale dynamics and properties. Polymers grafted to a

spherical surface are particularly unique since the area

available to a chain increases as r2 (r is the distance from

the NP center)—i.e., the chain feels less crowding from

other grafts on the same NP as one moves away from the

grafting surface [10,11]. This fact underpins a structural

transition from a concentrated polymer brush (CPB, where

brushes on adjacent NPs do not interpenetrate) to a semi-

dilute polymer brush (SDPB) with increasing graft length at

fixed graft density [12].

Previous work from our group has shown that the

diffusivity (D) of light gases in pure GNPs displays

nonmonotonic behavior as a function of graft molecular

weight (Mn) at fixed grafting density σ, with a maximum in

D occurring in the vicinity of the CPB-SDPB transition [3].

For the particular case of 14 nm diameter spherical silica

nanoparticles (NPs) with σ ≈ 0.47 chains=nm2, this tran-

sition occurs for Mn ≈ 88 kDa. This maximum D can be

interpreted as a minimum in local friction experienced by

the gas as a function of graft length. Extensive in situ small

angle neutron scattering experiments with added solvent

show no indication of any spatial heterogeneity in these

GNPs [13]. Quasielastic neutron scattering (QENS) experi-

ments on GNPs in dilute solution showed that segmental

dynamics in the CPB regions are slower than in the SDPB

domain of a grafted polymer layer, i.e., that the CPB has

higher local friction [14]. Since these results do not appear
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to explain the D results discussed above, we postulate that

studies of neat GNPs (with no added solvent or free

polymer) are necessary.

We thus probe the local dynamics of neat GNPs (with no

solvent) where the graft Mn was varied systematically in a

series of experiments. QENS data, which are sensitive to

this scale (≤3 nm), when analyzed with a jump diffusion

model show that both the frequency and size of jumps in the

GNP samples are different from the corresponding polymer

melt samples (with no NPs). These results, in combination,

explain the remarkable, nonmonotonic transport properties

as a function of Mn, implying that grafting has an effect on

both spatial and temporal behavior of the graft polymers.

Spherical SiO2 NPs (14� 4 nm diameter, Nissan) were

functionalized with poly(methylacrylate) brushes at σ ≈

0.47 chains=nm2 using surface-initiated reversible-addi-

tion-fragmentation-chain-transfer polymerization [15].

Further details on the functionalization procedure can be

found in the SupplementalMaterial [16]. A series of samples

with differing Mn—29, 41, 61, 80, 88, 100, 136 kDa,

respectively, were tested (more details in Fig. S3, Table S1).

A single pure polymer sample (Mn ≈ 96 kDa), with no

added NPs, was deemed sufficient to characterize the

ungrafted, unfilled polymer analog; no changes are found

in local dynamics as a function of chain length in this

range [19,20].

Incoherent neutron scattering was performed on the high

flux backscattering spectrometer (HFBS, q ≈ 2–15 nm−1,

t < 2000 ps) at the NIST Center of Neutron Research [21],

on SPHERES, the spectrometer for high energy resolution

(q ≈ 3–17 nm−1,t < 2500 ps) operated by the Jülich

Centre for Neutron Science (JCNS) at the Heinz Maier-

Leibnitz Zentrum [22], and on IRIS (q ≈ 5–18 nm−1,

t < 150 ps) at the ISIS Neutron and Muon Source [23].

Background contributions from the sample holder were

subtracted and the data were normalized via a vanadium

reference to account for detector efficiencies. It was then

transformed into the time domain and divided by the

instrumental resolution function measured at 4 K to obtain

the intermediate scattering function. All scans were per-

formed at 420 K, which is ≈130 K above the glass

transition temperature of the bulk polymer and the com-

posites (Tg ≈ 290 K for all samples). Sample thicknesses

were optimized to ensure that the neutron transmission was

always >90%. The data were reduced using the software

DAVE [24], MANTID [25], and SLAW [26], respectively.

Although the coherent scattering length density of

silica (ρcoh;SiO2
∼3.4 × 1010 cm−2) is relatively high, the

incoherent scattering from the hydrogen atoms along the

polymer chains (ρinc;PMA ∼ 19 × 1010 cm−2) still accounts

for greater than 90% of the total scattering even for GNP

samples containing more than 10 vol % SiO2. Integrated

elastic intensities from IRIS confirm that no structural

features are observable in the q range of interest, ensuring

that the motions observed in the dynamic structure

factor are due to polymer self-motion (see Supplemental

Material [16], Fig. S2). Figure 1(a) shows a representative

spectrum obtained for a GNP with Mn ≈ 88 kDa and the

reference polymer at a single wave vector, q ¼ 11.1 nm−1

collected on HFBS. (Further comparisons are shown in

Fig. S4.) The composite data are broader than the bulk

PMA, indicating a larger extent of relaxation within the

instrumental time window for the grafted chains. This fact,

of a speeding-up of relaxation on grafting, is a major result

of this work.

Figure 1(b) shows the transformed spectra for

q values varying from 2 nm−1 up to 14.2 nm−1 for

Mn ≈ 88 kDa. The data were fit to the function: Iðq; tÞ ¼
AðqÞ expf−½t=τðqÞ�βg þ C with a stretching factor β while

the background term C represents the contribution from

FIG. 1. (a) Dynamic structure factors measured on HFBS for a composite withMn ≈ 88 kDa (red star) and bulk PMA (black square) at

q ¼ 11.1 nm−1 showing differences in broadening. The maximum value of the scattering function was normalized to unity in each case

to account for differences in the sample thickness and total scattering. (b) Intermediate scattering functions for the Mn ≈ 88 kDa

composite from q ¼ 2 nm−1 to 14.2 nm−1 at 420 K. Red lines are fits to a stretched exponential function. (c) Stretching exponents β for

the grafted chains. The gray region defines the range of stretching exponents observed for the bulk polymer with its corresponding error

estimate. The stretching exponents are all within error of each other.
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elastic scattering. For the composite we expect there to be

an effective elastic contribution from the NPs and a surface

layer of the tethered polymers (due to their extremely slow

relaxations). To quantify this contribution, plateau values

of the intermediate scattering function at long times

(t > 2000 ps; q > 10 nm−1; see Supplemental Material

[16], Fig. S7) were used. Based on these numbers, the

thickness of this immobile layer is estimated to be ∼1 nm,

similar in magnitude to that reported for more conventional

composites [27]. For the neat polymer a constant β ¼
0.43� 0.02 was used, in line with Plazek and Ngai’s

estimate [28]. The stretching exponent does not change

appreciably for the grafted chains as shown in Fig. 1(c),

unlike observations made for NPs dispersed in a polymer

matrix [29]. No q dependence of the stretching factor is

observed for all materials used (see Supplemental Material

[16], Fig. S6).

We find that the Mn ≈ 88 kDa GNP has characteristic

relaxation times faster than the corresponding reference

polymer for all wave vectors [Fig. 2(a)]. As the β values

are the same for the grafted and pure (no NP) samples

[Fig. 1(c)], this trend signifies faster average relaxation

processes for the grafted polymer chains. Further, in all

cases, there is a “break” in the data in Fig. 2(a)—for smaller

q the relaxation times follow a q−2=β scaling, while for

larger q, we obtain a q−2 scaling consistent with local

diffusive motion. The crossover between these two limiting

behaviors occurs at smaller wave vectors for the grafted

samples relative to neat polymers [Figs. 2(b), S6] indicating

that locally diffusive dynamics are apparently persistent to

larger length scales in the GNPs. These results indicate that

a grafted chain experiences fewer local constraints than the

corresponding pure polymer. More justification for this

statement will be provided below. There is a caveat that the

structure factors only decay to about 0.7–0.8 for the lower q
data over the time scales probed. Thus, the relaxation times

deduced at these q values should be seen as lower limits to

their actual values.

Extending this analysis to composites with different Mn

[Fig. 2(c)] shows that the average relaxation times (aver-

aged over a q range of 4–14 nm−1) of the grafted polymer

chains when normalized by the neat polymer are always

less than 1; i.e., the segmental dynamics of the grafted

chains are significantly faster than the neat polymer.

Further, this acceleration is essentially independent of

Mn, except for the lowest grafted chain which is signifi-

cantly less sped up. These conclusions are very different in

character from the experimentally measured gas diffusivity

in these media, which show a strong maximum in the

vicinity of a Mn ≈ 88 kDa. In fact, we expect that the gas

dynamics should be slave to the relevant friction (or local

viscosity) which are controlled by local chain dynamics. The

mean relaxation time data derived from the QENS in this

fashion thus cannot rationalize the trends for gas diffusion.

We now examine the experimental data more carefully to

resolve this discrepacy. The dispersion of the relaxation

times with a wave vector, e.g., Fig. 2(a), shows two features.

(i) A crossover from a scaling of q−2=β to q−2 occurring at an
intermediate q value. The scaling of relaxation time with the

exponent −2=β is a universal feature that has been observed

in several polymers and glass formers, originating from the

subdiffusive motion of the polymer segments [30,31]. (ii) A

nonmonotonic shift in the crossover q values to lower wave

vectors for shorter chains; similarly, the crossover shifts to

lower q’s when we go from free PMA chains (with no NP) to

the GNP samples at the same Mn. These results clearly

imply that there are changes in spatial correlations on

grafting, which are ignored when we only consider changes

in relaxation times as discussed above. To include this effect,

the relaxation time data are fit to a jump diffusion model

proposed by Arbe et al. for polymer melts [32,33]: τðqÞ ¼

τ0½1þ ð1=q2l2
0
Þ�1=β, where τ0 is the time between successive

FIG. 2. (a) Comparison of the q dispersion curves for a composite with Mn ≈ 88 kDa (black square) and a bulk polymer with

Mn ≈ 96 kDa (green circle). (b) Crossover q’s (empty circle) for the two asymptotic behaviors observed for the different grafted

samples. The gray band corresponds to the crossover wave vectors for the bulk polymer. The Mn ≈ 29 kDa (HFBS) and Mn ≈ 80 kDa

(SPHERES) have no evidence for a crossover within instrument parameters—the error bars extending to zero on the y axis point to this
fact. The point at zero molecular weight is the pure PMA (with no NPs). (c) Relaxation times of the composites normalized to the bulk

polymer after summing across all wave vectors. The dashed line is a guide to the eye. Data were measured on HFBS.
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jumps of characteristic jump length l0, which reflects the

average distance moved by a participating segment. This

model has been successfully used to describe the motions of

several polymer melts [34,35] and we can describe our

observed relaxation time dispersion with the adjustable

parameters τ0 and l0 [Figs. 3(a)–3(c)].

Both the jump length and relaxation times are affected by

the grafting process—the segments of the grafted polymers

execute longer jumps for the Mn ≈ 29 kDa and 88 kDa

samples than the melt chains with no NPs [Fig. 3(b)]. This

jump relaxation could be thought of as a decaging

phenomenon, where a relaxational hop opens up a pathway

for diffusive transport. Similarly, the relaxation times are

much faster (τ0) than for the free chains [with no NP, except

for the 29 kDa sample, Fig. 3(c)]. The Mn ≈ 61 kDa

sample, e.g., is 6–7 times faster relative to the neat polymer.

While the relaxation time has complicated behavior at low

Mn, it appears to level off beyond the transition to the

SDPB regime. A scaled polymeric diffusion constant

D ∼ l2
0
=6τ0 calculated from these data shows nonmono-

tonic behavior with a clear maximum at Mn ≈ 61 kDa

[Fig. 3(d)]. When normalized to the value in the bulk

polymer, the effective diffusion constant of the grafted

polymer is always greater than 1 and has a peak value ∼5

for the Mn ≈ 61 kDa graft; these trends are similar to the

nonmonotonic behavior of the diffusion coefficient of CO2

[Fig. 3(d)]. While quantitative differences persist between

these segment-level diffusivities and the experimental gas

diffusion data, the jump diffusion model data provide a

better description of gas transport than a model that

only includes changes to relaxation times [Fig. 2(c)].

Parenthetically, we note that there are two possible sources

of the quantitative discrepancy between the QENS and the

gas diffusion data—the QENS are performed at a higher

temperature (420 K) than the gas transport experiments

(308 K). We know a priori that the response of the diffusion

coefficient to temperature changes is not the same for all

membranes, thus possibly driving the maximum to another

molecular weight (see Supplemental Material, Fig. S1).

Second, there need not be a one-to-one correspondence

between the computed local chain diffusion coefficient and

the gas diffusion coefficient due to differences in sizes

between the two and the connectivity of the segments of the

polymer chains.

Based on these results, it is apparent that transport

processes must be governed by a combination of larger

segmental jumps and faster relaxations. While the mean

decaging jump length l0 demonstrates less than a twofold

variation over the whole range of Mn [Fig. 3(b)], it is the

distribution of this quantity that shows surprising behavior

(see Supplemental Material [16], Fig. S9). We focus

particularly on the Mn ≈ 88 kDa sample, whose distribu-

tion of jump lengths are clearly broader than for all the

other grafts (except the 29 kDa sample). This broadening is

particularly clear in regions comparable to the sizes of the

gas molecules of interest, typical kinetic diameters

>0.3 nm. This finding, which is echoed by PALS mea-

surements [3], implies that it is easier to find microscopic

diffusive pathways for gas molecules in the Mn ≈ 88 kDa

sample. This might help to explain the unusual transport

measurements.

We now ask as to the molecular cause of these faster

dynamics in the vicinity of the CPB-SDPB transition. For

dense short chains grafted on to spherical NPs, the systems

have to respect the noninterdigitating nature of brushes on

neighboring particles while keeping the system close to

spatially uniform in terms of polymer density. We hypoth-

esize that these conflicting requirements lead to an increase

in the molar volume of the chains over the reference melt.

On increasing the chain length above the CPB-SDPB

transition (Mn ≈ 88 kDa), the chains interdigitate because

of the increased surface area available to the chains with

increasing distance from the NP core. Thus, the total

available free volume decreases back towards the neat

melt value. This nonmonotonic transport behavior of these

GNPs is thus a thermodynamic consequence of the CPB-

SDPB transition [12,14,36], as has been previously verified

through pyconometry measurements [3].

FIG. 3. (a) τβ vs q with fits to the jump diffusion model (solid line). (b) Jump length l0 extracted from the model for all composites

tested. The gray band corresponds to the jump length for the reference polymer melt (no NPs). (c) Relaxation time τ0 for the diffusive

jumps. The bands represent the corresponding fit values for the reference polymer melt. (d) Normalized segmental diffusivity for the

composites (black circle). Normalized diffusivities of CO2 in the GNPs are plotted (red symbols) as a function of Mn. Similar

nonmonotonic behavior is observed for the two, although quantitative differences persist.
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Previously, Holt et al. [37], who reported faster seg-

mental relaxations below the glass transition temperature,

also emphasized the importance of density changes on

grafting chains to NPs. No structural origins of this density

decrease were provided. Similarly, Holt and Roland found

that the β relaxation is accelerated in poly(tetramethylene-

oxide-di-p-aminobenzoate) oligomers grafted to NPs [38].

These works should be contrasted to the results of

Mark et al., who used a combination of neutron spin

echo and neutron backscattering on short polyisoprene

(Mn ≈ 5 kDa) based GNPs, to show that local chain

dynamics remain unchanged relative to the (ungrafted)

polymer melt [39]. While this result agrees with the

findings of Kim et al. [40], there are no density measure-

ments in these cases (or corresponding transport data) to

clearly identify the causes of this different behavior.

Nevertheless, Fig. 3(d) implies that the diffusion enhance-

ment in the GNPs disappears when we consider short

chains, and hence we believe that the works of Mark et al.

[39] and Kim et al. [40] are in a different region of

parameter space than our work.

This GNP scaffold thus provides a facile, controllable

way of altering segmental dynamics (and hence the

dynamics of an entrained penetrant). More detailed studies

are required to understand the effects of grafting density,

distribution of relaxation times along the backbone of the

chain (via isotopic labeling), crossover to Rouse-like

relaxation, and how topological confinement affects seg-

mental relaxations for entangled chains. While we have

focused our investigation on only one polymer, based

on the behavior of diffusion data for other composite

systems [3], we expect similar behavior from other polymer

chemistries as well.
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