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The origin of the complex reflection splitting in potassium sodium niobate, doped with lithium and
manganese, was investigated using temperature-dependent high-resolution X-ray and neutron
diffraction as well as electron probe microanalysis and scanning electron microscopy. Two structural
models were developed from the diffraction data. A single-phase monoclinic Pm model is known from
literature and is able to reproduce perfectly the diffraction patterns. However, a model with phase
coexistence of two classical orthorhombic Amm2 phases also can reproduce the diffraction data with
equal accuracy. Scanning electron microscopy in combination with electron probe microanalysis
revealed segregation of the A-site substituents potassium and sodium. This favours the model with
phase coexistence and demonstrates the need for comprehensive analyses with complementary
methods to cover a broad range of length scales as well as to assess both average and local structure.

1. Introduction

The influence of the microstructure on diffraction patterns is a widely discussed issue in materials
science. For piezoceramics in particular, not only the grain morphology but also the microstructure of
the grains themselves play crucial roles. The more common solid solutions, such as lead zirconate
titanate (PZT) [1] and barium titanate (BT) [2], exhibit complex domain structures, especially in the
vicinity of the phase boundaries [3-5]. These complex structures cause anisotropic reflection
broadening since the domain walls interrupt the ideal structure and prevent the development of a
homogeneous crystal structure throughout the grains [6,7].

With the improvement of diffraction techniques, the phase diagrams of many piezoelectric systems
have been revised [8-16]. While most systems can be characterised in terms of rhombohedral,
orthorhombic, or tetragonal phases, high-resolution measurements have revealed the existence of
monoclinic phases [17-19]. For lead zirconate titanate (PZT), a monoclinic Cm phase has been
proposed at the phase boundary between the tetragonal PAmm and the rhombohedral R3m phases
above room temperature [17]. Below room temperature the R3m phase transforms to R3c with
oxygen octahedral tilting. This low-temperature modification subsequently was found to exhibit
monoclinic Cc symmetry instead of rhombohedral R3¢ symmetry [20].

In the lead-free bismuth sodium titanate (BNT) system, the rhombohedral R3c phase was reported
to be of monoclinic Cc symmetry [21] and this was confirmed with single-crystal diffraction [18]. A
similar discussion remains pending for the potassium sodium niobate (KNN) system. For the
composition KosNagsNbOs;, there remains uncertainty whether the structure is orthorhombic
Amm?2 [22] or monoclinic Pm [13]. However, this represents a special case since Amm?2 does not



describe a primitive cell; it contains two formula units and two of the axes are primitive [110]c
directions. Different lattice parameters for these two axes result in a rhombic distortion of the (001)
plane, giving the primitive cell monoclinic symmetry [19]. In contrast, the Pm structure is set up as a
primitive cell, resulting in the possibility of having three different lengths for the primitive axes [19].

The rationale for the preceding cases often is based on the agreement factors for Rietveld
refinements [14-16,21,23,24]. Since the complex real structure generates anisotropic reflection
broadening, the increased number of reflections representing the monoclinic phases assists in
modelling the measured profiles. Only a few studies have provided evidence of lower symmetry by
clear reflection splitting [17-19].

For undoped PZT, a clear additional reflection has suggested a monoclinic modification [17].
However, other studies have attempted to explain this observation by either coherent scattering of
the nanodomains or phase coexistence [25]. It is only with BNT that a single-crystal diffraction
experiment has demonstrated unambiguously the existence of monoclinic reflection splitting [18].
Further, only with powder diffraction data has pronounced reflection broadening been observed [21].

All high-performance piezoceramics are located near phase boundaries in systems exhibiting solid
solubility. The best known system is PZT with B-site substitution of zirconium by titanium [1]. Both
BNT and KNN are A-site substituted while, for BT, a typical combination includes A- and B-site
substitutions with Ca and Zr, respectively, to form the complex system (1-x)Ba(Zr,Tii.y)Os«(Ba,Cai-
.)TiO3 [10]. Grinberg et al. [26] showed by density functional theory (DFT) calculations that the
distribution of the substituted species influences the local structure of the material.

The present study demonstrates the challenges of structure determination for KNN-based
functional piezoceramics. The complex microstructure results in diffraction patterns that can be
interpreted in terms of low symmetry or phase coexistence. Based on agreement factors alone,
neither of the models can be considered as definitive. However, a supported conclusion can be drawn
using a combination of microstructural and elemental analytical methods.

2. Experimental

KNN-LizMn{[(Ko.asNao.asLio.0a) (Nbo.asMno.02) O3] was produced from K,COs, Na,COs, LioCOs (all 99 wt%),
Nb,Os (99.9%) (Chempur Feinchemikalien und Forschungs GmbH, Karlsruhe, Germany), and MnO,
(95%) (Merck Chemicals Darmstadt, Germany). The powders were dried at 220°C for 4 h in order to
remove moisture. Stoichiometric amounts of the starting oxides were batched but 2 mol% excess of
the carbonates were used in order to compensate for losses during sintering [26,27]. The powders
were mixed and milled using an attrition mill (NETZSCH-Feinmahltechnik GmbH) operating at 500 rpm
for 2 h with ethanol as medium and 3 mm yttria-stabilised zirconia balls as grinding media. The solvent
(ethanol) was removed using a rotary evaporator (Rotavapor R-100 BUCHI Labortechnik AG, Flawil,
Switzerland), after which they were placed in alumina crucibles and calcined in a tube furnace at 850°C
for 4 h at a heating rate of 3°C/min, followed by cooling at 10°C/min. Following calcining, the attrition
milling process was repeated in order to homogenise the powders and to reduce the average particle
size of the powders to <1 um. The powders then were cold isostatically pressed (wet-bag method) at
300 MPa for 2 min. The samples were placed on alumina supports and sintered in air at 1050°C for 1
h, using a heating rate of 2°C/min and a cooling rate of 10°C/min.

High-resolution synchrotron X-ray powder diffraction data were obtained using flat-plate
transmission geometry at the B2 beamline at Deutsches Elektronen-Synchrotron (DESY) in Hamburg,
Germany [28] using the Analyser Crystal Detector at a beam energy of 18 keV (A = 0.6881 A) with a



step width of 0.002° 20. High-resolution neutron powder diffraction data were obtained from a
sintered cylindrical sample of ~400 mm? using the SPODI beamline at the Maier Leibnitz-Zentrum in
Garching, Germany [29]. This beamline operates at a wavelength A = 1.548 A using a bank of eighty
position-sensitive 3He detectors that cover a 160° scattering range. High-temperature measurements
were performed in situ in a high-temperature furnace in the range 300-500 K. Since the furnace
elements consisted of niobium, it was necessary to heat under vacuum (10 mbar) in order to prevent
oxidation.

Rietveld refinement was performed using the Fullprof Software package [30]. Refinement of
phases with rhombohedral (R3c), monoclinic (Pm), orthorhombic (Amm?2), tetragonal (P4mm), and
cubic (Pm3m) symmetry was implemented in the structure model. The background was refined using
linear interpolation between points from the regions where no reflections contributed to the
intensities. The profile function was described using the Thompson-Cox-Hastings pseudo-Voigt
model [31]. The lattice parameters, atomic positions, and isotropic atomic displacement parameters
Biso for all suitable elements were refined. The integral breadth was calculated after subtraction of
instrumental broadening and the implementation of a model for anisotropic peak broadening,
developed by Stephens [32]. This model considers the case of an anisotropic distribution of strain, in
which the diffraction peak width increases in proportion to the diffraction order. The instrumental
broadening was determined by a Rietveld fit of a high-resolution measurement recorded at ambient
temperature of the standard reference material LaB6 (SRM 660a, National Institute of Standards,
NIST) for X-ray measurements and Si (SRM 640c, National Institute of Standards, NIST) for neutron
measurements.

The elemental distributions were analysed by electron probe microanalysis (EPMA; JEOL JXA-
8500F, Tokyo, Japan) equipped with four wavelength dispersive spectrometers (WDS) that were
individually optimised for the detection of the different elements. Quantitative microstructural
analysis of the EPMA scans was performed using ImagelJ [33].

3. Results
3.1. Powder diffraction

The authors recently published a report of doped KNN that showed clear reflection splitting [19].
The data were modelled unambiguously with a monoclinic Pm structure, the evidence for which is
shown in Figure 1a). There also is direct evidence of reflection splitting from the monoclinic angle,
e.g., for the 110c reflection (arrow in Figure 1a) inset 1)), and the three different axial lengths of the
primitive unit cell, e.g., for the 200c reflection (Figure 1a), inset Il). Although the insets of Figure 1a)
indicate imperfect agreement between the measured data and the fit, closer examination suggests
that the cause is the complicated profile and anisotropic reflection broadening due to microstrain.
Analysis of the reflection widths by Rietveld refinement confirms this assessment and reveals the
strongest anisotropy for the 200c reflection, with microstrains of 0.104% for the 020Mm reflection,
0.238% for the 002m reflection, and 0.333% for the 200m reflection. These anisotropic microstrains
are well known to originate from lattice mismatch at domain walls [34,35].
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Figure 1: Rietveld refinement of a) & c) high-resolution synchrotron X-ray diffraction data and b) & d) high-resolution neutron
diffraction data for KNN-Li2Mn. The red dots show the measurements, the black curves indicate the calculated diffraction
patterns, and the blue curves show the difference of fit. The green vertical lines indicate the positions of the Bragg reflections.
a) & b) show the fit for a single-phase Pm structure model. Inset 1) shows the 110c reflection with clear splitting into the 110m
and the 111w reflection (arrow) due to the monoclinic angle. The reflection clearly is comprised of four reflections instead
of three when space group Amm?2 is used. Inset Il) depicts the 200c reflection with clear threefold splitting due to the three
different monoclinic primitive axes. Inset I1l) shows clear threefold splitting (101°, 102° and 103.5° 28) of the 400c reflection.
c) & d) show a fit for a structure model with two phases of space group Amm2. Inset IV) shows fourfold splitting of the 110c
reflection; inset V) shows threefold splitting of the 200c reflection; inset VI) shows threefold splitting of the 400c reflection.
As the niobium heat shield gives rise to a clearly visible 110 reflection at about 38.5° and the vanadium sample container
gives rise to a 110 reflection at about 42.5°, these phases are included in the fitting.

Further analysis by high-resolution neutron diffraction, shown in Figure 1b), depicts the Rietveld
refinement with the same structure model used for the high-resolution synchrotron X-ray diffraction
data. The threefold splitting of the 00/ reflections can be observed and is modelled adequately by the
fit (Figure 1b), inset Ill). The authors have published this structure model, albeit with less detail, for
the same material [19]. Other studies reached the same conclusion for similar KNN compositions,
although without clear reflection splitting [8,13,36—39]. The present work appears to resolve such
clear reflection splitting for the first time, which is attributed to the extraordinary angular resolution
of the X-ray and neutron diffraction data.



Since KNN-Li2Mn showed the features of Pm symmetry clearly and distinctively, its temperature-
dependence was investigated in further detail using neutron diffraction. A previous X-ray study
suggested the existence of phase transformations to tetragonal at ~150°C and to a paraelectric cubic
phase at ~450°C [19]. Therefore, data were obtained for the material at temperatures within the
tetragonal range (250°C, Figure 2a)) and above the Curie temperature (500°C, Figure 2b)).

Surprisingly, it was not possible to refine the data above the Curie temperature using a cubic space
group. All higher indexed reflections show clear splitting. The most appropriate method of describing
the structure is with the use of two identical cubic phases of different lattice parameters. Figure 2b)
shows the Rietveld refinement at 500°C with two cubic phases P} (a1 = 3.98997(7) A) and PZ (a; =
3.98337(10) A). The distinct splitting of the highest indexed reflection 422c¢ (arrows P} and PZ in inset
in Figure 2b)) clearly shows that the material is comprised of more than a single-phase.
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Figure 2: Rietveld refinement of high-resolution neutron diffraction data of KNN-Li2Mn at a) 250°C and b) 500°C. The red
dots show the measurements, the black curves indicate the calculated diffraction patterns, and the blue curves show the

difference of fit. The green vertical lines indicate the positions of the Bragg reflections. The insets show the clear splitting of
the 422c reflection.

As the niobium heat shield gives rise to a clearly visible (110) reflection at about 38.5° and the vanadium sample container
gives rise to a 110 reflection at about 42.5°, these phases are included in the fitting.

Closer examination of the results for the tetragonal stability region at 250°C shows that the
measured data can be described only by the existence of two phases as well (P¥ and P2, Figure 2a)).
In this case, two tetragonal PAmm phases with different lattice parameters allow adequate modelling
of the observed data. In light of these results for the measurements at 250°C and 500°C, the
measurements at room temperature require reassessment. The literature [8,19] and earlier
observations suggest that the phase transformation sequence in KNN-Li2Mn should be:

50°C 450°C _
Amm2 — PAmm — Pm3m

Careful revision of the refinements reveals that the room-temperature data can be modelled with
two similar phases as well: P} and P3. Accordingly, the monoclinic phase is not necessarily needed to
refine the structure.

A use of two Amm?2 phases also results in good agreement between fit and observations for both
high-resolution synchrotron and neutron diffraction data ((P5 and P3, Figure 1 c) & d)). While the



refinement with the synchrotron data (Figure 1c)) appears similar to that using Pm (Figure 1a)), the
model is not capable of reproducing the threefold splitting of the 400c reflection with neutron
diffraction (Figure 1d)), resulting in a slightly inferior fit. Since orthorhombic phases exhibit fewer
degrees of freedom than monoclinic phases, the fit of the pronounced anisotropic reflection
broadening is limited.

Table 1 lists details of the refinements for the different temperatures and structure models. The R-
values and x? for the synchrotron refinements at room temperature reveal that the two-phase model
is better, with sixty-three fit parameters compared to forty-three for the single-phase model. Since
this is a significant increase of the number of degrees of freedom, this result is not surprising. The
agreement factors for neutron diffraction indicate an inferior fit for the two-phase model in spite of
the significant increase in the number of degrees of freedom. With increasing temperature, the quality
of the neutron refinements decreases together with the number of fit parameters.

Table 1: Details of the Rietveld refinements for the different temperatures and structure models. The number of refined
parameters is given for every discussed structure model, temperature and measurement. Goodness of fit parameter (x2),
profile (Rp) and weighted profile R-factor (Rwp) are given as well.

Temperature Room Temperature 250°C 500°C
Source XRD ND ND ND
Phases Pm Amm?2 + Amm?2 Pm Amm2 + Amm2 | P4mm + P4mm Pm3m + Pm3m
No. of

Parameters 43 63 49 66 39 27
Re 15.10 15.00 4.81 5.65 6.46 9.20
Rwp 18.40 17.70 5.01 5.82 6.98 9.81
X2 1.519 1.355 4.281 5.389 7.721 14.790

Considering only the agreement factors and the appearance of the fits, single-phase Pm appears
to be the correct structure model. Further, given the common symmetry evolutions with temperature,
it is highly unlikely that coexisting phases of high symmetry transform to a single low-symmetry phase
at lower temperatures. Usually, symmetry increases with increasing temperature owing to the Gibbs
free energy dependence. In principle, there are several possible scenarios in which coexisting phases
transform to a single-phase with decreasing temperature. Superlattices, spinodal decompositions, and
subsolidus miscibility gaps are such cases.

Although the coexistence of two orthorhombic Amm?2 phases at room temperature seems more
likely, it is clear that it is not possible to judge a structure model from fit parameters by
implication [40]. In fact, careful assessment of the microstructure by complementary techniques, such
as electron microscopy, followed by conclusions based on physically reasonable arguments, would be
advantageous.

3.2. Electron microscopy

In order to determine the origin of this phase coexistence and to correlate the crystallography with
the microstructure, the local microstructure was investigated using electron probe microanalysis with
wavelength dispersive spectroscopy (EPMA-WDS). Figure 3 and 4 illustrate the results of two scans of
the same area using different sample currents and dwell times.

When scanned at a lower sample current of 40 nA, a bimodal distribution of the A-site cations was
clearly evident. When the sample current was increased to 80 nA, as shown in Figure 3, the bimodal



distribution of A-site cations was even more pronounced, indicating this to be a bulk phenomenon
rather than a surface effect or an outcome of thermal etching. While potassium is enriched at the
grain boundaries, sodium has a higher concentration in the bulk of the grains. The distribution map
also exhibits regions where neither of the two elements can be found. These correspond to pores in
the sample, which appear as either black holes in the SEM image or dark grey areas between the

grains.
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Figure 3: EPMA-WDS scans of a 60 x 60 um? area with elemental mapping of K and Na as well as the corresponding SEM
image. At an accelerating voltage of 20 kV, the sample current was adjusted to 80 nA, with a dwell time of 25 ms per point
and a step width of 0.2 um for the mapping. Individual scan points are represented by spheres with diameters proportional
to the mol% of the elements.
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as the corresponding SEM image. At an accelerating voltage of 20 kV, the sample current was adjusted to 80nA, with a dwell
time of 25 ms per point and a step width of 0.2 um for the mapping. Individual scan points are represented by spheres with
diameters proportional to the mol% of the elements.

For further clarity, a second scan at a higher sample current and shorter dwell time was obtained
in order to map oxygen and manganese (Figure 4). The results show that the sample exhibits a
continuous oxygen matrix and discrete particles of manganese oxide. It is clear that the manganese



content was higher than the manganese solubility. Consequently, the manganese doping is distributed
uniformly throughout the matrix grains and shows no correlation with the A-site distribution.

The same areas depicted in Figure 3 Figure 4 were scanned (thirty points) at a sample current of
22 nA and a dwell time of 20 s in order to compare spatial distributions and counting statistics. Table
2 summarises the analysis of the two mapping scans at the selected points and compares them with
the results from the Rietveld refinement and image analyses for the Na-rich and K-rich distributions
(40 nA, 40 ms) from Figure 3.

Table 2: EPMA-WDS results*.

i,t 22nA,20s 40 nA, 40 ms 80 nA, 25 ms Image Analyses Rietveld Fit

Element Na K Na K Na K P‘l’ P?’ P‘l’ P?’
(Na-rich) (K-rich) (Na-rich) (K-rich)

x (mol%) 9.78 9.62 11.61 10.15 10.83 9.31

FWHM (%) - - 1.72 1.18 1.37 1.05

Mean x (mol%) 9.70 10.46 9.94

Mean w(%) - 1.32 1.46

Fraction (%) 50.41 | 49.59 | 5553 | 4855 | 54.46 | 46.82 52.78 47.21 52.5(5) | 47.5(5)

FWHM (%) - - 8.20 5.65 6.89 5.29

*The values measured at 22 nA were obtained from thirty selected points and summed. The values measured at 40 nA
and 80 nA are total sums for scans over the same 60 x 60um?2 area with a step width of 0.2 um. Image analyses were
performed on the Na-rich and K-rich distributions (40 nA, 40 ms) using the data in Figure 3.

The EPMA-WDS results clearly show that Na and K are segregated into different regions within the
microstructure. Na is mostly present within the grains and K is predominantly located at the grain
boundaries. The image analyses and the results from Rietveld refinement for the two orthorhombic
phases O; and O; show excellent agreement, strengthening the concept of coexistence of two similar
phases with different Na/K ratios over the entire temperature range.

4. Discussion

In summary, the EPMA-WDS, X-ray diffraction, and neutron diffraction data show segregation at
the grain boundaries, resulting in two different chemical compositions (Na/K) at the grain boundaries
and in the core of the grains. A similar core-shell microstructure has been reported before for
KNN [41,42], doped barium titanate [43,44], and barium strontium titanate [45]. Many other
important perovskite materials potentially show similar behaviour as they are either doped or have A-
or B-site substitution (e.g., PZT [46], BT [43,44], ST [47], BCT-BZT [48], BNT [49], BNT-BT [50], BNT-BT-
KNN [51], BNT-ST [45,52,53], KNN [41,54], and BSCF [55]). Accordingly, this behaviour and its origin
are of considerable interest.

In principle, segregation can have several different causes but its origin lies in the kinetics or
thermodynamics. Segregation from kinetic effects could arise during calcination. For example, if the
solid-state reaction kinetics of Na and K with Nb,Os differ, the concentrations of Na and K would be
inhomogeneous, so the species with lower diffusivity would have a lower concentration in the centre
of the particles. This phenomenon has been reported for BST [45] and BT [43]. However, the resulting
core-shell distribution is limited spatially to the initial powder particle size, which was <1 um. Since
the microstructures shown in Figure 3 and Figure 4 are very coarse, it is unlikely that segregation from



calcination or sintering would be sustained during the extensive grain growth, so kinetic issues during
calcination are unlikely.

In contrast, segregation from kinetic effects during sintering are quite probable owing to
volatilisation. The volatilisation rate of Na can be concluded to be greater than that of K owing to the
observation of the formation of K-rich surface layers [41,42,56]. The microstructure shown in Figure
3 and Figure 4 support the view that segregation occurred during the sintering process. It also is likely
that the extensive grain growth was assisted by the concentration of the alkalis in both the bulk and
at the surfaces since these ions are well known as high-diffusivity fluxes for oxides.

Thermodynamically, segregation may arise from the existence of charged boundaries and the
formation of adjacent space charge [57-59]. However, the typical width of concentration gradients
due to space charge is in the range of tens of nm while that observed in Figure 3 is of the order of
several microns. Another source of thermodynamic segregation has been designated as a complexion,
where a thin segregated (adsorption) film at the interfaces may form due to interfacial energy
minimisation [60—62]. However, since these films usually are atomically disordered and have a width
of only a few nanometres, this phenomenon is unlikely.

Finally, a plausible kinetic and thermodynamic basis for the observed segregation could be the
miscibility gap that is observed in some systems containing Na and K, including NaCl-KCl [63,64],
NaAlSi30s-KAISi3Og [65], NaNO3-KNOs [66] and NazK(AlSiO4)4—K4(AlSiO4)4 [67], although it has not been
reported for the NaNbO3;-KNbO; system [68,69]. Such a subsolidus miscibility gap could result in the
thermodynamic stability of two different material compositions. That is, a homogenous single-phase
solid solution at the sintering temperature would undergo transformation into two solid solution end-
members of different compositions upon cooling. These microstructures are indicative of the
incomplete phase separation of the Na-rich and K-rich conjugate phases, which would explain both
the appearance and evolution of the observed microstructures.

5. Conclusions

The present work shows that local variations in the substituted species distribution can lead to
phenomena that can be explained by monoclinic average symmetry as well as phase coexistence of
higher symmetry phases. Only a temperature-dependent X-ray and neutron diffraction study in
conjunction with precise wavelength dispersive spectroscopy (WDS) elemental analyses are able to
demonstrate local differences in concentrations of the substituted species, resulting in a bimodal
distribution of concentrations with different crystal structures.

This represents an extreme case of segregation (in the generic sense of this term) on the micron
scale. However, while intermediate chemical segregation down to the unit cell level is conceivable,
although this would be uncertain as such a scale. Many perovskites and other materials are known to
show such segregation at the interfaces, which may be caused by, inter alia, charged boundary cores
or interfacial stresses. The typical scale of interfacial segregation in these materials at high
temperatures is of the order of 10-500 nm [57,60,70].

The present work demonstrates that the use of Rietveld refinement alone can make structure
determinations challenging. However, the underlying mechanisms of the extraordinary properties of
some functional materials originate not just in their structures but also their complex microstructures.
Consequently, knowledge of both features of materials may be essential for the exploitation and
development of their functionalities.
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