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In displaying accelerated oxygen diffusion along extended defects, (La,Sr)MnO3+δ is an atypical acceptor-doped perovskite-type ox-
ide. In this study, 18O/16O diffusion experiments on epitaxial thin films of La0.8Sr0.2MnO3+δ and molecular dynamics (MD) sim-
ulations were combined to elucidate the origin of this phenomenon for dislocations: Does diffusion occur along dislocation cores or
space-charge tubes? Transmission electron microscopy (TEM) studies of the films revealed dislocations extending from the surface.
18O penetration profiles measured by secondary ion mass spectrometry (SIMS) indicated (slow) bulk diffusion and faster diffusion
along dislocations. Oxygen tracer diffusivities obtained for temperatures 873 ≤ T [K] ≤ 973 were over two orders of magnitude
higher for dislocations than for the bulk. The activation enthalpy of oxygen diffusion along dislocations, of (2.95 ± 0.21) eV, is sur-
prisingly high relative to that for bulk diffusion, (2.67 ± 0.13) eV. This result militates against fast diffusion along dislocation cores.
MD simulations confirmed no accelerated migration of oxide ions along dislocation cores. Faster diffusion of oxygen along disloca-
tions in La0.8Sr0.2MnO3+δ is thus concluded to occur within space-charge tubes in which oxygen vacancies are strongly accumulated.
Reasons for and the consequences of space-charge zones at extended defects in manganite perovskites are discussed.

1 Introduction

Introducing extended defects, such as dislocations or grain boundaries, into a crystalline solid constitutes
an interesting possibility for accelerating ion transport beyond the confines of compositional optimiza-
tion. For the best ion conductors, however, this possibility seems remote: [1,2] the transport of highly mo-
bile ions is evidently diminished at extended defects on account of the perturbed crystal structure. In
contrast, poor ion conductors appear to benefit from such structural perturbations. A promising avenue
of research, therefore, is the introduction of extended defects into poor ion conductors.
On this basis, one system of particular interest is the perovskite-type oxide (La,Sr)MnO3+δ (LSMO). In
contrast to other strontium-substituted lanthanum transition-metal perovskites [e.g. (La,Sr)CoO3

[3,4]],
LSMO exhibits (a) rather slow oxygen diffusion in the bulk [3–10] and (b) faster oxygen diffusion along
extended defects, such as grain boundaries [8,10–13] and dislocations, [14] than in the bulk. The low rates
of bulk diffusion are now known to arise from a combination of two factors: a very low concentration of
oxygen vacancies (oxygen-excess LSMO having a high concentration of cation vacancies that drastically
lowers the concentration of oxygen vacancies through a Schottky equilibrium [15–20]); and a low diffusivity
of oxygen vacancies (cation vacancies strongly retarding oxygen-vacancy diffusion [21]). The reasons for
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Figure 1: Accelerated diffusion along a dislocation with attendant space-charge tube in an ionic solid. (a) Fast diffusion
along the space-charge tube (bright grey arrow) relative to that in the bulk (green arrows) may occur in addition to, or
instead of, diffusion along the dislocation core (dark grey arrow). (b) The diffusion front has the same form regardless of
whether fast diffusion occurs along the core, the space-charge tube, or some combination thereof. (c) Diffusion profile ob-
tained from the two-dimensional distribution shown in (b), showing the first feature arising from bulk diffusion and the
second feature, the dislocation tail, arising from fast diffusion along the dislocation and slow bulk diffusion out of it.

fast oxygen diffusion along extended defects in LSMO are not clear, [21–23] however; such knowledge is es-
sential for tuning oxide-ion transport in LSMO for application as a cathode material in solid oxide fuel
cells (SOFC) [24–27] or as the active material in memristive devices. [28–34]

In ionic solids, there are two possibilities to explain the phenomenon of fast diffusion along dislocations [23]

[see Figure 1 (a)]: (i) diffusion along the dislocation core is faster than in the bulk on account of the ac-
tivation barrier for ion migration being lower in the core than in the bulk, as is the case in metals; (ii)
the concentration of the defects responsible for diffusion is strongly enhanced in a space-charge tube sur-
rounding the dislocation. [23,35,36] For LSMO, literature provides at present an unclear picture. On the
one hand, Navickas et al. [14], in their experimental study, proposed diffusion along the core. Atomistic
simulations of the closely related perovskite SrTiO3 show, however, that oxygen-vacancy migration along
dislocation cores is hindered. [1,37,38] On the other hand, one may be tempted to argue that space-charge
tubes are negligible in LSMO, owing to the very high concentration of electronic defects. This argument
rests on LSMO being treated as a dilute solution and on invoking dilute-solution concepts, such as the
Debye length. LSMO, however, is a concentrated solid solution, for which defect interactions need to
be taken into account in a suitable manner, for example, within Poisson–Cahn theory. [39,40,42] In other
words, there are arguments both for and against both possibilities, and a detailed examination is there-
fore warranted.
In this study, based on a careful choice of methods and system, we examined the diffusion of oxygen along
dislocations in La0.8Sr0.2MnO3+δ. As the main experimental method, we employed oxygen isotope ex-
change (18O/16O) experiments with profile determination by means of time-of-flight subsequent secondary
ion mass spectrometry (ToF-SIMS). The method is well established [3,41,43–46], and has in the present case
the particular benefit of providing unambiguous diffusion data. An isotope profile in the solid, consisting
of two features, each displaying a characteristic mathematical form [47] constitutes unambiguous evidence
of slower bulk diffusion and faster diffusion along dislocations. One problem, though, is that a single dif-
fusion profile cannot differentiate between the two possibilities of diffusion along the core and along the
space-charge tube [see Figure 1 (b) and (c)]. Here, we demonstrate that the origin of fast oxygen diffu-
sion along dislocations in LSMO can be clarified by obtaining experimental data as a function of temper-
ature and by performing molecular dynamics (MD) simulations of oxygen diffusion to aid the interpreta-
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Figure 2: Thin film characterization of a La0.8Sr0.2MnO3 film (marked as F) on a SrTiO3 substrate (marked as S). (a)
In-situ recorded RHEED intensity oscillations for thin film growth, that were integrated from (00)/(01) reflection (framed
in the reflection pattern gray/red respectively). Reflection patterns are shown for the intial substrate and for the finally
grown thin film of 130 nm thickness (deposition completed after 6400 s). b) Surface morphology of the grown thin film
obtained by AFM for a 2 µm × 2 µm wide area. (c) 2Θ − Θ-scan along (00L)c obtained by XRD after oxidative treatment:
due to lattice mismatch, La0.8Sr0.2MnO3 film peaks are shifted to higher angles next to the SrTiO3 peaks; the absence
of further peaks confirms epitaxial growth. (The resulting out-of-plane lattice constant of La0.8Sr0.2MnO3 is 3.86 nm.)
(d) Weak-beam dark-field (WBDF) image: in the La0.8Sr0.2MnO3 film, dislocations appear bright on a dark background.
Note that the image is a 2D projection and hence that the dislocations are not necessary equidistant. The inset shows
the diffraction condition, where the transmitted beam is framed with a circle and the excited diffraction spot g=(101) is
framed with a square.

tion of experimental results. Such simulations permit atomic scale insights into a dislocation-containing
system at finite temperatures.
As a suitable system, we chose epitaxial La0.8Sr0.2MnO3 (with apc,lit = 3.883 Å [48,49]) on SrTiO3 (STO)
(a = 3.905 Å). Specifically we made use of the mismatch (−0.56%) between film and substrate that,
upon relaxation of the tensile strain, generates edge dislocations perpendicular to the surface [50,51] (rather
than plastically deforming samples macroscopically [52,53] or microscopically [54]).

2 Results

We begin by confirming that the films grown by pulsed laser deposition (PLD) are epitaxial, under ten-
sile strain, and smooth. Reflection high-energy electron diffraction (RHEED), performed during film
growth, indicated a layer-by-layer growth mode, as shown in Figure 2(a). The grown thin films of 130 nm
thickness displayed in addition a smooth surface morphology, according to the RHEED pattern recorded
after growth and according to the AFM analysis [see Figure 2(b)]. An r.m.s. surface roughness of ap-
proximately 260 pm was achieved. Figure 2(c) shows a 2Θ − Θ scan along (00L)c (referring to cubic
STO) obtained by X-ray diffraction (XRD) after oxidative treatment; it indicates (i) that the thin films
are epitaxial and (ii) that after the treatment they are not fully strained but at least partial relaxed.
A weak-beam dark-field (WBDF) image of the system after oxidative treatment is shown in Figure 2(d),
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Figure 3: 18O diffusion profiles obtained for La0.8Sr0.2MnO3+δ by means of ToF-SIMS analysis shown as normalized iso-
tope fraction n∗r (x, t) versus depth x. At all temperature examined, two features are seen in the diffusion profiles (see Fig-
ure 1), and the penetration depth does not exceed the thickness of the thin film. Also plotted are the fits to Equation (1)
for the bulk (grey lines) and to Equation (2) for the dislocation tails (blue lines).

with the inset (lower right) showing the diffraction condition. The WBDF image clearly indicates the
presence of dislocations reaching into the film from the surface, mainly parallel to the (100) plane. Since
the lines’ intensity is homogeneous along their length, this strongly suggests that their line vector is l =
[001]. The Burgers vector of these dislocations, calculated according to g · b = 0, is b = [010]. WBDF
images obtained for different parts of the film indicated far fewer dislocations, that is, the distribution of
dislocations is not homogeneous over the film, making it difficult to determine a characteristic disloca-
tion density. The zone-axis diffraction patterns (SI, Figure S1) allow us to exclude the possibility of the
observed extended defects being domain walls, i.e., they are also consistent with the presence of disloca-
tions.
It was important to grow relatively thick films with low surface roughness, in order to enhance the qual-
ity of the diffusion data. Short bulk diffusion profiles obtained by SIMS may well be distorted by surface
roughness, [55] and dislocation tails may yield imprecise data if the tail is flattened by the diffusion front
reaching the end of the film.
Several ToF-SIMS measurements were carried out on each isotope-exchanged sample. An example profile
for each investigated temperature is plotted in Figure 3 as normalized isotope fraction against depth x
(with all obtained profiles shown in Figure S2, S3, S4). All measured profiles displayed two features, as
expected [cf. Figure 1 (c)], and the forms of these features strongly suggest that the first feature is due
to bulk diffusion and the second, to fast diffusion along the dislocation and slow bulk diffusion out of it.
Indeed, the first feature can be described quantitatively in all cases with the appropriate solution of the
diffusion equation (diffusion into a homogeneous medium from a large volume of isotope with surface-
limited incorporation),

n∗
r (x, t) = erfc

 x

2
√
D∗,b

O t

 (1)

−

exp

(
k∗Ox

D∗,b
O

+
k∗O

2t

D∗,b
O

)
× erfc

 x

2
√
D∗,b

O t
+ k∗O

√
t

D∗,b
O

 ,
to yield bulk diffusion coefficients D∗,b

O and surface exchange coefficients k∗O; while the second feature
shows the expected mathematical form [47] of lnn∗

r ∝ x. We determined the characteristic slope

Zdis =
∂ lnn∗

r (x, t)

∂x
, (2)
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Figure 4: Oxygen tracer diffusion coefficients D∗
O obtained for La0.8Sr0.2MnO3+δ versus inverse temperature T−1 : A,

bulk diffusion (thin films, this study); B, dislocation diffusion (thin films, this study); C, bulk diffusion (ceramics, by De
Souza et al. [8]); D, bulk diffusion (single grains in a ceramic, by Fearn et al. [9]); E, bulk diffusion (thin film, by Navickas et
al. [14]); F, dislocation diffusion (thin film, by Navickas et al. [14]). The dashed lines for dataset B indicate that the values

obtained for D∗,dis
O depend on the pipe radius r assumed in the analysis (see text).

over the range 6 ≤ η ≤ 10 (where η = x/
√
D∗,b

O t). This range of η was used by Chung and Wuensch [56]

in their analysis of fast grain-boundary diffusion, as it starts beyond the extension of the bulk diffusion
profile (η < 4) but often remains above the background-noise level. We used this range here for these
reasons, and also so that it is evident over which lengths Zdis is determined.
According to the standard treatment from Le Claire and Rabinovitch [47], which assumes fast diffusion
occurring perpendicular to the surface along tubes of radius r, the tracer diffusion coefficient of oxygen
along the dislocation is obtained from Zdis with

D∗,dis
O =

A2D∗,b
O

(Zdis)
2 r2

, (3)

where α = r/
√
D∗,b

O t and A = f(α) was taken from Le Claire and Rabinovitch [47]. Obtaining D∗,dis
O

requires therefore r to be specified, but this quantity depends on which mechanism is operative (core dif-
fusion versus space-charge tube diffusion) and is thus unknown a priori. Consequently, we took three dif-

ferent values, r [nm] = {0.5, 1.0, 1.5}, and obtained values of D∗,dis
O accordingly. All oxygen tracer diffu-

sion coefficients obtained in this study are shown in Figure 4, together with literature data. At a given
temperature, D∗,dis

O is higher than D∗,b
O by just over two orders of magnitude. Decreasing r from 1.0 nm

to 0.5 nm leads to an increase in D∗,dis
O by a factor of ca. 3, while increasing r from 1.0 nm to 1.5 nm de-

creases D∗,dis
O by a factor of 0.6. The enthalpies of oxygen diffusion for dislocations and for bulk are sur-

prisingly similar, with ∆Hdis,r=1 nm
D = (2.95±0.21) eV and ∆Hb

D = (2.67±0.13) eV. The effect of varying
r has only a small effect on the activation enthalpy ∆Hdis

D (see Table 1).
Comparing, first, our activation enthalpy for bulk diffusion of oxygen in La0.8Sr0.2MnO3+δ with litera-
ture values reported for ceramics, [7,8] single grains in a ceramic [9] and thin films, [10,11] we find that our
value of ∆Hb

D = (2.67 ± 0.13) eV lies fairly centrally within the range of 2.3 eV to 3.2 eV (see Table 1).

In addition, our values of D∗,b
O agree very well with reported data for ceramics [8,9] and thin films. [14] In

this way, we establish that our bulk diffusion data constitute a firm basis for the subsequent analysis.
Turning, then, to D∗,dis

O , we find but a single data point in the literature with which we can compare our
data, and this was obtained for La0.8Sr0.2MnO3 thin films on LaAlO3 by Navickas et al. [14] with the as-
sumption of r = 1 nm. Their value is more than one order of magnitude higher than ours, and this dif-
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2.1 Discussion

Table 1: Activation enthalpy for oxygen tracer diffusion ∆HD in La0.8Sr0.2MnO3+δ. The upper section lists values ob-
tained for the bulk phase, ∆Hb

D. The lower section summarizes results for the dislocations, ∆Hdis,r
D , obtained in this study

for different assumed radii r within which faster diffusion occurs.

∆HD [eV]
bulk

This study 2.67± 0.13
Yasuda et al. [7] 3.07± 0.20
De Souza et al. [8] 2.80± 0.13
Fearn et al. [9] 3.18± 0.25
Navickas et al. [11] 2.56± 0.20
Saranya et al. [10] 2.30± 0.16

dislocations
This study with:
r = 0.5 nm 3.06± 0.21
r = 1.0 nm 2.95± 0.21
r = 1.5 nm 2.86± 0.20

ference may be due to the use of rather thin films by Navickas et al. [14], or it may be due to the type of
dislocations being different or to the chemistry of the dislocation cores being different. [13,23]

We move now to the results obtained by MD simulations. It is important to note that the initial struc-
tures of dislocations that we generated (see Computational) were not stable in the simulations at finite
temperatures. Attributing this behavior to the charge of the cores, positively charged (La3+/Sr2+)O2−

and negatively charged Mn3.2+(O2−)2, we modified the compositions to produce neutral cores, Sr2+O2−

and Mn4+(O2−)2, and found that these compositional changes yielded stable dislocation core structures
[see Figure 5(a)]. Introducing oxygen vacancies to the dislocation cores [37,57] or to the bulk regions, and
monitoring the mean-squared-displacement of the oxide ions, 〈r2O〉, over an MD simulation, we observed
that for both dislocation and bulk regions [Figure 5(b) and (c)] the evolution as a function of time was
similar for all three directions of the simulation cell at two temperatures: 〈r2O〉z ≈ 〈r2O〉x ≈ 〈r2O〉y. If
preferential oxygen diffusion along the dislocation cores had occurred, we would have observed 〈r2O〉z �
〈r2O〉x ≈ 〈r2O〉y.
From the MD simulations we extracted the trajectories of successful oxide-ion jumps. We observed that
at the beginning of the simulations a few vacancies leave the dislocation cores, and that during the sim-
ulations some oxide ions jump into the remaining vacancies along 〈110〉 directions in a zig-zag manner
in and out of the cores (〈110〉 constituting the jump directions for oxide-ion migration in the bulk). The
migration barriers, however, are evidently similar to those in the bulk, since the 〈r2O〉 values did not de-
viate from one another substantially. No jumps directly along the cores were detected, despite the high
site fraction of oxygen vacancies. That is, although sites are available for oxide-ion migration, the barri-
ers are evidently too high to allow diffusion along the core to take place.

2.1 Discussion

Dislocations are widely termed fast diffusion paths. Strictly speaking, they should be termed faster dif-
fusion paths, since their presence only becomes apparent in a diffusion experiment when diffusion along
them, however fast or slow it is, is faster than in the bulk. Fast(er) diffusion along extended defects is
not absolute, but relative. Consequently, the key quantities to consider are not absolute, but relative:
the ratio of the activation enthalpies and the ratio of the diffusion coefficients.
One major result of this study, therefore, is the combination of ∆Hdis

D /∆Hb
D = (1.12± 0.13) and

D∗,dis
O /D∗,b

O = 102.25±0.09. This combination argues strongly against diffusion occurring along the cores
and for diffusion occurring predominately within space-charge tubes. In the standard explanation of fast
diffusion along dislocations (derived from work on metals), it is the lower activation enthalpy of diffusion

that is responsible for the higher rate of diffusion. [58,59] If we start with our D∗,b
O data and modify only

the activation enthalpy, we would have to use ∆Hdis
D ≈ 2.25 eV in order to achieve D∗,dis

O /D∗,b
O = 102.25±0.09.
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Figure 5: MD simulations of b = [010], l = [001] dislocations in La0.8Sr0.2MnO3. (a) Sections of the simulation cell
showing two different types of dislocation core, MnO2-type (top) and SrO-type (bottom), indicated by the black boxes [La
(blue), Sr (purple), Mn (yellow), O (red)]. Mean-squared-displacements of oxide ions along the x, y and z directions (colors
according to (a)) of the simulation cell as a function of time at two different temperatures (T2 = 2500 K, T1 = 2000 K) for
oxygen vacancies placed at the cores (b) and in the bulk (c).

Since the observed activation enthalpy is much higher, ∆Hdis
D = (2.95 ± 0.21) eV, this inconsistency sug-

gests that the standard explanation — diffusion along cores — is highly unlikely. The space-charge tube
explanation would avoid this inconsistency by augmenting D∗,b

O by a term that reflects the accumulation
of oxygen vacancies in the space-charge tube, that is, a term proportional to
exp[2eΦ0(T )/kBT ], [60] with 2e as the charge of the oxygen vacancies and Φ0(T ) as the temperature-dependent
space-charge potential.
Indeed, a second major result is that the ratio of the activation enthalpies, ∆Hdis

D /∆Hb
D = (1.12 ± 0.13),

is equal to or higher than unity. A ratio substantially lower than unity would be expected if dislocation
cores provide the predominant path for diffusion. In fact, for grain boundaries in oxides with dilute so-
lutions of point defects it has been demonstrated [60] that diffusion along space-charge layers can give rise
to ∆Hgb

D /∆H
b
D up to, but not higher than, unity [depending on the specific behavior of Φ0(T )]. Since

fundamentally different behavior is not expected for Φ0(T ) at dislocations, it appears that ∆Hdis
D /∆Hb

D ≤
1 is physically reasonable; effects arising from defect interactions between the high concentration of charge
carriers in La0.8Sr0.2MnO3+δ may be expected, though, to generate some differences (see below). Hence,
on this basis, faster diffusion of oxygen along dislocations in La0.8Sr0.2MnO3+δ is a space-charge phe-
nomenon.
Let us examine two more complicated possibilities. Since the ratio of the diffusion coefficients is approx-
imately constant, a higher pre-exponential factor for the dislocation case would account for the observed
experimental data. The increase required, of over 5 kB, does not seem physically impossible, but it does
seem extraordinary that the activation entropy of migration would be altered, but not the activation en-
thalpy. More importantly, an increased activation entropy would be apparent in the MD simulations,
and this was not the case: vacancy diffusion was essentially unaffected. Thus this possibility can be safely
excluded.
The second complicated possibility concerns altered oxygen-vacancy concentrations in the core. Since
∆HD can be considered to be the sum of two terms, ∆HD = ∆Hmig,v + ∆Hgen,v (with ∆Hmig,v as the ac-
tivation enthalpy of vacancy migration and ∆Hgen,v as the enthalpy of vacancy generation, which charac-
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Figure 6: Possible scenario to explain fast diffusion along dislocations in La0.8Sr0.2MnO3+δ caused by a space-charge tube.
Shown are selected charge-carrier concentrations on a log scale around a dislocation core.

terizes the change in vacancy concentration with temperature), one could claim that a decrease in ∆Hmig,v

could be (over-)compensated by an increase in ∆Hgen,v, giving in total an unchanged or even higher sum.
The latter requires, however, that the defect thermodynamics of oxygen vacancies in the core differ to
those in the bulk, and this then demands [40,42,61,62] that the possibility of charged dislocations and space-
charge zones is taken into account. Furthermore, a lower value of ∆Hmig,v can be discounted, since our
MD simulations of oxygen tracer diffusion (Figure 5) indicated oxide-ion migration along oxygen-deficient
dislocation cores was not faster than in the bulk.
For oxygen diffusion to be accelerated within space-charge tubes around dislocations in La0.8Sr0.2MnO3+δ,
oxygen vacancies — the point defects responsible for oxygen diffusion — have to be accumulated in the
space-charge tubes. In the extensively studied perovskite system of acceptor-doped SrTiO3, oxygen va-
cancies are depleted in the space-charge tubes around dislocations. [1,37,52,62–67] The depletion arises from
oxygen vacancies re-distributing from bulk to core in response to their Gibbs formation energy being
lower in the core, [23,61,62] and in this way, giving the core a positive charge. This depletion results in oxy-
gen transport being hindered by dislocation arrays. [52,63,64] To explain why dislocations in
La0.8Sr0.2MnO3+δ behave differently, we require a different scenario, and the simplest is sketched in Fig-
ure 6. We assume that the dislocations cores in La0.8Sr0.2MnO3+δ are negatively charged, as this results
in charge carriers with positive effective charge (oxygen vacancies) being accumulated and those with
negative effective charge (acceptor dopant cations and cation vacancies) being depleted. The origin of
the negative core charge is unclear, but on account of the high concentration of cation vacancies present
in La0.8Sr0.2MnO3+δ,

[15–20] we tentatively propose that the charge comes from cation vacancies segregat-
ing from bulk to the dislocation cores. Quantitative calculations of charge-carrier profiles around a dislo-
cation are outside the scope of this study, since a Poisson–Cahn approach [39,40,42] is required for this con-
centrated solution of defects, and this in turn requires an improved defect-chemical model for the bulk
defects chemistry. A Poisson–Cahn approach is interesting because it may conceivably produce
∆Hdis

D /∆Hb
D > 1.

Looking at Figure 6, we recognise an interesting additional effect that could follow from the behavior of
cation vacancies. Since such species strongly inhibit the diffusion of oxygen vacancies, [21] their depletion
within a space-charge tube means that the diffusivity of oxygen vacancies can no longer be taken as con-
stant within a space-charge tube but will increase towards the core. Such effects may also conceivably
produce ∆Hdis

D /∆Hb
D > 1.

The increase in oxygen diffusivity along dislocations is relatively modest, at least for these dislocations.
This means that very high dislocation densities (∼ 1012.5 cm−2) are needed to increase the overall rate of
oxygen diffusion through an LSMO thin film by a factor of 20 at T = 923 K, for example. Nevertheless,
there is the possibility of altering the dislocations’ nature and chemistry in order to modify the space-
charge tubes. It may thus be possible to achieve the same increase at much lower dislocation densities,
or much higher increases at the same dislocation density.
The presence of space-charge zones at dislocations in La0.8Sr0.2MnO3+δ implies that other extended de-
fects, such as surfaces, grain boundaries and hetero-interfaces, will also have space-charge zones present.
Indeed, studies of faster grain-boundary diffusion of oxygen in La0.8Sr0.2MnO3+δ yield relatively high val-
ues of ∆Hgb

D /∆H
b
D, namely of (1.17 ± 0.07) [8], (0.84) [10] and (1.31) [11]. Perhaps the system for which

8



there are the most consequences is porous SOFC electrodes. Modeling such systems [68–70] will need to in-
clude space-charge effects on oxygen incorporation reaction from the gas phase into the oxide, the possi-
bility of faster oxygen diffusion just below the surface within an accumulation space-charge layer, which
would extend the active regions beyond the three-phase boundary of gas|electrode|electrolyte; and the
transfer of oxide ions across the two-phase boundary between electrode and electrolyte. [71–73]

3 Concluding remarks

We combined a variety of experimental and computational methods to study the phenomenon of accel-
erated oxygen diffusion along dislocations in La0.8Sr0.2MnO3+δ. We concluded that this phenomenon
cannot be explained by a lower barrier for oxide-ion migration along the cores. Rather, the presence of
space-charge tubes enveloping the dislocations provides a consistent and comprehensive model of the
observed behavior by explaining why D∗,dis

O /D∗,b
O = 102.25±0.09 is not inconsistent with ∆Hdis

D /∆Hb
D =

(1.12± 0.13) and by explaining the high value of ∆Hdis
D /∆Hb

D = (1.12± 0.13). We suggested that cation
vacancies are responsible for generating negatively charged dislocations and positive space-charge tubes
in which oxygen vacancies are strongly accumulated. We also suggested that the behavior found here for
dislocations is applied to other extended defects, such as surfaces, grain boundaries and interfaces with
other oxides.

4 Methods Section

Experimental :
La0.8Sr0.2MnO3 thin films were grown by pulsed laser deposition (PLD) on single-crystalline (001)-oriented
STO substrates. The substrates (Shinkosha, Yokohama, Japan) were first treated in buffered HF for 150
s and then annealed at 950 ◦C for 2 h in synthetic air in order to achieve a smooth, TiO2-terminated
surface. [74]

Ablation of an La0.8Sr0.2MnO3 ceramic target (Toshima Manufacturing, Higashimatsuyama, Japan) em-
ployed a pulsed KrF excimer laser (248 nm wavelength) with a laser frequency of 5 Hz, a laser fluence
of 2.8 mJ mm−2 and a laser spot size on the target of 1.2 mm2. The target-to-substrate distance was
55 mm, the substrate was held at 850 ◦C through a resistive heater and the total pressure in the cham-
ber was 0.24 mbar O2. The growth was monitored in situ by reflection high-energy electron diffraction
(RHEED). After growth a sample was cooled at 10 ◦C min−1 to room temperature in around 200 mbar
O2. Subsequently, films were given an oxidative treatment at 700 ◦C in synthetic air for 3 h.
After the oxidative treatment, samples were characterized by means of atom force microscopy (AFM;
Cypher, OxfordInstruments Asylum Research, Santa Barbara, USA) and X-Ray diffraction (XRD;D8
Discover, BrukerAXS, Karlsruhe, Germany) with a monochromatic Kα1 X-ray beam. Electron diffraction
and transmission electron microscopy (TEM) imaging were performed on a FEI Tecnai F20 at 200 kV.
A TEM specimen was cut by focused ion beam (FIB) milling on an FEI Strata400 system with a Ga+

beam.
18O/16O exchange experiments were performed according to the standard procedure. [3,44] A sample was
first annealed in oxygen of normal isotopic abundance at the temperature T of interest and at pO2 =
200 mbar for a duration of approximately ten times that of the subsequent isotope exchange anneal. The
sample was then quenched to room temperature and subsequently exposed to 18O-enriched oxygen gas
for a time t at temperature T and at pO2 = 200 mbar (see SI, Table S1 for details). Isotope profiles in
the exchanged samples were measured by time-of-flight secondary ion mass spectrometry (ToF-SIMS) on
a ToF-SIMS IV machine fitted with a ToF-SIMS.5 analyzer (IONTOF, Münster, Germany). Secondary
ions for ToF analysis were generated by raster scanning a beam of 25 keV Ga+ over 80 µm × 80 µm.
Sputter etching of the surface was achieved by raster scanning 1 keV Cs+ over 300 µm × 300 µm. Neg-
ative secondary ions were recorded with a ToF cycle time of 50 µs. Additionally, a beam of low-energy
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electrons was used for charge compensation. The pressure within the chamber was below 2 · 10−9 mbar
during this analysis. Crater depths were determined post-analysis by interference microscopy.

Computational :
Molecular dynamics (MD) simulations, based on the Born model of ionic solids, were carried out with
periodic boundary conditions by means of the Lammps code. [75] The set of empirical pair potentials de-
rived by Islam et al. [76] were used (with a cut-off of 12 Å). Simulations were performed in the NpT en-
semble with constant particle number N at various temperatures in the range of 2000 ≤ T [K] ≤ 3000
and a pressure of p = 0. The simulation cell consisted of two anti-parallel 6◦ symmetrically tilted grains,
ten unit cells thick, and was originally created for cubic STO. [57] It was adapted, first to LaMnO3, by
changing the composition and the cell dimensions, and then to La0.8Sr0.2MnO3, by substituting at ran-
dom 20% of La3+ with Sr2+ and compensating the excess charge by increasing the charge of all Mn ions
to +3.2. The resultant cell has two periodic arrays of edge dislocations, of Burgers vector b = [010]
and line vector l = [001], alternating between a positively charged (La/Sr)O-type core and a negatively
charged MnO2-type core. In order for oxygen diffusion to occur, oxide ions were deleted either from the
dislocations or from the bulk region between them, the additional charge being compensated by a uni-
form background charge. During performed simulations the cell displayed a cubic bulk phase (SI, Fig-
ure S5).

Supporting Information
Supporting Information is available.
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A. Palau, J. Suñe, T. Puig, Adv. Electron. Mater. 2019, 1800629, 1.

[31] L. Yao, S. Inkinen, S. Van Dijken, Nat. Commun. 2017, 8, 1.

[32] N. Jedrecy, V. Jagtap, C. Hebert, L. Becerra, D. Hrabovsky, A. Barbier, X. Portier, Adv. Electron.
Mater. 2021, 7, 2000723.

[33] B. Meunier, D. Pla, R. Rodriguez-Lamas, M. Boudard, O. Chaix-Pluchery, E. Martinez, N. Cheva-
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A judicious combination of experimental and computational methods is used to identify the origin of faster oxygen diffu-
sion along dislocations in the perovskite-oxide (La,Sr)MnO3+δ. Taken together, the results from 18O diffusion experiments
and from molecular dynamics (MD) simulations indicate that faster diffusion cannot occur along the structural core of the
dislocations, but rather along enveloping space-charge tubes.
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